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1 Abstract
(Bulk) metallic glasses ((B)MGs) are known to exhibit the highest yield strength of any
metallic material (up to 5GPa), and show an elastic strain at ambient conditions, which is
about ten times larger than that of crystalline materials. Despite these intriguing mechanical
properties, BMGs are not used as structural materials in service, so far. The major obstacle
is their inherent brittleness, which results from severe strain localization in so-called shear
bands. MGs fail due to formation and propagation of shear bands. A very effective way to
attenuate the brittle behaviour is to incorporate crystals into the glass. The resulting BMG
composites exhibit high strength as well as plasticity. Cu-Zr-Al-based BMG composites
are special to that effect, since they combine high strength, plasticity and work-hardening.
They are comprised of the glass and shape-memory B2CuZr crystals, which can undergo
a deformation-induced martensitic transformation. The work-hardening originates from
the martensitic transformation and overcompensates the work-softening of the glass. The
extent of the plasticity of BMG composites depends on the volume fraction, size and
particularly on the distribution of the B2CuZr crystals. Nowadays, it is very difficult, if not
impossible to prepare BMG composites with uniformly distributed crystals in a reproducible
manner by melt-quenching, which is the standard preparation method. Flash-annealing of
BMGs represents a new approach to overcome this deficiency in the preparation of BMG
composites and is the topic of the current thesis.
Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMGs were flash-annealed and afterwards invest-
igated in terms of phase formation, crystallization kinetics and mechanical properties.
Flash-annealing is a process, which is characterized by the rapid heating of BMGs to
predefined temperatures followed by instantaneous quenching. A temperature-controlled
device was succesfully developed and built. The Cu-Zr-Al-based BMGs can be heated
at rates ranging between 16K/s and about 200K/s to temperatues above their melting
point. Rapid heating is followed by immediate quenching where cooling rates of the order
of 103K/s are achieved.
As a BMG is flash-annealed, it passes the glass-transition temperature, Tg, and transforms
to a supercooled liquid. Further heating leads to its crystallization and the respective
temperature, the crystallization temperature, Tx, divides the flash-annealing of BMGs into
two regimes:
(1) sub-Tx-annealing and (2) crystallization.
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The structure of the glass exhibits free volume enhanced regions (FERs) and quenched-in
nuclei. Flash-annealing affects both heterogeneities and hence the structural state of the
glass. FERs appear to be small nanoscale regions and they can serve as initiation sites for
shear bands. Flash-annealing of Cu-Zr-Al-based BMGs to temperatures below Tg leads to
structural relaxation, the annihilation of FERs and the BMG embrittles. In contrast, the
BMG rejuvenates, when flash-annealed to temperatures of the supercooled liquid region
(SLR). Rejuvenation is associated with the creation of FERs. Compared to the as-cast
state, rejuvenated BMGs show an improved plasticity, due to a proliferation of shear bands,
which are the carrier of plasticity in MGs. Flash-annealing enables to probe the influence of
the free volume in bulk samples on their mechanical properties, which could not be studied,
yet.
In addition, B2CuZr nanocrystals precipitate during the deformation of flash-annealed
Cu44Zr44Al8Hf2Co2 BMGs. Deformation-induced nanocrystallization does not occur for
the present as-cast BMGs. Flash-annealing appears to stimulate the growth of quenched-in
nuclei, which are subcritical in size and can also dissolve, once the BMG is heated to
temperatures in the SLR. Rejuvenation represents a disordering process, whereas the
growth of quenched-in nuclei is associated with ordering. There is a competition between
both processes during flash-annealing. The ordering seems to lead to a “B2-like” clustering
of the medium range of Cu44Zr44Al8Hf2Co2 BMGs with increasing heating duration. So
far, there does not exist another method to manipulate the MRO of BMGs.
If Cu44Zr44Al8Hf2Co2 BMGs are flash-annealed to temperatures near Tx, most likely
compressive resiudal stresses develop near the surface, which is cooled faster than the
interior of the BMG specimen. They hinder the propagation of shear bands and increase
the plasticity of flash-annealed BMGs in addition to rejuvenation and deformation-induced
nanocrystallization.
If BMGs are heated to temperatures above Tx, they start to crystallize. Depending on
the exact temperature to which the BMG is flash-annealed and subsequently quenched,
one can induce controlled partial crystallization. Consequently, BMG composites can
be prepared. Both Cu-Zr-Al-based BMGs are flash-annealed at various heating rates to
study the phase formation as a function of the heating rate. In addition, Tg and Tx are
identified for each heating rate, so that a continuous heating transformation diagram is
constructed for both glass-forming compositions. An increasing heating rate kinetically
constrains the crystallization process, which changes from eutectic (Cu10Zr7 and CuZr2) to
polymorphic (B2CuZr). If the Cu-Zr-Al-based BMGs are heated above a critical heating
rate, exclusively B2CuZr crystals precipitate, which are metastable at these temperatures.
Thus, flash-annealing of Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMGs followed by quenching
enables the preparation of B2CuZr BMG composites. The B2 precipitates are small, high
in number and uniformly distributed when compared to conventional BMG composites
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prepared by melt-quenching.
Such composite microstructures allow the direct observation of crystal sizes and numbers,
so that crystallization kinetics of deeply supercooled liquids can be studied as they are
flash-annealed. The nucleation kinetics of devitrified metallic glass significantly diverge
from the steady-state and at high heating rates above 90K/s transient nucleation effects
become evident. This transient nucleation phenomenon is studied experimentally for the
first time in the current thesis.
Once supercritical nuclei are present, they begin to grow. The crystallization temperature,
which depends on the heating rate, determines the crystal growth rate. At a later stage
of crystallization a thermal front traverses the BMG specimen. In levitation experiments,
this thermal front is taken as the solid-liquid interface and its velocity as the steady-state
crystal growth rate. However, the thermal front observed during flash-annealing, propagates
through the specimen about a magnitude faster than is known from solidification experiments
of levitated supercooled liquids. As microstructural investigations show, crystals are present
in the whole specimen, that means far ahead of the thermal front. Therefore, it does
not represent the solid-liquid interface and results from the collective growth of crystals
in confined volumes. This phenomenon originates from the high density of crystals and
becomes evident during the heating of metallic glass. It could be only observed for the first
time in the current thesis due to the high temporal resolution of the high-speed camera
used.
The heating rate and temperature to which the BMG is flash-annealed determine the
nucleation rate and the time for growth, respectively. The size and number of B2CuZr
crystals can be deliberately varied. Thus mechanical properties of B2CuZr BMG composites
can be studied as a function of the volume fraction and average distance of B2 particles.
Cu44Zr44Al8Hf2Co2 BMG specimens were flash-annealed at a lower and higher heating
rate (35K/s and 180K/s) to different temperatures above Tx and subsequently subjected to
uniaxial compression. BMG composites prepared at higher temperatures show a lower yield
strength and larger plastic strain due to the higher crystalline volume fraction. They not
only exhibit plasticity in uniaxial compression, but also ductility in tension as a preliminary
experiment demonstrates. Furthermore, nanocrystals precipitate in the amorphous matrix
of BMG composites during deformation. They grow deformation-induced from quenched-in
nuclei, which are stimulated during flash-annealing.
In essence, flash-annealing of BMGs is capable of giving insight into most fundamental
scientific questions. It provides a deeper understanding of how annealing affects the
structural state of metallic glasses. The number and size of structural heterogeneities can be
adjusted to prepare BMGs with improved plasticity. Furthermore, crystallization kinetics of
liquids can be studied as they are rapidly heated. Transient nucleation effects arise during
rapid heating of BMGs and they cannot be described using the steady-state nucleation
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rate. Therefore, an effective nucleation rate was introduced. Besides, the flash-annealing
process rises the application potential of BMGs. The microstructure of BMG composites
comprised of uniformly distributed crystals and the glass, can be reliably tailored. Thus,
flash-annealing constitutes a novel method to design the mechanical properties of BMG
composites in a reproducible manner for the first time. BMG composites, which exhibit
high strength, large plasticitiy and as in the case of B2CuZr BMG composites as well
work-hardening behaviour, can be prepared, so that the intrinsic brittleness of monolithic
BMGs is effectively overcome.
IV
2 Objectives
(Bulk) metallic glasses ((B)MGs) offer appealing mechanical properties due to their unique
structure. In the absence of long-range ordered structures, for instance grain boundaries and
dislocations being typical of crystalline alloys, metallic glasses exhibit room-temperature
strength much closer to the theoretical limit of the material than their crystalline counter-
parts [1, 2]. This outstanding strength combined with high hardness, large elastic strain and
high fracture toughness are attractive characteristics for structural materials [2, 3, 4, 5, 6].
Mainly due to their brittle behaviour at room-temperature and limited sample dimensions,
they have not replaced traditional materials in service so far. The specific deformation
mechanism, which is based on shear band formation and propagation, is responsible for the
brittle behaviour of metallic glasses [7, 8, 9]. Many efforts have been made to overcome
this “vulnerability” in order to control the evolution and propagation of dominant shear
bands, which quickly lead to failure.
Over the past years, scientists have proposed several concepts with the aim to increase
plasticity or ultimately ductility in tension and toughness while maintaining the high strength
of BMGs [9]. These manifold concepts range from changing the sample shape and size
[10, 11, 12, 13] over mechanical [14, 15, 16, 17, 18, 19, 20, 21] and/ or surface [22, 23, 24, 25]
pre-treatment and alloy modification [26, 27, 28, 29, 30] to the preparation of composites
[31, 32, 33, 34, 35]. Particularly, the preparation of BMG composites, which consist of one
or several crystalline phases embedded in the glass, is a promising approach. Cu50Zr50-based
BMG composites are of high interest in this respect [33, 34, 36, 37, 38, 39, 40]: They contain
B2CuZr shape-memory crystals, which not only exhibit a pronounced plastic strain but
also work-hardening due to a deformation-induced martensitic transformation [37, 39, 41].
Ductile crystals impede the propagating shear bands and ensure their proliferation. In order
to optimize the mechanical properties of BMG composites, small and uniformly distributed
precipitates are necessary [40, 39]. During deformation, they lead to a higher population
of shear bands being equivalent to a less localized deformation and greater plasticity is
achieved [42].
So far, it is very challenging to prepare uniform BMG composites. Casting technologies
using copper-moulds, which enable high cooling rates, represent the standard method to
produce BMG composites, nowadays. During quenching of the melt, crystals nucleate and
grow from the supercooled liquid and the residual liquid vitrifies when the glass-transition
temperature is passed. Adjusting a uniform distribution of crystals in the glass is extremely
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difficult, since the heat is extracted from the outside of the liquid contacting the mould
to its interior. The resulting non-uniform temperature field within the supercooled liquid
upon quenching makes it difficult to obtain uniform BMG composites. Furthermore, the
melt does not wet the whole mould at once, but flows gradually into it. In addition to that,
high crystal growth rates and low nucleation rates are accessed during cooling from the
melt. Thus, often only a few and relatively big crystals with a size of several 100 µm in
diameter crystallize within the supercooled liquid, before it vitrifies. However, a uniform
distribution of many small crystals is vital to exploit the full potential of BMG composites.
Heating metallic glasses above their crystallization temperature leads to their devitrifica-
tion involving nucleation and crystal growth. Compared to solidification, both processes
occur at an extreme undercooling leading to reduced growth rates and higher nucleation
rates [43, 44]. Thus partial devitrification followed by quenching in order to freeze-in the
obtained microstructure, represents a new and promising strategy to prepare uniform BMG
composites with small crystals.
The first aim of the present work is to design, built and test a device being capable of
rapidly heating and subsequently immediately quenching BMG specimens in a uniform
and reproducible manner. The heating and ejection process of the BMG specimen must be
temperature-controlled, so that the heating rate and temperature to which the BMG is
heated to, can be varied.
BMG composites consisting of B2CuZr particles embedded in the glass shall be prepared.
The occurrence of the shape-memory B2CuZr phase and a good glass-forming ability limit
the selection of the alloy system to Cu-Zr-Al. The high-temperature B2CuZr phase is
metastable at room temperature [45], yet rapid cooling of Cu-Zr-Al-based alloys enables to
cast B2CuZr BMG composites [37, 40, 41, 46, 36, 39]. One could speculate that the B2CuZr
phase forms as well during the devitrification of Cu-Zr-Al-based metallic glass at high
heating rates. Indeed, a recent work yields hope [47] rendering the preparation of B2CuZr
BMG composites by devitrification possible. Therefore, a rapid heating or flash-annealing
device as it is termed here, shall be developed first. Cu-Zr-Al-based BMGs are flash-
annealed at different heating rates to temperatures above the crystallization temperature
and the influence of the heating rate on the phase formation shall be unravelled. The
exact ejection temperature of the BMG specimen determines the volume fraction of the
crystalline phase(s) and the crystal size distribution of the so-obtained composite. The
immediate subsequent quenching at a high cooling rate is crucial here, since the partially
crystallized supercooled liquid must be frozen in. The mechanical properties of the BMG
composites and deformation mechanisms involved are studied. Moreover, the microstructure
of these BMG composites allows to gain knowledge about crystallization kinetics of highly
supercooled liquids during rapid heating.
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Theoretical studies have suggested that the devitrification of metallic glass at high heating
rates leads to transient effects which reduce the nucleation rate [48]. The flash-annealing
setup should enable to investigate whether non-steady state nucleation rates are present and
whether high heating rates also affect the crystal growth rates of the devitrifying metallic
glass.
The last aspect on crystallization kinetics exemplifies quite well why metallic glasses have
been in the focus of scientists for almost six decades: Besides their application potential
already mentioned, metallic glasses are also capable of giving insight into understanding
most fundamental scientific questions. Only recently, the structure of metallic glasses is in
strong focus of scientific research. Many works indicate the presence of less dense regions
on a nanoscale [49, 50, 51]. These regions are enhanced in free volume and their presence
seems to improve the plasticity of BMGs [52]. Cu-Zr-Al-based MGs are special to that
effect, since in addition quenched-in nuclei appear to be present [34, 53]. Free volume
enhanced regions (FERs) and quenched-in nuclei constitute structural heterogeneities of
MGs.
Another aim of the present work is to investigate whether and how the structural state
of Cu-Zr-Al-based MGs changes during flash-annealing and subsequent compression testing.
As MGs are heated, they embrittle first, owing to structural relaxation being equivalent to
the annihilation of FERs. If temperatures of the supercooled liquid region are accessed,
the supercooled liquid is present and rejuvenation should occur. It shall be investigated
whether the applied quenching rate is sufficient to prepare rejuvenated bulk samples. They
should exhibit larger plasticity [52]. Rejuvenation is defined as the creation of free volume
and hence increases the disorder of MGs. In contrast, quenched-in nuclei are ordered
regions. Do these nuclei, which are subcritical in size, grow during flash-annealing or do
they dissolve? This is one question, which shall be addressed in the course of this thesis.
Both competing processes, the growth of quenched-in nuclei (ordering) and rejuvenation
(disordering) represent antagonists and it will be investigated whether one process is favoured
with increasing heating duration. Furthermore, the mechanical properties of BMGs having
different structural states shall be analyzed. Not only the presence of FERs, but also
quenched-in nuclei, which could be stimulated during flash-annealing, should affect the
plasticity of BMGs.
VII
3 Fundamentals
Metallic glass can be prepared by many different processing routes like amorphization
via irradiation, vapour deposition, solid state amorphization or, most commonly applied,
rapid quenching of the liquid [54, 55]. Heat is extracted rapidly from the melt to inhibit
crystallization. Due to the liquid-like structure which is termed “amorphous”, this state of
matter exhibits some unique mechanical, corrosive and electrical properties for instance
[1, 2, 4].
Metallic glasses first attracted significant attention after Klement and Duwez [56] obtained
an amorphous Au-Si alloy by rapid quenching of the melt in 1960. After that, the systematic
search for melt-quenched metallic glass compositions began and more and more researchers
became interested in investigating them. In 1988, Inoue and co-workers prepared for the
first time bulk metallic glasses, which are defined as metallic glasses with a critical casting
thickness of more than 1mm in the smallest dimension [57]. Their development provided
specimens suitable for mechanical testing and revealed their potential as structural material
in service. Over the past six decades, significant scientific progress has been made regarding
casting technology and alloy development, so that more and more metallic glasses and
especially bulk metallic glasses with a variety of compositions have been discovered and
studied to date [2]. Beside the search of novel glass-forming liquids, intense efforts have
been made to investigate the disordered structure [4, 58, 59, 60, 61].
The first section focuses on the structure of metallic glasses (MGs) including recent
models, which explain the presence of structural heterogeneities [52, 62]. MGs can be
prepared by melt-quenching. Prior to the vitrification of supercooled liquids as they are
cooled, heterogeneous dynamics, which most likely cause heterogeneities, become evident
[63, 64, 65]. The transformation at which the supercooled liquid vitrifies, is termed glass
transition. Crystallization constitutes the other prominent transformation in metallic
glasses. It is a first-order transformation and can be described by classical nucleation and
growth theory [66]. Both phase transformations are addressed at the next section 3.2.
Furthermore, the fragility of supercooled liquids and their glass-forming ability (GFA) are
briefly introduced.
After that, the mechanical deformation mechanism of BMGs and BMG composites are
explained, as this sets the context for measures to improve the plasticity of BMGs. As
we will show, Cu50Zr50-based BMGs are special, owing to their extraordinary GFA and
deformation mechanism [34, 67]. After a short introduction of the Cu-Zr-Al system, finally
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fast annealing as a rapid heat treatment method, which can be applied to various material
classes, will be introduced in detail. Thereby, the focus is on the flash-annealing of MGs.
3.1 Structure of metallic glass
The lack of long-range order is the defining structural characteristic of glass [68]. For this
reason, no sharp reflections, which could be attributed to lattice planes, are present in
the X-ray diffraction (XRD) pattern. Instead, one can observe two characteristic broad
“maxima” (Fig.3.1.1, marked with black arrows). Metallic glass shows no discernable
microstructure like for instance grains, precipitates, interfaces, twins or dislocations as they
are typical characteristics of polycrystalline alloys. Instead, high-resolution transmission
electron micrographs display mazelike patterns (Fig. 3.1.1b).
• ••••
Figure 3.1.1: Characteristics of the structure of metallic glass. a) XRD pattern of an as-
cast Cu46Zr46Al8 metallic glass ribbon. Except of two broad “maxima”, no sharp reflections
typical for crystalline alloys are present. b) High-resolution transmission electron micrograph
of an as-cast Cu44Zr44Al8Hf2Co2 BMG. Mazelike patterns are visible.
Bernal and Scott have been the first to propose a model to describe disordered structures
[60, 61]. They approximated the atoms in metals as identical hard spheres and arranged
them as densely as possible in a random manner. The three-dimensional space, however,
cannot be filled solely with these densely randomly packed clusters without introducing
long-range translational symmetry. This problem is addressed in literature as “packing
frustration” [59, 62, 69]. Therefore Bernal suggested that holes smaller than a hard sphere
have to be incorporated into the dense random packing. Bernal termed them “canonical
holes” [61]. Altogether, according to this model five different types of holes with edges of
equal length are present as can be seen from Fig. 3.1.2. This pioneering concept known as
“the dense random packing of hard spheres” (DRPHS) model [69], has been analyzed by
2
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means of molecular dynamics (MD) simulation to determine the fraction of each hole. The
“empty” space necessary to avoid packing frustration is also termed as “free volume” [59]
and is redistributed among all hole types whereas the tetrahedra are found to be dominant
[70].
Figure 3.1.2: Schematic of the five types of holes, which are necessary to fill the three-
dimensional space according to the DRPHS-model. a) tetrahedron, b) octahedron, c)
tetragonal dodecahedron, d) trigonal prism capped with three half octahedra and e)
Archimedean antiprism capped with two half octahedra. Each panel depicts the corres-
ponding hard-sphere packing surrounding the hole (left) and the hole as purple sphere in
the center (right). Taken from [69].
Nevertheless, this first model is not valid for multicomponent systems with atoms of
significantly different radii. Furthermore, metal atoms are not spheres, and packing is
clearly not as random as following model considers.
The high density and non-directional bonding of metallic glasses already imply a structural
order [1, 59, 71, 72]. The first compelling atomic structural model for metallic glasses
has been proposed by Miracle [59]. His efficient packing (ECP) topological model, which
represents nowadays the most prevalent model, considers the differences of atomic radii while
not taking into account chemical effects. The structure of metallic glass on a short-range
order (SRO<0.5 nm [1]) is described by densely packed atomic clusters which consist of
a solute atom (α) as the centre and a first coordination shell of nearest neighbours, the
solvent atoms (Ω) (Fig. 3.1.5a) [59, 72]. These solute-centred clusters arise from the strong
tendency to form as many bonds as possible between unlike species due to the large negative
heat of mixing, which is distinctive for chemical elements of good glass-forming alloys [58].
The size and polyhedra type of these efficient packed clusters depend on the ratio of the
atomic radii between the solute and solvent atoms and are determined by the coordination
number (CN) of the solvent atoms (Fig.3.1.3). Thereby, the CN ranges from 8 to 20 [59, 73]
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and depens on the composition of the MG.
Figure 3.1.3: A series of circles depicts the influence of relative size on local packing
efficiency in two dimensions. The radius of the solvent atom (blue) increases from left to
right, whereas the radius of the solute atoms (red) is constant. Redrawn after [72].
State-of-the-art experiments [74, 75, 76, 77, 78] and especially computer simulations
[74, 79, 80] have contributed to a fundamental understanding of the SRO. Sheng et al. [74]
have analyzed the packing of solute-centered clusters of a number of model MGs using
ab-initio molecular dynamics simulations. They have validated their results by comparing
the calculated CN with measured ones and ascertained that the preference for a particular
type is controlled by the effective atomic size ratio between the solute and slovent atoms,
in accordance with the topological ECP-model. Despite the large number of polyhedra
types, certain polyhedra appear more often. For Zr-Pt [74, 77] and Cu-Zr [79, 81] MGs,
for instance, icosahedra (CN = 12) are favoured (Fig.3.1.4) and Sheng et al. have termed
these MGs “icosahedral ordered” [74].
Cu
Zr
Figure 3.1.4: Schematic of an icosahedral cluster - the structural motif of Cu-Zr-based
metallic glasses. The blue and red spheres represent Zr- and Cu-atoms. The Cu-centre is
purple highlighted. Redrawn after [81].
Cheng et al. have conducted MD simulations on Cu-Zr- and Cu-Zr-Al-based MGs in order
to investigate the corresponding SRO and the influence of Al [79]. They have concluded
that aside Cu-centered icosahedra, which are the characteristic solute-centered clusters or
“structural motif” as they term it, also a high population of distorted or incomplete icosahedra
are present in Cu-Zr-based MGs. Alloying with Al promotes icosahedral ordering and thus
greatly enhances the number of “complete” Cu-centered coordination polyhedra. Nowadays,
experimental techniques like for instance quantitative nanodiffraction, confirm simulated
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structural motifs which characterize the SRO. Indeed, they show that the icosahedral cluster
is the structural motif of Cu-Zr-based MGs [82].
Coming back to the ECP-Model; Miracle suggested that solute-centered clusters penetrate
and interconnect with each other by sharing faces, vertices, and edges, so that an extended
structure, termed the medium-range order (MRO∼ 1 nm [1]), results [59]. In order to
efficiently fill the three-dimensional space, the solute-centred clusters are themselves arranged
into simple cubic (sc), hexagonal closed-packed (hcp) or face-centred cubic (fcc) arrays [72].
The fcc cluster packing is most common for clusters with at least 12 nearest neighbours [72].
According to Miracle, two additional topological distinct solutes are necessary for ordering
- the secondary (β) and tertiary (γ) solute, which occupy octahedral and tetrahedral
interstices of the clusters, respectively (Fig. 3.1.5b). The structural order is presumed to
extend over a few clusters which have no orientational order [59, 71].
Figure 3.1.5: The fcc-cluster-packing of a Zr-(Al, Ti)-(Cu,Ni)-Be alloy according to the
ECP-model. a) Two- and b) three- dimensional illustration of a dense cluster-packing. The
α-, β- and γ-sites are occupied by the blue, purple and orange spheres, respectively. Zr
represents the solvent atoms which form icosahedra around each α-solute. Taken from [59].
In the case of CuZr-based MGs, icosahedral clusters interconnect with each other by
face-sharing as well as interpenetration [78] and thus serve as the backbone of the MG
structure [79]. The ECP-model is able to predict measured structural properties. Partial
coordination numbers, which are obtained from synchrotron radiation experiments, are in
good agreement with the ones predicted by the ECP-model [59, 72, 73]. Thus, experiments
give a quantitative verification of the predicted short-range order [73, 72]. The ECP-model
has also deficiencies, since it estimates the extent of the MRO, which is about 1 nm [72],
but is not able to exactly characterize the structure of the MRO [69]. For multicomponent
BMGs with at least four different elements, it is very challenging, if not impossible, to
differentiate between solute and solvent [79]. Cheng and Ma [79] have therefore drawn the
conclusion that the ECP-model has to be refined and consequently, Ma has just recently
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suggested a different model describing the SRO and MRO of MGs [62].
Similar to Miracle [59], he perceives clusters as fundamental motifs comprising the
structure of MGs [62]. According to Ma’s results derived from MD simulations [62, 81],
all fundamental motifs consist of tetrahedral clusters representing the basic packing unit.
Allowing each atom to participate in several clusters, enables to achieve a high packing
density. In other words, tetrahedral clusters are fragments of, for instance, icosahedral
clusters, which are the most stable and thus populous SRO type of Cu-Zr-based glasses [80].
MGs tend to maximize the number of favoured fundamental motifs, which are not ideal
in shape and distorted, so that they can be accomodated in the overall structure [79, 81].
However, since MGs are densely packed and favoured motifs cannot fill the three-dimensional
space, in addition geometrically unfavoured motifs (GUMs) are necessary. The CNs of
GUMs deviate significantly from the favoured motif and are therefore either extremely
under- or over-coordinated. They are needed for filling the three-dimensional space [62]
and connect the backbone structure comprised of favoured motifs [79, 80, 81]. The number
and kind of atoms determine which cluster represents a favoured motif [69]. Metallic atoms
are not hard spheres and interact via manybody, “soft” potentials. They prefer a chemical
local order to select favourable neighbours to lower their energy [62].
Figure 3.1.6: Schematic of a tetrahedral cluster.
According to Ma, GUMs which are less ordered regions retained during the fast cooling
of the liquid, are unstable and prone to reconfiguration evoked by heating or stress [62].
They contain on average more free volume and behave more “liquid-like” under external
stimuli [62]. Dmowski et al. [83] as well have hypothesized the presence of liquid-like
soft regions within the structure of MGs. By means of high-energy X-ray diffraction,
they have investigated in-situ the structure of metallic glasses during elastic deformation
and show that only 34 of the volume fraction of MGs deform elastically. The residual
volume fraction behaves anelastically indicating the presence of liquid-like regions. Liu
et al. [49] conducted amplitude-modulation atomic force microscopy (AM-AFM) on a
thin Zr-Cu-Ni-Al metallic glass film. A vibrating cantilever-tip ensemble scans across the
sample surface and enables to obtain the dissipated energy. The resulting energy dissipation
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map (Fig. 3.1.7a) shows randomly distributed viscoelastic heterogeneities with a domain
size of about 1-2 nm [49]. These structural heterogeneous domains, which are termed just
heterogeneites in the following, show significant anelastic deformation as is consistent with
the results of Dmowski et al. [83]. Heterogeneities correspond to more defective regions with
relatively low viscosity and elastic modulus and consequently behave liquid-like [49]. Similar
findings of Wagner et al. [50] confirm the presence of structural heterogeneities representing
“soft spots”. They detected a nanometre-scale inhomogeneous distribution of the contact
resonance frequency of Pd-Cu-Si-based MGs by means of atomic force acoustic microscopy
and concluded that soft heterogeneities on a nm-scale are present. MD simulations of Ding
et al. [81] show that these soft heterogeneities observed in experiments correlate to regions
with a high content of GUMs. The simulation box of a Cu-Zr-based MG model during
deformation shows that the atoms with the strongest participation in soft vibrational modes
are mostly in GUMs as Fig. 3.1.7b depicts. The colours indicate the different degree of
participation in soft vibrational modes. GUMs are non-uniformly distributed and form
soft spots on a nm-scale, as is consistent with Ma’s model and aforementioned experiments
[62, 81]. Furthermore, Ding et al. have superposed the locations of local motifs that have
clearly experienced plastic deformation (white circles in Fig. 3.1.7b) with the locations of
soft spots and they overlap remarkably. This finding is consistent with the GUMs-model,
since GUMs are unstable and prone to stress-induced reconfiguration.
a) b)
40 nm
Figure 3.1.7: Heterogeneities as an inherent characteristic of the structure of metallic glass.
a) Energy dissipation map of a Zr-Cu-Ni-Al metallic glass film. The map was obtained from
amplitude-modulation atomic force microscopy (AM-AFM) and local randomly distributed
soft domains (red regions) with large energy dissipation are clearly visible. Taken from [49].
b) MD simulation enables to localize regions with a high content of soft GUMs. Contour
map depicts the heterogeneous spatial distribution of Cu and Zr atoms that participate
the most in soft modes. The colours indicate the different degree of participation in soft
vibrational modes (see scale bar). The white circles mark the locations that have clearly
experienced plastic deformation. Taken from [81].
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Experiments and MD simulation definitely prove the existence of structural heterogeneities
which can be explained by Ma’s GUMs-model [62]. GUMs may be retained during the
fast cooling of the liquid [62], defintiely necessary to bypass crystallization. Heterogeneous
dynamics of metallic liquids rapidly cooled towards the glass-transition, are supposed to
lead to the formation of heterogeneities as will be shown in the next section on the glass
formation and crystallization.
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3.2 Glass formation and crystallization
A glass can be formed by cooling a liquid fast enough without intervening crystallization
[2, 58, 66, 84, 85, 86]. At cooling from the liquid state, the viscosity of the liquid increases
rapidly and, at some point, the liquid transforms into a glass. The first subsection 3.2.1
elaborates on this change termed “the glass transition” and introduces the free volume
concept. The crystallization, which is the other prominent phase change in metallic glasses
is in the focus of the following subsections. It proceeds in two consecutive stages, namely
nucleation and crystal growth. After introducing both stages and their basic kinetics
more in detail, the isothermal and isochronal devitrification kinetics of metallic glasses
are considered. At last the fragility concept (subsection 3.2.5) and glass-forming ability
(subsection 3.2.6) of supercooled liquids will be considered. The temperature dependence
of the viscosity for a supercooled liquid is captured by the so-called fragility being an
important parameter to classify glass-forming liquids.
3.2.1 Glass transition
The glass transition can be detected by changes of properties such as volume, enthalpy or
for instance entropy as a function of temperature and cooling rate [84, 85, 87]. Fig. 3.2.1
depicts the volume depending on the temperature.
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Vo
lu
m
e,
 e
nt
ro
py
Tg,1 TmTg,2
crystal
liquid
glass
supercooled
liquid
Tk
T2 T1
T2
T1
Figure 3.2.1: Change of volume, entropy and enthalpy as a function of temperature and
cooling rate. The higher the cooling rate, the faster the glass vitrifies and the higher the
glass-transition temperature, Tg. Adapted from Ref. [88].
As a liquid is cooled, its volume decreases continuously until the melting point, Tm, is
reached. Depending on the cooling rate and its composition, the liquid can either crystallize
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or vitrify. Crystallization usually occurs at a defined undercooling and configurational
rearrangements are necessary to form viable nuclei. Crystallization represents a first-order
transformation associated with a discrete change of properties like for instance the volume
as can be seen from Fig. 3.2.1. The volume of the liquid (red curve) drops abruptly when
crystallization takes place (black curve) and the corresponding crystallization kinetics are
addressed in subsections 3.2.2 and 3.2.3.
Assuming fast cooling and the appropriate composition of the liquid, crystallization can
be circumvented. As the supercooled liquid is cooled to lower temperatures, it densifies via
atomic rearrangements and its viscosity increases. The volume continues to decrease with
augmenting undercooling (purple curve) and the atoms that comprise the supercooled liquid
move more and more slowly. At some temperature the slope of the volume-temperature
curve (Fig. 3.2.1) decreases gradually. The experimentally observed volume begins to
deviate from the “equilibrium” value at this point, because the atomic rearrangements
necessary for the liquid to find the “equilibrium” volume [63] are retarded and finally cease
to exist. In other words, the atoms move so slowly that they are not able to rearrange
during cooling [63, 89, 90] and the supercooled liquid transforms into a glass (Fig. 3.2.1,
blue curve). This change is called glass transition and is not a phase formation but rather
a kinetic phenomenon [63].
The glass transition occurs continuously within a temperature range in contrast to
crystallization with its discrete transition temperature, as Fig. 3.2.1 depicts. Although
the glass transition takes place within a temperature range, one tries to assign a specific
temeperature, the glass-transition temperature, Tg (Fig. 3.2.1). Several ways are discussed
in literature how to determine Tg, which does not exactly facilitate the comparison of Tg
values [85]. The difficulties in determining the glass-transition temperature can be avoided
by defining that Tg is associated with a fixed viscosity, η, of 1012 Pa·s [66, 85].
From a thermodynamic point of view, the glass-transition is absolutely necessary. Oth-
erwise at the so-called Kauzmann temperature, TK, the entropy of the amorphous state
would become lower than that of the crystalline state, which is impossible (Fig. 3.2.1).
This contradiction is known as the Kauzmann’s paradox [91].
The viscous slowdown occuring at the glass transition, can be explained by relaxation
processes, which are addressed first, and the free-volume model. Johari and Goldstein [92]
have introduced that the glass formation can be described by relaxation processes [90, 92].
They have been the first to recognize that the vitrification of the supercooled liquid can be
expressed by the α-relaxations which disappear after the glass is formed. They have also
realized that there is a second relaxation process, the β-relaxation, which is still present
below the glass transition and is believed to be the principal source of dynamics in the
glassy state [90, 92]. Recent findings have shown that both relaxation processes are related
to each other [93] and that the β-relaxation occurs in the glass at shorter time scales
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and lower temperatures [90]. Furthermore, it is believed that β-relaxations are governed
by ramified, string-like clusters, while α-relaxations take place through activated events
involving compact regions [94].
Another approach to explain the viscous slowdown at the glass transition is the free-
volume concept. The basic idea behind it is that atoms need “free volume” to rearrange [95].
Turnbull and Cohen [96] defined the free volume as that part of the volume, which can
be redistributed without energy cost, so that voids with a critical value can form. These
voids enable then atoms to “jump” to another site [96, 97]. However, as the liquid is cooled,
relaxation processes annihilate the free volume. As a consequence less and less diffusional
atom jumps occur and the viscosity of the supercooled liquid increases as is in compliance
with the Doolitle equation (Eq. 3.2.1) [98]:
η = η0exp
{
C
vf
}
, (3.2.1)
where η0 is the viscosity at infinite temperature and represents a pre-exponential constant,
C is a constant, and vf is the free volume.
Many liquids require very fast cooling rates, but any liquid is theoretically able to form a
glass, if cooled rapidly enough [99]. Thereby, the glass transition is not only continuous, but
also depends on the cooling-rate [55]. The faster the cooling, the “earlier” the supercooled
liquid transforms to glass and consequently the higher Tg (Fig. 3.2.1). A supercooled liquid
exhibits a lower viscosity and higher volume at higher temperatures. When the liquid is
cooled faster, the glass transition takes place at higher temperatures and more free volume
is trapped in the glass.
Although the free volume theory is widely accepted, it is not free of controversy. It
is not possible to define the free volume rigorously on an atomic scale [85] and recent
experiments have shown that it does not provide a fundamentally sound explanation of
the low-temperature dynamics in fragile glass-forming liquids (subsection 3.2.5) [63, 100].
Furthermore, the free-volume concept does not describe the heterogeneous distribution of
the free volume, as recent experiments [49, 50, 83] suggest. The MRO of metallic glasses
shows a clustering of the free volume. In other words, the structure of metallic glasses
seems to show free volume enhanced regions (FERs), which correspond to GUM-enriched
regions, according to Ma’s structural model [62].
The free volume or just FERs are annihilitated when metallic glasses are annealed. This
process is called relaxation and can be detected by isochronal calorimetric measurements
as indicated by the green curve in Fig. 3.2.2. Tg is passed at further heating and the glass
transforms into the supercooled liquid, which crystallizes at higher temperatures. In the
following, the relaxation process and glass transition as the glass is heated are explained
more in detail by means of the concept proposed by van den Beukel and Sietsma [101].
The straight black line represents an approximation of the free volume being in ther-
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Figure 3.2.2: Free volume and heat flow as a function of temperature as a glass is heated.
Tg,S and Tg,E indicate the start and end of the glass transition, respectively. vf correponds
to the free volume content trapped in the glass and veq is the equilibrium concentration of
the free volume. Adapted from Ref. [101].
modynamic equilibrium [101]. At high temperatures above the glass transition the free
volume is annihilated fast enough, so that a thermodynamic equilibrium is maintained
during cooling (Fig. 3.2.2, blue curve A-B). On further cooling, the atomic mobility is
reduced and an excess amount of free volume is trapped as the supercooled liquid vitrifies
(blue curve deviates from black curve). When the glass is subsequently heated (Fig. 3.2.2,
red curve) at a constant heating rate, the excess free volume is annihilated (Fig. 3.2.2,
green curve). The free volume gradually annihilates (CD) under release of heat as the
exothermic event of the DSC curve indicates. This process is called structural relaxation
of the glass. When MGs are prepared at higher cooling rates, more free volume, which is
equivalent to a higher number of FERs, is trapped during vitrification. They show then
a stronger structural relaxation on thermal activation. At D, the free volume curve (red)
crosses the equlibrium curve. Free volume cannot be produced as easily in the glass as
in the supercooled liquid, due to the frozen-in configurational rearrangements. Therefore,
the free volume in the relaxed glass lags behind the “equilibrium” concentration of the free
volume, veq. As the glass is further heated, the glass-transition starts (Fig. 3.2.2, green
curve, Tg,S), the viscosity drops and new free volume is generated (Fig. 3.2.2, red curve
D-E). The glass transition is an endothermic event as indicated by the DSC curve (green).
At E the glass transition is completed (Tg,E on the green DSC curve), the supercooled liquid
is present and the kinetics of the free volume generation are not retarded any more. Thus,
the “equilibrium” concentration of the free volume is attained, until finally the supercooled
liquid crystallizes (not shown in Fig. 3.2.2).
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The annihilation of free volume reduces the number of FERs and it is called relaxation.
The number of FERs strongly affects the mechanical behaviour, particularly the plasticity,
of BMGs, as subsection 3.3.2 will show. Relaxation leads to the embrittlement of BMGs
[102], whereas the increase of the number of FERs, which is termed rejuvenation, represents
a measure to enhance the plasticity of BMGs.
Several apporaches to rejuvenate MGs are reported, and they are based on mechanical
processing or thermal treatments. Concustell et al. [103] have conducted shot-peening on
relaxed Pd-based metallic glass. At first, they heated the glass to a temperature below Tg
and held it there for a certain duration to induce structural relaxation. Afterwards, they
shot-peened it and detected an increase of ∆Hrelax, which is equivlaent to rejuvenation.
Chen cold-rolled as well a Pd-based BMG and observed an increase of ∆Hrelax compared
to the as-cast state upon reheating in a DSC. He has suggested that plastic deformation in
metallic glasses is accompanied by atomic regrouping being analogous to the viscous flow of
liquids [104]. Another example is high-pressure torsion, which as well induces an increase of
∆Hrelax [105]. Magagnosc et al. achieved rejuvenation of metallic glass by ion irradiation,
which causes an increase of structural disorder [106]. Only recently, Ketov et al. [52] have
demonstrated rejuvenation caused by cryogenic cycling of La-, Zr- and Cu-Zr-Al-based
metallic glasses. They suspect the existence of FERs which they term just heterogeneities.
Since the glass is non-uniform on a nanoscale, the thermal expansion coefficient varies
locally, as illustrated in Fig. 3.2.3.
Figure 3.2.3: Heterogeneous thermal expansion coefficients in the as-cast state. The
thermal expansion coefficient (represented by ellipsoids) of a glass varies locally due to
the heterogeneous nature of the structure. When the temperature is changed, these local
variations in thermal expansion cause internal stresses (red and blue regions indicate
compression and tension, respectively) to develop in the glass. Taken from [107].
Changing the temperature then induces internal stresses, which cause irreversible local
atomic rearrangements and hence rejuvenation (Fig. 3.2.4a) [52, 107]. MGs are continuously
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rejuvenated, the more cryogenic cycles are executed. However, there is a critical number of
cycles, after which the glass begins to relax [52]. This number depends on the compositon
and particularly dimension of the BMG specimen [52]. The bigger the specimens are, the
less effective the cryogenic cycling is (Fig. 3.2.4b) [52].
a) b)
Figure 3.2.4: Rejuvenation due to cryogenic cycling. a) DSC traces depict the specific
heat Cp as a function of the temperature. The heat of relaxation, ∆Hrelax, is indicated
by the shaded areas and is increased after cryogenic thermal cycles. b) Influence of the
dimension of La-based BMG specimens and number of cryogenic cycles on ∆Hrelax. A
higher relaxation enthalpy is attained for ribbons than for rods, and relaxation sets in at a
lower number of cycles for the ribbons. The data points are for individual measurements
and the changes lie outside the error range of ± 30 J/mol. Taken from [52].
Aside the above mentioned relaxation of BMGs during annealing to temperatures below Tg
(sub-Tg annealing), MGs can additionally form nanocrystals when heated to temperatures
below Tg. Wei et al. [108] have isothermally annealed Cu48Zr48Al4 BMG specimens at
a temperature of 15K below Tg for different durations ranging from 2 to 12 hours. The
metastable B2CuZr phase forms first and decomposes into the stable low-temperature
Cu10Zr7 and CuZr2 phases as can be seen from the corresponding XRD patterns (Fig.
3.2.5a). The B2CuZr nanocrystals are randomly distributed in the annealed glass and their
size ranges from 20 to 40 µm in diameter (Fig. 3.2.5b) [108].
A sub-Tg anneal was also carried out for Cu44Zr44Al8Hf2 BMG specimens which have been
held at 25, 50, 75, and 100K below Tg for a duration of 5min and have been subsequently
water-quenched [53]. Due to structural relaxation, all specimens show a lower ∆Hrelax than
the as-cast sample. For the sample annealed at 50K below Tg, annealing-induced B2CuZr
nanocrystals with a size ranging between 2 and 20 nm in diameter, could be detected by
means of HRTEM (Fig. 3.2.6). It is interesting to note that the B2CuZr phase forms
first, though it is metastable at this temperature. This finding corroborates well with the
work of Pauly et al. on deformation-induced nanocrystallization of B2CuZr [34], as will be
shown in subsection 3.3.2. B2 clusters are frozen-in during the preparation of the BMG
and their growth appears to be kinetically favoured during subsequent isothermal annealing
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a) b)
Figure 3.2.5: Nanocrystallization of Cu48Zr48Al4 BMGs due to sub-Tg annealing. a)
XRD pattern of specimens isothermally annealed at a temperature of 15K below Tg. At
first B2CuZr forms and decomposes into Cu10Zr7 and CuZr2 with increasing annealing
duration. b) Bright-field TEM-image depicts nanocrystals (dark entities). According to the
corresponding SAED pattern, they can be identified as B2CuZr. Taken from [108].
(subsection 3.5).
Figure 3.2.6: Annealing-induced precipitation of B2CuZr nanocrystals. The HRTEM
image shows that nanocrystals with a size ranging from 2 to 5 nm precipitated during sub-Tg
annealing in the Cu44Zr44Al8Hf2 BMG specimen. The inset depicts the corresponding
SAED pattern which confirms the ordered nature of the nanocrystals. The B2CuZr phase
has been identified from the lattice spacing of 0.326 nm. Taken from [53].
During the annealing of Cu-Zr-Al-based BMGs to temperatures below Tg, two interacting
processes seem to be effective: (1) the structural relaxation, and (2) the precipitation
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of B2CuZr nanocrystals. Atoms in FERs rearrange faster into ordered nanocrystalline
structures and relaxation annihilates this free volume.
One focus of the current thesis is to investigate the structural changes occuring in Cu-
Zr-Al-based BMG specimens as they are flash-annealed to temperatures below Tx. With
increasing temperature, at first FERs are annihilated at temperatures below Tg. At higher
annealing temperatures the supercooled liquid is present and the subsequent quenching
rate determines the free volume content or rephrased number of FERs. If the quenching
rate is higher than the cooling rate during the preparation of the BMG specimens, then
rejuvenation (disordering) will arise. Since quenched-in nuclei seem to grow already due
to sub-Tg annealing, it is probable that they also survive and even grow at temperatures
within the supercooled liquid region. These clusters are subcritical in size and of course
some of them should dissolve.
In summary, FERs and queched-in nuclei, which constitute structural heterogeneities,
are essential elements of the structure of metallic glasses. It shall be investigated how these
heterogeneties behave when BMGs are flash-annealed. Two competing processes seem to be
present as BMGs are flash-annealed between Tg and Tx: (1) disordering as the supercooled
liquid rejuvenates, and (2) ordering as nanocrystals grow from already existing quenched-in
nuclei.
3.2.2 Classical nucleation theory
The glass transition was treated more in detail, yet, we did not refer to the crystallization,
which is the other prominent transformation in metallic glasses. Therefore, the present and
the following subsections elaborate on the nucleation, crystal growth and devitrification
kinetics of metallic glass, respectively.
Fig. 3.2.1 illustrates the change of the volume as a function of temperature. Coming from
the melt, a discontinuous change in volume can be observed during crystallization (Fig. 3.2.1
black curve). The corresponding slope or first derivative with respect to the temperature,
dV
dT , exhibits a discontinuity at the melting point, Tm. Hence, crystallization is defined
as a first-order phase transition according to the Ehrenfest classification [109, 110, 111].
Crystallization proceeds by nucleation at which a solid-liquid interface is formed and the
advancement of the interface termed crystal growth. This phase transformation can be
described by classical nucleation theory and crystal growth theory which are the topic of
the present and next subsections, respectively [31, 44, 66, 112, 113].
According to the classical crystallization theory, nucleation results from statistical thermal
fluctuations of the liquid leading to the transient appearance and disappearance of small
regions (clusters) of a new phase within a parent phase [114]. Clusters appear and decay
continuously and spontaneously. The duration of a fluctuation mainly depends on its size
and the fluctuation only evolves into a macroscopic region of the new phase when exceeding
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a critical size. The clusters are then termed critical nuclei.
As the liquid is undercooled below Tm, the formation of critical nuclei and particularly
their growth are thermodynamically favoured over decay [110, 111, 112, 115, 116, 117, 118,
119, 120]. Fig. 3.2.7 exemplifies the driving force for crystallization per volume, which
is defined as the difference between the free energy of the liquid and crystalline state,
∆Gv [31, 44, 55, 109, 110, 111, 112, 116]. Below the melting temperature, Tm, the melt is
instable and strives to transform to the crystalline state, since its Gibbs energy, G, is lower.
∆Gv is defined as the difference in Gibbs enthalpy of the crystalline and liquid state and is
a function of the undercooling ∆T [110, 111, 112, 115, 116, 117, 118, 119, 120].
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Figure 3.2.7: Gibbs enthalpy per unit volume, ∆Gv, of the liquid and the crystalline
phase as a function of the temperature. Every system tends to minimize its Gibbs free
energy and a pure metallic liquid is crystallizing when sufficiently supercooled. ∆Gv depicts
the driving force for crystallization. Redrawn after [120].
On the one hand, at T < Tm, the crystalline state is associated with lower free energy
(Fig. 3.2.7) and thus the formation and growth of critical nuclei implies a release of energy.
On the other hand, a solid-liquid interface is created when a cluster forms, which “costs”
energy. Both contributions, which depend differently on the cluster size, determine the
change in free energy. Nucleation is only thermodynamically favoured when ∆G < 0. For
simplicity, spherical clusters are assumed and the energy balance during the formation of a
cluster can be then expressed as a function of its radius, r, as follows:
∆G =
4
3
·π·r3·∆Gv + 4·π·r
2
·σ, (3.2.2)
where σ > 0 is the interfacial free energy and ∆Gv(T < Tm) < 0 is the previously mentioned
driving force for crystallization (both parameters are taken as independent of the cluster
size). The first and second summands of Eq. 3.2.2 are termed volume and interface term,
respectively, in the following. The volume term corresponds to the reduction of the free
enthalpy and has a third-power dependence on the radius, while the interface term, which
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describes the formation of the solid-liquid interface, has only a second-power dependence.
As r increases (Fig. 3.2.8), ∆G is initially positive and goes through a maximum, at a
critical radius r∗. When r > r∗, then applies d(∆G)dr < 0 and the growth of a nucleus is
favoured, since it will lower the energy of the system (Fig. 3.2.8) [120]. In the following r∗
and ∆G∗ are deduced from Eq. 3.2.2.
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Figure 3.2.8: Free enthalpy of a crystalline cluster as a function of its radius at temperatures
below Tm. The reader is referred to this paragraph for more information. Adapted from
[119].
We obtain r∗ by differentiation of Eq. 3.2.2 with respect to r and solving for r∗after
equating to zero gives:
r∗ =
2σ
∆G
(3.2.3)
Substitution of Eq. 3.2.3 into Eq. 3.2.2 yields the activation energy of crystallization:
∆G(r∗) = ∆G∗ =
16·π·σ3
3·∆·G2
. (3.2.4)
∆G∗ is also considered as the work necessary for the formation of a critical nucleus and
represents the height of the nucleation barrier [114, 119]. Clusters with a radius smaller than
r∗ are called undercritical nuclei or embryos. They are unstable and decay spontaneously,
since their interface-to-volume ratio is large and hence the interface contribution dominates.
In contrast, clusters with a radius larger than r∗ are termed supercritical nuclei and are able
to lower the free energy by growing. However, though being of supercritical size, clusters
can be still unstable unless their size is larger than r0 = 1.5·r∗ [119]. ∆G∗ and r∗ decrease
drastically with increasing undercooling ∆T , so that more and more nuclei result. This
leads after complete crystallization to a fine-grained microstructure.
So far, we have introduced the spontaneous production of supercritical clusters [116],
which is referred to as homogeneous nucleation. The same thermodynamic considerations
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apply to heterogeneous nucleation which is the case when the melt contains solid particles
like, for instance, impurities, or is in contact with a crucible or oxide layer and nucleation
is facilitated. Instead of creating a nucleus, the melt only has to wet the heterogeneous
nucleation site, which requires a lower activation energy [120]. For more information the
reader is referred to [120]. The results of the present work do not show any hints for
heterogeneous nucleation. Therefore, in the following only the homogeneous nucleation is
considered.
After introducing the thermodynamics, we now focus on the crystallization kinetics. At
first, we are going to introduce the steady-state homogeneous nucleation rate and complete
this subsection with transient nucleation effects. Such effects are theoretically predicted
when MGs are devitrified at high heating rates [48, 121].
The first kinetic model of nucleation was derived by Volmer and Weber [122], who
assumed that clusters of n atoms grow or shrink by the addition or detachment of a single
atom [114, 116, 117, 118, 122, 123, 124]. The rates of atom-addition and -detachment are
termed forward and backward rates, respectively. Both are known as conversion rates
[114, 119]. The description of nucleation by means of conversion rates is consistent with
thermodynamics: The forward and backward rates are equal at clusters with a critical size,
r∗. Subcritical clusters are dissolving since the backward rate is larger than the forward
rate and supercritical clusters continue to grow due to the higher forward rate [114]. The
cluster size and time stronlgy affect the nucleation rate. Volmer and Weber [122] have only
considered the cluster size and not its time-dependence. Moreover, they have perceived that
the cluster population diverges at cluster sizes beyond r∗ and simply did not consider them
[114, 119, 122]. All atoms of supercritical clusters are replaced by an equivalent number of
atoms, which are continously added to the system, so that a dynamic equilibrium prevails.
As already mentioned, supercritical nuclei can be still unstable unless their size is larger
than r0 = 1.5·r∗.
The model of Becker and Döring [123, 114, 119] considers that supercritical nuclei can be
unstable and the time-independet nucleation rate, the steady-state rate, ISS , in a condensed
system is as follows [66, 119]:
ISS =
A
η
·e
(− ∆G
∗
kB ·T
)
, (3.2.5)
A being constant, η is the viscosity, kB is the Boltzmann constant, and T is the temperature.
Two terms govern the steady-state nucleation rate, ISS : At high temperatures in the vicinity
of the melting temperature, Tm, the exponential term known as the “thermodynamical
contribution” [114, 119] dominates ISS . This term contains the activation energy for the
formation of critical nuclei, which strongly depends on the undercooling (see Eq. 3.2.4).
In contrast, the viscosity, η, which represents the “kinetic contribution” determines ISS
at large undercoolings, particularly in the vicinity of the glass-transition temperature, Tg.
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This contribution reflects the atomic diffusion necessary for the transition of an atom from
the liquid state to the solid nucleus [110, 111, 112, 119, 114, 116, 125, 126, 127]. Fig. 3.2.9
schematically depicts ISS as a function of temperature. ISS rises sharply with increasing
undercooling, passes through a maximum and decreases again with further undercooling
towards Tg due to the decreasing atomic mobility. The viscosity of a supercooled liquid is a
macroscopic measure to characterize the atomic diffusion, since the diffusion coefficient, D,
can be described as a function of the inverse of the viscosity, η−1 [128]. The equation is
known as the Stokes-Einstein relation [129]:
D =
kB·T
3·π·η·a0
, (3.2.6)
where a0 is the atomic size (diameter).
Figure 3.2.9: Schematic representation of the homogeneous steady-state nucleation rate
in an undercooled melt or glass. The melting temperature, Tm, and the glass-transition
temperature, Tg, are indicated. The blue and red regions mark the temperature regions for
devitrification of amorphous alloys and conventional solidification, respectively. Redrawn
after [43].
During conventional solidification, nucleation kinetics can only be analyzed at limited
undercoolings as can be seen from the red highlighted area in Fig. 3.2.9. In contrast,
owing to the sluggish crystal growth in glasses on annealing, nucleation can be studied by
crystallization statistics of partially devitrified glasses near Tg [43, 130]. In these cases,
crystallization can be interrupted at any fraction transformed by lowering the temperature
[112]. The variation of the number density of nuclei per volume, NV, with time, t, can
be determined directly by counting crystals and analysis of the crystal size distribution
[43, 130]. Köster [130] for instance has shown that in Co-Zr, NV increases with time, t, as
is consistent with homogeneous nucleation:
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NV (t) = I
SS
·t. (3.2.7)
In the early stages of nucleation, NV can increase linearly with t (steady-state nucleation)
due to the dynamic equilibrium [119], as Fig. 3.2.10 displays. In the case of steady-state
nucleation, the plot of NV as a function of time yields a straight line with the slope being
equal to the steady-state value, ISS [75, 117, 118, 131] (Fig. 3.2.10b).
N
um
be
r o
f n
uc
le
i
Time
(a)
(b) (c)
SSI
q
Figure 3.2.10: Number of nuclei as a function of time for the following types of nucleation:
(a) quenched-in active nuclei, (b) steady-state homogeneous, and (c) transient homogeneous.
The steady-state nucleation rate ISS and the induction time, θ, are indicated. Adapted
from [112].
Transient effects can also occur at the early stages of nucleation, in which dNV /dt
increases with t (Fig. 3.2.10 (b)), as is well known from crystallization studies on silicate
glasses [132]. The nucleation rate initially is low and increases with time to ISS . At long
durations, NV (t) can be approximated by [118, 131]:
NV (t) = I
SS
·(t− θ), (3.2.8)
where θ is an effective time-lag and represents the induction time, also known as incubation
time. θ strongly depends on the annealing temperature, since it scales with the atomic
mobility [131] and it can be obtained by extrapolating the number of nuclei as a function of
time in the steady-state regime to the time axis [131]. Such an incipient transient nucleation
behaviour has been experimentally conformed by Shen et al. [75]. They have counted the
number of nuclei as a function of time for various isothermal anneals. θ becomes shorter and
NV augments with increasing annealing temperature for a Zr59Ti3Cu20Al10 BMG. Kelton
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has calculated the temperature-dependance of θ and NV for LiSi2-glasses and confirmed
Shen et al.’s experiments [131].
According to the work of Greer [44] on the crystallization kinetics of Fe80B20 glass, NV
can be also constant (Fig. 3.2.10 (a)) due to the growth of quenched-in nuclei in the absence
of additional formation of new nuclei. There is evidence that homogeneous nucleation can
occur in the supercooled liquid during rapid quenching to the glassy state as is the case of
Fe80B20 [44, 112]. Quenched-in nuclei will start growing when the annealing temperature is
reached and the resulting particle size distribution (PSD) is very narrow [130]. Greer [44]
has investigated the effect of quenched-in nuclei, on the nucleation rate during devitrification
of glassy Fe80B20 ribbons. He analyzed the number of crystals as a function of the cooling
rate at which the ribbons were produced [44] and has prepared metallic glass ribbons with
different thicknesses [44]. The cooling rate was estimated from the corresponding ribbon
thickness. Furthermore, he assumes that nucleation and the subsequent growth of nuclei
do not invole solute partitioning. Otherwise, a compositional gradient and accompanying
diffusion field would develop around the growing nuclei. Then, extensions to the classical
nucleation theory would be required to address such a problem. Particularly, one must
analyze whether the difference in composition is manifested mainly as a change in the work
of cluster formation or even requires a new kinetic nucleation model [133]. Greer [44] carried
out isochronal measurements at a heating rate of 10K/min of Fe80B20 ribbons prepared at
different cooling rates. According to Greer’s analysis, the number of quenched-in nuclei
per unit volume, NV , is of the order of 1018 m-3 and it scales with the cooling rate, dTdt , as
follows [44]:
NV ∼ (
dT
dt
)−c, (3.2.9)
where c ranges between 2 to 4. Consequently, he has confirmed that the nuclei have to be
produced during quenching, since their number depends on the cooling rate. If steady-state
nucleation applied at every temperature during quenching, then c would be 1. He concluded
from the large population of quenched-in nuclei and its strong dependence on the quenching
rate that transient homogeneous nucleation occurs as the supercooled liquid is quenched
[44].
Assuming no quenched-in nuclei, Shneidmann et al. have analyzed analytically the
influence of the heating rate on the homogeneous nucleation rate. The starting point of
their study is a thermodynamic consideration of the critical radius, r∗. As the supercooled
melt is cooled from the melting temperature, Tm, r∗ decreases with temperature as Fig.
3.2.11 and following Eq. shows [134]:
r∗ =
2·σ·Tm
∆Hm
·
1
Tm − T
. (3.2.10)
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σ is the interfacial energy between the liquid and solid, Tm is the melting temperature and
ΔHm is the heat of fusion.
Figure 3.2.11: Critical radius, r∗, as a function of temperature, T . Due to a higher
undercooling (Tm-T ), r∗ deacreases as the supercooled liquid is cooled. If a glass is heated
and crystallization sets in, r∗ will increase.
Of course, Eq. 3.2.10 also applies to the supercooled liquid, which is heated towards Tm .
Then, r∗ increases with augmenting temperature. When a glass is heated to temperatures
above the glass-transition temperature, Tg, it transforms to a deeply supercooled liquid
and further heating eventually leads to crystallization. At such large undercoolings, r∗ is
relatively small and consequently many crystals should nucleate (Fig. 3.2.11). If a glass is
heated faster, Tg and Tx even more, will shift to higher temperatures suggesting a larger r∗.
By heating a highly supercooled liquid at high rates, Shneidmann has shown by means of
analytical solutions based on the Becker-Döring equation that nucleation can be effectively
suppressed [48, 121] and Fig. 3.2.12a depicts his results. The nucleation rate as a function
of temperature is given for various heating rates up to 10K/s.
This transient nucleation effect, which can only be encountered during heating, is termed
“choking” of nucleation [48]. As the highly supercooled liquid is heated, the temperature
increases with time, so does r∗ and one obtaines the rate of increase of r∗, dr
∗
dt . Only when
the nucleus grows faster than dr
∗
dt , it will remain supercritical (r > r
∗) and continues to
grow [48, 121]. In other words, the crystal growth rate has to exceed dr
∗
dt . By applying high
heating rates to a glass, Tx becomes relatively high, dr
∗
dt is then large and nucleation can be
effectively suppressed [48, 121]. Above a critical heating rate, r∗ increases faster with time
than the nuclei can grow. Shneidman et al. [48] have described this transient nucleation
effect by defining a cut-off temperature, T0(ϕ), below which nucleation is suppressed. T0(ϕ)
increases the faster the glass is heated [121] (Fig. 3.2.12b):
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Figure 3.2.12: Transient nucleation during the devitrivication of metallic glass. a) Calcu-
lated time-dependent nucleation rate multiplied by 1017 for different heating rates. The
inset magnifies the nucleation rate resulting from a heating rate of 10K/s. Adapted from
[48]. b) The cut-off temperature, T0, as a function of the heating rate, ϕ. Redrawn after
[121].
NV =
1
ϕ
ˆ T1
T0(ϕ)
ISS(T )dT, (3.2.11)
where ϕ is the heating rate and T1 is the temperature to which the supercooled liquid is
heated.
3.2.3 Crystal growth in undercooled liquids
Nucleation precedes crystal growth being the focus of this subsection, which is limited
to the morphology and stability of the solid-liquid interface, the crystal growth rate, and
methods to determine it.
Once critical nuclei are formed, they will continue to grow accompanied by the attachment
of atoms. Thus, the solid-liquid interface propagates and latent heat of fusion, ∆Hf , is
released at the interface [135]. The latent heat can be either extracted through the melt or
the crystal, and hence one distinguishes two cases [120]: In directional solidification, the heat
is transferred from the solid-liquid interface through the crystal to the crucible walls and
finally to the environment. In the other case, non-directional solidification, the undercooled
liquid acts as a sink for the latent heat [119, 135]. We are interested in non-directional
solidfication of metallic melts, and therefore limit what follows to it.
The solid-liquid interface of metallic melts is rough on an atomic scale and exposes a lot
of favourable sites for the attachment of atoms from the liquid [119, 120]. The propagation
of such a solid-liquid interface, which we name in the following “interface”, gives rise to
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non-faceted crystals, and the corresponding crystal growth type is termed continuous
[119, 120]. For more information the reader is referred to [119, 120, 135]. For simplicity,
we only consider the precipitation and morphology of just one phase in the following. The
morphology of the growing crystal depends on the velocity of the interface and its interface
becomes morphologically unstable for non-directional solidification [120, 119]. The negative
temperature and concentration gradients (in the case of non-polymorphic crystallization)
ahead of the interface destabilize the interface since the undercooled liquid serves as a heat
sink and mass redistribution [120, 135]. As a consequence, protrusions form on the initially
planar interface (Fig. 3.2.13) and cause an even steeper temperature gradient.
Figure 3.2.13: Initial evolution of an unstable solid-liquid interface as a function of time.
Protursions are amplified until a marked difference in growth of the tips and depressions of
the perturbed interface has occurred. Taken from [120].
The developing tip of the protursion rejects more heat and the local growth rate increases
[120]. The temperature and concentration gradients destabilize the interface and the
capillary effect stabilizes it [119, 120, 135, 136]. The advancement of an unstable interface
leads to unstable growth resulting in various crystalline structures like, cellular, dendritic,
banded and fractal morphologies [119, 120, 137]. The morphology depends on the velocity
of the interface as depicted in Fig. 3.2.14. At small velocities, an interface remains planar
up to a velocity equal to the critical velocity, uc [138]. Above uc, the smooth interface
becomes instable, protursions form and develop into cells. The interface of cells becomes
instable and dendrites with trunks and side-branches develop as the velocity increases
further. At high interface velocities, dendritic patterns degenerate back to cells and with
even further increasing velocity a planar interface front results again. uA, the critical velocity
for absolute stability of the planar interface marks the velocity at which the interface is
stable against small protrusions. [120, 136, 138]. Kurz et al. [120] and Herlach et al. [119]
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can be recommended for further information on this topic.
Interface velocity
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Figure 3.2.14: Morphological interface diagram for solidification of binary systems. A
microstructural transition occurs from the planar front to cellular structure to dendrites
and again back to cellular structure and finally to planar front with increasing solidification
velocity, u. uc is the velocity according to the criterion for constitutional undercooling and
uA is the velocity corresponding to the velocity for absolute morphological stability of the
interface. Adapted from [119].
Various experimental methods for the determination of growth velocities in undercooled
melts have been developed. They aim at measuring growth rates as a function of the
undercooling and direct contact between the supercooled liquid and crucible walls has
to be avoided [119, 135]. Otherwise, heterogeneous nucleation on containerwalls, which
initiates crystallization, avoids to achieve large undercoolings of the supercooled liquid and
can give rise to directional solidification. Nowadays, containerless levitation techniques
as for instance electrostatic levitation (ESL) [139] are established as standard methods
for measuring the steady-state crystal growth rate, which is addressed in the following
paragraph.
The ESL method is used in the present work and will be briefly described. Fig. 3.2.15
depicts a schematic of the setup of a ESL system. The specimen is placed between two
electrodes and molten. Coulomb forces act on the charged droplet within the electrostatic
field and counteract the gravitational force, so that the specimen is able to levitate [119].
Stable positioning of the specimen is accomplished by a feedback control system. In our
case, the position of the sample is controlled by a CCD (charge coupled device) camera
picking up an image of the object inside the chamber with a frame rate of 120 fps. The
position and velocity of the sample are analyzed by a microcomputer, which controls the
position and damping of the sample through electrostatic forces (Fig. 3.2.15) [119]. A
pyrometer, which measures the surface temperature of the sample and a high-speed-camera
are essential parts of the ESL system (not shown in Fig. 3.2.15).
The propagation of the solidification front can be tracked by its thermal field using
photodiodes, pyrometers and/ or high-speed cameras. Particularly, high-speed cameras
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Figure 3.2.15: Electro-static levitation system. a) Schematic shows the levitated sample
(red) between both electrodes and the positioning system. The pyrometer, which measures
the surface temperature of the sample, and the high-speed-camera recording the propagating
interface are not shown. Adapted from [119]. b) Photograph taken from the inside of an
electrostatic levitator. A liquid drop of molten alloy levitates within the electrostatic field.
Taken from [140].
are capable of recording the advancement of the solid/ liquid interface at a rate of up to
several thousands frames per seconds (fps) [139, 141, 142]. They perceive the difference
of emissivity of solid (bright) and undercooled liquid phase (dark) and hence the thermal
front can be allocated to the interface [143]. Figs. 3.2.16a-c show a series of images during
the solidification of a Cu50Zr50 droplet. The propagation of the thermal front as a function
of time is clearly visible.
Figure 3.2.16: Solidification process of the Cu50Zr50 alloy triggered at an undercooling
of 180K. The images a-c were taken by a high-speed-camera at a rate of 3000 fps. The
bright regions display the crystallizing volume of the levitated droplet at which latent
heat is released. The propagation of the interface is clearly visible from the difference in
emissivity of the crystallizing volume and the undercooled melt. The subfigures d-f depict
the corresponding simulations. The solidification path, s, is indicated. Taken from [144].
After Herlach et al., surface-induced heterogeneous nucleation is the predominant process
initiating solidification in levitated liquid specimens [119]. Generally, one can distinguish
between triggered crystallization, where a needle touches the surface at a given undercooling,
and spontaneous crystallization being caused by contaminations accumulating at the surface
of the levitated undercooled specimens [119]. Once the crystallization starts from a single
27
3.2. GLASS FORMATION AND CRYSTALLIZATION
nucleus at the surface, dendrites propagate isotropically through the volume of the sample
[119]. One obtains the measured growth velocity, u, from the solidification pathway, ∆s,
being the sample diameter divided by the time interval, ∆t, necessary for the solidification
front to propagate throughout the whole sample. Simulations are used to evaluate the
images recorded by the high-speed-camera and to determine the solidification path, as Figs.
3.2.16d-f display. ∆t is given by the number of recorded images and the frame rate of the
camera. The recorded thermal front is approximated by the envelope of the dendrite tips
[119, 143] and hence the solidification front velocity is taken as the crystal growth rate.
The work of Herlach et al. is recommended for more information to the ESL technique.
They give a comprehensive overview [142] to containerless undercooling methods.
An undercooling, ∆T , is present at the interface and the crystal growth rate depends on
that undercooling, which can be expressed by four contributions within the framework of
the sharp interface model [120, 145, 146, 147] (Eq. 3.2.12):
∆T = ∆Tk +∆Tt +∆Tr +∆Tc. (3.2.12)
∆Tk is the kinetic undercooling, ∆Tt is the thermal undercooling, ∆Tr is the curvature
undercooling, and ∆Tc is the solutal undercooling. All investigations of the crystal growth
rate in the present thesis, are carried out on Cu50Zr50-based alloys. All contributions are
briefly explained and, in the following, it will be discussed how and if they affect the overall
undercooling at the interface of Cu50Zr50 -based droplets. Concentration gradients can
be present in alloys as solute diffusion occurs ahead of the interface [134]. Solute can be
rejected at the interface into the liquid under equilibrium conditions and a concentration
gradient arises. If the liquidus temperature decreases with increasing solute concentration,
then one speaks of solutal undercooling, ∆Tc [119]. The temperature at the interface is
lowered due to the higher solute concentration and protrusions are more likely to occur.
The supercooled Cu50Zr50 liquid solidifies polymorphically into B2CuZr, regardless of the
undercooling (Fig. 5.4.23) [148]. Due to the polymorphic crystallization, there is no solutal
undercooling ∆Tc = 0 [141]. In order to determine the interface temperature during its
advancement, Ivantsov [149] has conducted calculations under the assumption of equilibrium
conditions at the parabolic interface of a needle-shaped pure metal crystal, whose interface
is isothermal and moves at a constant velocity. His analysis yields stationary solutions of
the transport equations that relate the thermal Péclet number to the undercooling, which
he termed thermal undercooling, ∆Tt [119, 135]:
∆Tt = Ti − T∞m =
∆Hf
C lp
·I(Pt), (3.2.13)
where Ti is the temperature at the interface, T∞m is the temperature of the undercooled
liquid far away of the interface, C lp is the specific heat of the liquid at constant pressure, I
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is the Ivantsov-function and Pt = u·r/2·aL is the Péclet number. u and r are the velocity
and radius of the parabolic interface, respectively and aL is the thermal diffusivity of the
liquid.
Attachment kinetics of atoms from the liquid to the crystalline phase affect the crystal
growth. According to the classical model of Wilson and Frenklel for continuous growth in a
one-component system [124, 150, 151], these attachment processes are governed by atomic
diffusion at the interface. Atoms have to overcome an activation barrier, ∆Ga, to attach
to the crystalline phase, so that they lower their Gibbs energy. The growth velocity, u,
of the interface can be obtained from rate theory [125, 126] and under the assumption of
polymorphic or eutectic growth, u is given by [152]
u = ukin·[1− e
(− ∆G
R·Ti
)
] (3.2.14)
with
ukin = u0·e
(−∆Ga
R·Ti
)
, (3.2.15)
where u0 is the maximum growth velocity within the diffusion-limited model of Wilson
and Frenkel [150, 151]. At small undercoolings, ∆G/(R·Ti)  1, Eq. 3.2.14 can be
approximated as linear in ∆G as follows [119]:
u = ukin·
∆G
R·Ti
= µ·∆Tk. (3.2.16)
Thus, the kinetic undercooling ∆Tk = Tm− Ti for a planar interface with a temperature Ti,
which advances at a constant velocity, u, is defined. µ, the proportionality constant, is also
called the kinetic coefficient and is a measure for the mobility of the phase boundary [119].
At large undercoolings, the driving force for crystallization, ∆G, is very high and the
exponential term in Eq. 3.2.14 can be neglected. Then u ≈ ukin, so that diffusion is the rate-
limiting process [141]. Wilson [150] already assumed in 1900 that ukin would be inversely
proportional to the viscosity of the liquid, η, and indeed this is verified experimentally [153]
and can be expressed as follows [152, 136]:
ukin =
kB·Ti
3·π·a20·η
·e−
∆Ga
RT , (3.2.17)
where a0 is the atomic diameter. At very large undercoolings as the liquid is cooled towards
Tg, this simple inverse proportionality can break down. ukin is then higher as predicted by
η. Ediger et al. [128] have suggested that this decoupling is possibly related to a breakdown
of the relationship between the diffusivity and viscosity. He describes this decoupling by a
fractional Stokes-Einstein relation, where ukin ∝ η−ξ. The exponent ξ ≤ 1 and the value 1
represent full coupling of crystal growth and viscous flow [128].
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The curvature undercooling, ΔTr, depends on the Gibbs-Thomson coefficient, Γ, and
the curvature radius at the tip of a dendrite, R is given by ΔTr = T∞m − T cm = 2·Γ/R.
Thus, the melting point of a positive curved solid (T cm) of a single-component system
is lower than the melting temperature of the same solid exhibiting a planar interface
(T∞m ) and an undercooling caused by the capillary effect results. ΔTr is usually small
compared to the thermal and kinetic undercoolings that is, ΔTr  ΔTt, ΔTk [136, 141].
The total undercooling of Cu50Zr50-based alloys can be consequently approximated by
ΔT ≈ ΔTt +ΔTk and Fig. 3.2.17 depicts the crystal growth rate of Cu50Zr50 as a function
of the reduced temperature, T/Tm [141].
Figure 3.2.17: Crystal growth rate of Cu50Zr50 as a function of the reduced temperature.
Redrawn after [141].
A broad maximum with an umax = 23mm/s, located around a reduced temperature of
0.83, is visible [141]. The maximum results from the interaction of the thermal and kinetic
contributions of the crystal growth rate. As the temperature of the supercooled liquid
is reduced, the crystal growth rate augments, since the driving force for crystallization
increases. At further undercooling, u begins to decrease at a reduced temperature of
0.90 due to a deteriorating atomic mobility in the liquid. Thus, the kinetic contribution
starts to dominate the crystal growth process and finally leads to a continuous decrease
of the crystal growth rate (starting at 0.8 T/Tm) until Tg is reached and the supercooled
liquid vitrifies. Consequently, ukin is the limiting factor of the crystal growth rate at large
undercoolings. In the following, the growth rate of Cu50Zr50 will be compared to the ones
of other glass-forming liquids.
Orava et al. [153] have compared the rates of polymorphic crystal growth for a wide
range of glass-forming systems including oxides, organics, Cu50Zr50, chalcogenides and pure
metals as Fig. 3.2.18 displays. The growth rate of pure metals is so fast that it cannot
be measured, so that the corresponding data points are obtained from MD simulations
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and no reduced glass-transition temperature, Trg, is indicated. Yet, liquids of pure metals
can vitrifiy under special conditions as the work of Zhong et al. experimentally proves
[154]. They have contacted two protruded nano-tips of pure metals, and molten them
by passing a short electric pulse through them. Owing to the small sample-dimensions,
cooling rates of about 1014 K/s are achieved. Subsequent TEM investigations confirm the
amorphous nature of the specimens [154]. For Ge2Sb2Te5 the crystal growth rate, u, has
been calculated and extrapolated from calorimetric measurements [153].
Figure 3.2.18: Crystal growth rate, u, as a function of the reduced temperature T/Tm.
The downward arrow indicates the reduced glass-transition temperature, Trg, and the
upward arrow the homologous temperature Tmax/Tm at which the crystal growth rate
has its maximum. The dashed lines correspond to calculated values of u, which are
obtained from relative transformation rates measured by calorimetry for Ge2Sb2Te5, and
extrapolated from measured values for Cu50Zr50. The data points for silver are inferred
from MD simulations and Trg is estimated to be 0.4. All the other data are from physical
measurements of growth rates. Taken from [153].
Except for Ag, the growth rate of all liquids shows the same behaviour as Cu50Zr50.
Orava et al. [153] have classified them in terms of their propensity for fast crystallization,
which they termed “lability”. Systems with a high lability show high values of umax, a
broad peak in u vs. T/Tm, are associated with a lower Trg, and their liquids have a higher
fragility index, m [153]. In other words, stronger glasses exhibit lower overall crystal growth
rates. Simultaneously the maximum of the growth rate is shifted to higher temperatures.
Although their classification does not consider differing growth mechanisms and takes
into account only absolute values of u and umax, they have been still able to observe
good correlations. Therefore, the liquid viscosity is of central importance when comparing
glass-forming liquids.
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3.2.4 Isothermal and isochronal devitrification of metallic glasses
Glasses transform to ordered crystalline phases when heated to above their crystallization
temperature. Due to the large supercooling, the transformation occurs on a time-scale
being much longer than for crystallization of liquids at small undercoolings during cooling
from the melt [133]. Thus nucleation and crystal growth phenomena can be measured
during the devitrification of glasses than solidification of liquids. The questions arises,
whether the classical theory fails at such deep undercoolings or how the heating rate during
devitrification affects its validity. For instance, transient nucleation effects of metallic glasses
can play a role [44], as mentioned at the end of the subsection (3.2.2). Almost all glasses
are multicomponent alloys, which can lead to a complicated devitrification sequence. This
results in the precipitation of complex crystalline phase(s). However, according to Köster
and Herold [155] only primary, polymorphic and eutectic crystallization are generally found
when a metallic glass is devitrified. In the case of primary crystallization, the crystalline
phase has a different composition than the supercooled liquid. As a consequence from the
resulting compositional gradient, a diffusion field develops around growing crystals. The
supercooled liquid therefore constantly changes its composition during crystallization. When
the crystallizing phase has the same composition as the supercooled liquid, polymorphic
crystallization occurs. This devitrification mode is the easiest to model, since no diffusion
fields are present and thus the growth rate is solely interface-controlled. In eutectic
crystallization, two phases grow cooperatively in such way that their mean composition is
the same as that of the original glass. Solute partitioning takes place along the interface
between the supercooled liquid and the crystalline region consisting of both phases. Thus,
the composition of the supercooled liquid ahead of the solid-liquid interface is unaffected
[44, 133]. The low temperatures for devitrification and the consequently slow atomic motions
allow the modelling of crystallization kinetics [43, 44]. Differential scanning calorimetry
(DSC) in this context is very attractive, since it is very sensitive, requires only small sample
quantities and can be carried out at constant temperatures (isotherm) or constant heating
rates (isochron). In the following, we will outline the Johnson-Mehl-Avrami-Kolmogorov
(JMAK) analysis, which is based on isothermal DSC measurements, and the Kissinger
analysis derived from isochronal data.
The validity of the JMAK equation and its derivation are discussed in the Appendix (8.3.2).
The JMAK equation describes the transformation kinetics of glasses under isothermal con-
ditions. More precisely, the time dependence of the fractional extent of crystallization, α,
is expressed and the derivation of the JMAK equation is addressed more in detail in the
Appendix (8.3.2) [156, 157, 158]:
α(t) = 1− e−[k(t−τ)]n , (3.2.18)
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where t is the time, τ is the incubation time, n is the Avrami exponent and k is the reaction
rate. Crystallization begins when the incubation time is completed. In order to calculate
the activation energy, Eq. 3.2.18 can be converted to:
ln[−ln(1− α)] = n·ln(t− τ) + n·ln(k). (3.2.19)
A plot of ln[−ln(1−α)] vs. ln(t− τ) yields the Avrami exponent and with that the reaction
rate k can be obtained. The equation of k has an Arrhenian temperature dependence [158]:
k(T ) = k0·e
− Ea
R·T , (3.2.20)
being k0 a pre-exponential term, Ea the activation energy of crystallization, R1 the gas
constant and T the absolute temperature. Again, from plotting ln(k) vs. 1/T one can
obtain the activation energy for crystallization. The details of the crystallization mechanism
are reflected in the Avrami exponent [125, 158]:
a) Polymorphic changes and interface-controlled growth:
• n = 1: Grain boundary nucleation after saturation
• n = 2: Grain edge nucleation after saturation
• n = 3: Zero nucleation rate after saturation
• 3 ≤ n ≤ 4: Decreasing nucleation rate
• n = 4: Constant nucleation rate
• n ≥ 4: Increasing nucleation rate
B) Diffusion-controlled growth of all shapes growing from small dimensions:
• n ≤ 1.5: Zero nucleation rate
• 1.5 ≤ n ≤ 2.5: Decreasing nucleation rate
• n = 2.5: Constant nucleation rate
• n ≥ 2.5: Increasing nucleation rate
Another common method to determine the activation energy of crystallization has been
proposed by Kissinger [159]. He has derived an expression to calculate it from isochronal
measurements and the Appendix contains the deduction of the Kissinger equation (Eq.
8.3.1). The temperature of the crystalline peak shifts to higher values with increasing
1R=8.3144598 J/(mol·K)
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heating rate. This variation in peak temperature is used to determine the activation energy
assuming a first order reaction [159]:
− Ea
R·T
= ln(
ϕ
T 2p
) + Const., (3.2.21)
Ea being the activation energy of crystallization, ϕ the heating rate, R the gas constant and
Tp the peak temperature of crystallization. Plotting ln( ϕT 2p ) vs.
1
T leads to a straight line
and one can obtain the activation energy of crystallization from its slope. Nucleation always
precedes growth (see section 3.2) and if both stages are well separated, the activation energy
obtained from the Kissinger analysis corresponds to the activation energy for crystal growth
[133]. If both stages overlap, the results from the Kissinger analysis can be misleading and
information on nucleation processes cannot be obtained from the Kissinger analysis [133].
3.2.5 Fragility concept
As mentioned at the beginning of this section, fragility is defined as the temperature
dependence of the viscosity for a liquid. The fragility concept will be considered in the
following.
The viscosity increases during cooling due to a decreasing atomic mobility in supercooled
liquids. The variation of the viscosity, η, with temperature close to the glass-transition
temperature, Tg, (subsection 3.2.1) is defined as fragility and represents an important
parameter to classify glass-forming liquids [86]. Fig. 3.2.19 depicts a “fragility plot” also
known as the “Angell plot” [88] in which the viscosities of different glass-forming liquids are
classified. The viscosity is plotted vs. the inverse temperature normalized with respect to
Tg. The melting point is at about 0.6 on this normalized temperature scale and all curves
converge on the right-hand side of the plot at 1012 Pa·s, corresponding to the definition of
the viscosity at Tg (see subsection 3.2.1).
The Angell plot provides a convenient way to compare the manner in which the viscosity
of different liquids changes, as Tg is approached. Two extreme cases can be distinguished:
(1) The viscosity of kinetically “strong” liquids like, for instance, open-network SiO2 obeys
an Arrhenius-law [86]:
η = η0exp
{
− EA
R·T
}
, (3.2.22)
where η is the viscosity, the pre-exponential constant, η0, is the viscosity at infinite
temperature, EA is the activation energy, R is the universal gas constant and T is the
temperature. (2) Kinetically “fragile” liquids constitute the other end. O-terphenyl and
Zr40Ni60 which can be characterized by van der Waals interactions and metallic bonds,
respectively, exemplify “fragile” liquids. Their viscosity shows non-Arrhenius behaviour and
the measured viscosity data can be approximated by the empirical Vogel-Fulcher-Tammann
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Figure 3.2.19: Angell plot comparing the viscosities of different types of liquids. Taken
form Ref. [86].
(VFT) equation [88, 86]:
η = η0exp
{
− B
T − T0
}
, (3.2.23)
where B is a constant with the dimensions of a temperature and T0, the Vogel-Fulcher-
temperature. When T→T0, η→∞ and the structure freezes in. T0 is a kinetic instability
point [160]. The fragility considerably depends on the type of atomic bonding and determines
the slope of the viscosity-temperature curve near Tg. The so-called steepness index, m,
quantifies this slope [88]:
m =
d log η
d (
Tg
T )
∣∣∣∣
T=Tg
. (3.2.24)
The steepness index is a measure to indicate how well a liquid’s viscosity obeys the
Arrhenius law. Larger m values indicate a more fragile behaviour of the supercooled liquid.
Typical bulk metallic glass-forming alloys have a steepness index of about 40 [161]. By
combining the latter equation with the VFT relation (Eq. 3.2.23) Brüning and Samwer
[162] obtained a modified expression for the steepness index (for a derivation see Appendix):
m =
Tg B
ln 10(Tg − T0)2
. (3.2.25)
Investigations have shown that the fragility of supercooled liquids correlates with the
mechanical properties of the corresponding MGs such as the fracture energy, ductility, and
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Poisson’s ratio, ν [163]. Since ν is again linked to the atomic packing density [164], this
suggests that there is a connection between the fragility and structure of MGs [64, 165]. Wei
et al. [64] have analyzed real-time structural changes in BMGs as a function of temperature
by means of in-situ synchrotron X-ray scattering which allowed them to quantitatively link
atomic scale structure and fragility. Experimentally determined X-ray structure factors were
converted into real space information and the coordination shell positions were obtained
from the resulting pair distribution functions. Their findings suggest that the fragility of
viscous metallic liquids is determined by structural changes on a length scale of three to four
atomic diameter (∼1 nm). As BMGs are heated, free volume is incorporated after passing
Tg which leads to a dilatation of the structure between the third and fourth coordination
shell [64]. Thereby, free volume is incorporated faster by more fragile liquids and hence
their viscosity decreases faster as the one of stronger liquids during heating.
Conversely, this means that as a fragile liquid is rapidly cooled towards Tg, the rate of
free volume annihilation near the glass-transition (α-relaxation) is accelerated. According
to findings of Mauro et al. [165], the annihilation of free volume can be expressed by
structural ordering near Tg. Their results as well obtained from in-situ synchrotron X-ray
and viscosity experiments demonstrate that fragility reflects the rate of structural ordering
in the vicinity of the glass transition. For instance, Cu-Zr-based liquids develop at high rate
icosahedral clusters that connect to a rapidly growing backbone structure [80]. Preferred
local packing leads to denser and less dense regions or rephrased free volume richer regions
[64, 165, 63].
According to Ediger [63], regions with different local density relax at different rates and
lead to the existence of spatially heterogeneous dynamics in supercooled liquids. Dynamics
in one region of the supercooled liquid are orders of magnitude faster than dynamics in
another region only a few nanometers away, as it is cooled to temperatures near the glass
transition [63, 166]. Analogous to the free volume rich regions of metallic glasses, Ediger
terms the free volume rich regions of fragile supercooled liquids near Tg heterogeneities.
Nuclear magnetic resonance spectroscopy measurements of the fragile liquid polyvinylacetate
at 10K above Tg [65] indicate a characteristic size of these heterogeneities of about 2-4 nm
which is in accordance with results of Wei et al. [64]. According to them, heterogeneities of
Zr- and Pd-based supercooled liquids are in the range of about 1 nm.
Heterogneities present in the supercooled liquid near Tg and in the metallic glass, have
about the same size [49, 50, 64, 65] and are less dense than their vicinity.
Finally one can suspect that the heterogeneity in dynamics of supercooled liquids causes
the structural heterogeneity in glasses. If this highly speculative assumption is correct, than
particularly the structure of metallic glasses whose liquids are fragile will have a higher
density of heterogeneities.
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3.2.6 Glass-forming ability
The crystallization of supercooled liquids is determined by both: (1) the work for the
formation of a critical nuclei, ΔG∗, and (2) the viscosity, η, which is associated with
the atomic mobility (diffusion). As the temperature is reduced, ΔG∗ diminishes, so that
the driving force for crystallization augments. In constrast, η increases as the liquid is
cooled. At a certain undercooling, the atomic mobility of supercooled liquids is so retarded
that the nucleation and crystal growth rate of a crystalline phase decrease although the
driving force increases. Then crystallization proceeds slowlier. The interplay between
thermodynamics and kinetics of the crystallization of supercooled liquids can be illustrated
by means of a time–temperature–transformation (TTT) diagram as is shown in Fig. 3.2.20.
The solid-liquid boundary (grey line) has a nose-like shape [69].
Figure 3.2.20: Schematic time-temperature-transformation (TTT) diagram illustrating
the glass formation. The black arrow represents the critical cooling curve at which the
liquid is cooled fast enough without intervening crystallization, so that it can vitrify. Rc is
the corresponding slope and is termed the critical cooling rate for glass formation. Redrawn
after [69].
A high η and ΔG∗ have been identified to be crucial for good glass-forming alloys [69].
Then the nose is shifted to longer times to the right-hand side of Fig. 3.2.20. The minimum
cooling rate necessary to suppress cystallization and hence to obtain a metallic glass is
defined as the critical cooling rate, Rc (slope of black curve in Fig. 3.2.20) and ranges
depending on the composition from 106 K/s to only 10-1 K/s [5, 57, 115, 167, 168, 169].
Qualitatively, the tendency for a glass to vitrify, its glass-forming ability (GFA) is
indicated by a low critical cooling rate [86] and correlates with the steepness index, m.
Fragile liquids with a higher steepness index need a higher Rc to vitrify and hence show
a worse GFA [170, 171]. The lower Rc, the larger the maximum attainable size of a fully
amorphous sample, the critical casting thickness, Dc, and hence the better the GFA. Dc as
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glass-forming parameter is the most commonly used in literature, but is also affected by the
fabrication method [172]. As an example, Park et al. [173] have cast the Ca65Mg15Zn20
alloy in air from a graphite crucible coated into a conical copper mould and obtained a Dc of
15mm, whereas Senkov et al. [174] found a critical casting thickness of 6mm for the same
alloy composition. They used injection casting from a silica crucible into a plate-shaped
copper mould. That means the casting temperature, pressure, the mould temperature
and the mould geometry determine the rate at which heat is removed from the liquid.
Consequently large differences in Dc of an identical alloy result [172]. Rc is as well not a
very convenient parameter, since it requires a series of continuous cooling experiments and
is practically impossible to be determined for marginal glass-forming liquids.
Characteristic temperatures as Tg, Tx and the liquidus temperature, Tl, correlate with
Rc and thermal criteria based on them [175, 176, 177] can be used as parameters to classify
glass-forming liquids. Widely used amongst them is the width of the supercolled liquid
region ΔTx, which represents the resistance of the supercooled region against crystallization
[66]:
ΔTx = Tx − Tg. (3.2.26)
Glass formation is very more likely when the temperature gap between Tl and Tg is
minimized [66]. Thus the heat can be removed faster and crystallization is avoided (Fig.
3.2.20). According to Turnbull [66], the GFA can be indicated by the reduced glass-transition
temperature, Trg [66]:
Trg =
Tg
Tl
. (3.2.27)
He calculated that the nucleation rate of crystals becomes low when Trg > 23 and quantitative
analysis [2] has shown that Trg is higher with lower Rc. Based on similar considerations
another frequently used GFA parameter, the γm paramter, has been suggested [178]. It
combines Tg, Tl as well as Tx and allows an even better estimation of the GFA [176]:
γm =
2Tx − Tg
Tl
. (3.2.28)
Further thermal parameters exist [179], however in the current work, only the ones discussed
above will be used and therefore the present introduction is limited to them.
All thermal parameters require data of the amorphous state to classify the GFA of
metallic glasses. Because of that, great efforts have been made to establish parameters,
which not only characterize but also reliably predict the GFA. Thus, the tedious search for
compositions with a high GFA by trial and error experiments would become dispensable.
Inoue [58] has proposed three empirical rules with the intention to facilitate the identification
of good glass formers:
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• Multicomponent systems which consist of more than three elements.
• Significant difference in atomic size ratios above about 12% among the three main
constituent elements.
• Negative heat of mixing among three main constituents.
Crystalline structures in multicomponent systems are more likely to be complex and the
involved atoms have to overcome longer diffusion paths on the atomic scale. Thus, already
lower cooling rates are sufficient to effectively hinder the formation of nuclei as well as their
growth. Due to the presence of elements with a smaller atomic size, the supercooled liquids
can be densely, randomly packed which is reflected in a higher viscosity and less free volume.
As such a liquid is cooled, its viscosity increases and configurational rearrangements are
aggravated, which in turn hampers crystallization. The overall energy of a system is lowered
when the constituent elements have a negative heat of mixing and a low value of ∆G results.
However, Inoue’s rules have only been applied to certain systems [180] and exceptions like
the binary Cu-Zr system (see subsection3.4) are at hand.
Structural parameters represent a different approach to predict the GFA of an alloy.
Thereby, the glass formation is described by the topological instability of a solvent lattice
and one very common structural GFA parameter is the λ-criterion [181, 182]. When solute
atoms are gradually incorporated into a crystalline host lattice, the resulting distortion of
the lattice causes elastic strains on an atomic level [181, 182]. The solvent lattice becomes
topologically instable, once these elastic strains reach a critical limit [181, 182]. The
tendency to vitrify is increased by a higher lattice instability. The λ-criterion is based on
atomic mismatch and all phases including their crystallographic parameters are necessary
to achieve an optimum accuracy and reliability [183]. Glass-forming alloys generally consist
of at least three different elements, but for the most ternary and even more quartenary
systems phase diagrams do not exist. Thus, a reliable prediction of the GFA of many
multicomponent alloys is hardly feasible.
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3.3 Mechanical properties
Metallic glasses are known to exhibit the highest yield strengths of any metallic material
[184, 185, 186], and show an elastic strain at ambient conditions (∼ 2%), which is about
10 times larger than that of crystalline materials. Despite these intriguing mechanical
properties, BMGs are not used as potential structural materials in service, so far. The
major obstacle is their inherent brittleness. Compared to conventional crystalline metallic
materials that contain slip systems along which dislocations can move [4], metallic glasses
with their amorphous structure approach Frenkel’s theoretical limit for strength [5]. Yet,
metallic glasses generally fail at stresses lower than Frenkel’s limit [185]. As we will show
in the following, these materials fail by deformation, which is localized in a very confined
region, so-called shear bands.
The focus of this section is on those aspects necessary for understanding the deformation
behaviour of metallic glasses. At first, the early stage of plastic deformation is highlighted
and the atomistic STZ-model, which explains the initiation of shear bands, is presented
(subsection 3.3.1). After that, the later stage of plastic deformation of BMGs is in the
focus. There, the deformation behaviour of BMGs after the initiation of a shear band and
geometrical confinement will be outlined. The last subsection shall introduce concepts how
to increase the plastic strain of BMGs with an emphasis on the deformation behaviour of
bulk metallic glass composites and their preparation (subsection 3.3.2).
3.3.1 Deformation of bulk metallic glass
As the loading is increased on a metallic glass and a critical value is reached, yielding
occurs and gives macroscopic shape change. Metallic glasses plastically deform by showing
inhomogeneous flow at room temperature, where the strain is localized into a few very
thin shear bands. They consist of a layer of material with a viscositiy lower than the
residual BMG [187]. The local lowering of the viscosity entails some structural change of
the material inside the bands.
The formation of shear bands can be explained in the framework of the free volume model
[96, 187] (subsection 3.2.1), because flow in the material can be induced by an increase of
temperature or stress. At high stress levels, free volume can be created by the following
mechanism: An atom can be squeezed into a neighbouring hole with a smaller volume, as
Fig. 3.3.1 shows. This forces the neighbours of the new position to move out a bit and
creates a certain amount of free volume.
Spaepen calls this shear-induced disordering [187]. Structural relaxation competes with
this disordering-mechanism, which in turn tends to annihilate the free volume. The so-called
re-ordering process restores the system to its initial structural state [95, 187]. The structural
rearrangements necessary to annihilate free volume consist of a series of diffusional jumps.
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Figure 3.3.1: A two-dimensional schematic of a local atomic jump in a metallic glass
subjected to plastic deformation. A shear displacement occurs to accommodate an applied
shear stress τ. After [188].
Free volume is hence created by stress-driven processes, and is annihilated by diffusional
processes [95, 187]. When a critical stress value is reached, more free volume is generated
than annihilated. In other words, the stress defies the free volume and it is increased by
mechanical dilatation. Free volume increases in localized areas, which become shear bands.
The viscosity is distinctly lower in shear bands, so that all plastic strain is localized there.
This phenomenon is called shear-softening [187, 189].
The most successful theory to explain the formation of shear bands, so far, has been
proposed orginally by Argon [188, 190]. This concept, being an extension of the free volume
theory [96, 187], is based on the shear transformation zone (STZ). A shear transformation
involves a small cluster of randomly close-packed atoms with much larger atomic displace-
ments than in the surrounding matrix. This group of atoms reorganizes spontaneously
and cooperatively under an applied stress [7, 190, 191, 192, 193, 194], and the local region
including these atoms is termed shear transformation zone (STZ). Fig. 3.3.2 depicts a
two-dimensional schematic, which illustrates how an STZ accommodates shear strain.
Figure 3.3.2: A two-dimensional schematic of a shear transformation zone in a metallic
glass. Due to an applied shear stress, τ, the red atoms move collectively with respect to the
blue atoms. The grey atoms represent the surrounding matrix. Redrawn after [188].
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Since STZs are very difficult to detect and verify in experiments [9], most early works
employed computer simulations [51, 191, 195, 196, 197, 198]. Amongst them, Falk and
Langer [191] have proposed a dynamic theory of low-temperature shear deformation in
amorphous solids. Their analysis is based on molecular-dynamics (MD) simulations, in
which they corroborate the existence of STZs [191]. Their results show that plastic flow
in metallic glasses is located in STZs, which hence are the fundamental unit of plasticity
[7, 190, 191, 192, 193, 194]. Further simulations have focused on the size of STZs, the
activation energy for transformation, their correlation with local structure, and of course
the implications for the overall mechanical behaviour. So far, there is neither consensus on
the size of the STZ, nor the activation energy [9]. Argon proposed that they are not larger
than 5 - 10 atoms [188]. Other, more recent results suggest that a STZ can consist of up to
100 - 120 atoms [199, 200]. From simulation studies, Greer et al. [9] have concluded that
STZs in metallic glasses have a size of about 1 nm with an activation energy of several to
tenths of eV. Since the STZ concept was proposed, efforts have been made to observe and
quantify STZs. For example, Pan et al. [201] have employed nanoindentation to various
metallic glass compositions at several loading rates and derived the activation volume of
a shear event from the strain-rate sensitivity. They have then estimated the size of the
STZ from the activation volume to be a few hundred atoms. In addition, they compared
the size of STZs of various metallic glasses and found that the STZ volume correlates
with the plasticity of the metallic glass [201]. This example shows that the structure of
metallic glasses, which strongly depends on the composition, determines the STZ volume.
Recently, efforts have been made to define STZs based on their structural details [9, 62].
STZs are more likely to be found in local regions with a higher structural disorder [62, 202]
or larger free volume content (FERs) [203]. Ma [62] terms these “fertile sites” for shear
transformation structural heterogeneities.
As the loading is increased on a metallic glass, more STZs will be activated along the
plane with the highest shear stress and a shear band initiates from the resulting coagulation
of STZs [192]. The shear-banding process can be distinguished between homogeneous
and heterogeneous nucleation of shear bands [9]. Homogeneous nucleation occurs when
a shear band nucleates from structural fluctuations inherent to the amorphous phase [9].
Unfortunately, casting defects, like surface imperfections, voids or even pores are unevitable
in real-world BMG samples and serve as stress concentrators when the sample is loaded.
The local stress at these extrinsic flaws can thus be much higher than the global stress
and they act as heterogeneous nucleation sites for the formation of shear bands. In the
following, heterogeneous nucleation of a shear band and its propagation in the framework
of the two-stage model are considered (Fig. 3.3.3) [9, 204, 205].
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(a) (b) (c) (d) (e)
vein-like pattern
Figure 3.3.3: Schematic of the two-stage model showing the formation and propagation
of a shear band under compression. a) Stress concentration at a surface flaw leads to the
initiation of STZs. b,c) Propagation of the shear band to the other end of the sample. d)
Cooperative shearing and growth of the shear offset. Depending on the sample size and
the testing conditions cold or hot shear bands propagate across the sample. e) A hot shear
band causes a fracture surface with smooth sheared-off regions in the vicinity of the surface
and vein-like pattern on the residual fracture surface. The colours indicate the temperature
of the shear band (blue - cold and red - hot) and the red circles highlight the shear offset.
Modified after [206].
At the first stage, STZs are activated by loading in the vicinity of a surface flaw (Fig.
3.3.3a, blue dot) and with further loading more and more STZs activate along the plane
with the highest stress. This finally leads to the creation of a viable shear band with a
rejuvenating front, which reaches the other end of the sample (Fig. 3.3.3b,c). The lower
viscositiy within the shear band causes softening [9, 207, 208, 209]. At this moment, the
strain in the shear band and the shear offset are relatively small and there is no significant
temperature increase in the shear band. At this phase, the shear band is always “cold”.
At the second stage, cooperative shearing and growth of the smooth shear offset on both
ends of the sample take place as displayed in Fig. 3.3.3d. As the shear offset increases, the
softened glass within the shear band experiences large plastic strains [9]. The shear band
becomes unstable, which involves local heating and then one speaks of a hot shear band
[9]. Recent simulations by Cao et al. support such a scenario [205] and SEM studies on
non-fractured Zr-based BMG samples even extend it [210]. Shear does not occur on one
single plane, but is rather localized in a shear zone comprised of multiple parallel shear
planes. They can extend over a few hundred nanometers to a few micrometers [210]. Cold
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and hot shear bands will be addressed more in depth later on in this subsection.
The stress field is non-uniform in a real-world specimen under loading. It depends on the
sample shape and size and is an important factor determining the temporal and spatial
nucleation of shear bands, and how they develop and interact [9]. A dominant shear band,
which finally leads to fracture, forms along the plane of maximum shear stress which is
according to Schmidt’s law [211] under an angle (θ) of 45° with respect to the loading axis
in uniaxial loading. Yet, metallic glasses fracture under slightly different angles. In uniaxial
compressive loading, metallic glasses fracture at an angle (θc) of about 42° and when unixial
tension is applied, the fracture angle (θT ) is about 56° [212, 213, 207].
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Figure 3.3.4: Typical fracture features of Zr59Cu20Al10Ni8Ti3 BMG specimens. a) The
fracture of specimens subjected to uinaxial compression occurs in pure shear-mode and the
fracture surface shows vein-like pattern. b) The fracture surface of samples subjected to
tensile loading shows cores and vein-like pattern. c) Schematic shows the fracture process
and stress state under compression (left) and the resulting vein-like pattern (right). d)
Schematic of the fracture process of a BMG specimen under tensile loading depicts the
stress state and nucleation of cores due to the normal tensile stress (left), and the resulting
vein-like feature (right). Taken from [212].
44
CHAPTER 3. FUNDAMENTALS
Furthermore, BMG specimens with identical composition show a higher fracture stress
and plastic strain when subjected to uniaxial compression, but no plastic strain and lower
fracture stress when fractured in tension. Based on fractographical investigations of BMGs
which have been tested in both, compression and tension, Zhang et al. [213] conclude that
different loading modes strongly affected by the normal stress [214], are responsible for the
differences in angle, stress and plasticity. Fig. 3.3.4a and b depict the fracture surfaces of
BMG specimens subjected to compressive and tensile loading, respectively.
Both specimens have the same composition and the compressive fracture surface exhibits
a vein-like pattern with a rather uniform arrangement. This feature indicates that the
compressive fracture occurs in a pure shear mode, along the direction indicated by the
arrow in Fig. 3.3.4a and c [213]. By contrast, two different features are visible on the
tensile fracture surface - cores and a vein-like pattern (Fig. 3.3.4b). According to Zhang
et al. [212, 213], veins originate from the cores and propagate radially. These cores are
induced initially by the normal tension stress and can be considered as the origin of tensile
fracture [213] (Fig. 3.3.4d). Thus, BMG specimens subjected to uniaxial tensile loading do
not fracture in a pure shear mode, as is the case for specimens subjected to compression
[207, 213]. Figs. 3.3.4c and d depict the stress state of a BMG specimen (σθ and τθ)
under compression and tension, respectively. Zhang et al. [213] quantitatively discuss the
dependence of the normal stress on the shear plane (σθ,c and σθ,t) in the framework of the
Mohr-Coulomb model. Their calculations prove, that the orientation of the normal stress
in the shear plane strongly affects the shear fracture strengths (σf,c and σf,t) and fracture
angles (θcand θt). A higher fracture angle and lower fracture strength results when the
normal stress is tensile [212, 213].
Geometrical confinement
Since shear bands follow the plane with maximum shear stress, the shape of the BMG
sample is essential. The sample aspect ratio which is defined as the ratio of height to
diameter, affects the deformation behaviour. For instance, BMG specimens subjected to
uniaxial compressive loading with a high aspect ratio are propagated by one dominant
shear band (Fig. 3.3.5a). In contrast, in samples with a low aspect ratio, shear bands often
terminate at the contact interface between the sample and the cross-head of the testing
machine as Fig. 3.3.5b depicts. They are confined and cannot propagate unhamperedly. A
laterally confining stress, σL, results from the friction between sample surface and cross-
head. σL leads to an effectively triaxial loading condition, which favours multiple shear
band formation [215]. To avoid such a geometrical confinement, the aspect ratio (specimen
length/ specimen width) of 2 for compression test specimens is used [9].
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Figure 3.3.5: Geometrical confinement of a BMG specimen subjected to compression.
a) A sample with a high aspect ratio equivalent to a weak confinement is divided by one
dominant shear band. b) A BMG specimen with low aspect ratio. The high confinement of
the specimen gives rise to the formation of multipe shear bands which are indicated by the
red lines. σL is the lateral stress resulting from the friction between the specimen surface
and the cross-head. Redrawn after [215].
Testing conditions
Aside the sample shape, other parameters influencing shear-banding are the stiffness of the
testing machine and sample size [216, 9, 206]. In order to investigate the influence of the
stiffness of the machine on the deformation process, the sample and testing machine are
considered as elastic springs in series. This arrangement is known as machine-sample system
and depicted in Fig. 3.3.6a [216, 9, 206]. Under a compressive load, the sample deforms
elastically at first. Thereby, both springs are loaded and the length of the spring of the
machine reduces from l0 prior to deformation to l1 (Fig. 3.3.6b). The elastic displacement
of the machine prior to yielding of the BMG equals (σyA)/(κm + κs), where σy is the yield
strength, A is the cross-sectional area of the sample, and κm and κs are the stiffness of
the machine and sample, respectively. Once the yield strength of the sample is reached, a
shear band initiates from the collection of STZs [192] and propagates through the complete
sample. Afterwards, the sample begins to shear-off and the softened glass within the shear
band experiences large plastic strains. As the offset increases, the machine is releasing
stored elastic energy and thus promotes the shear off of the sample. This allows the machine
to “spring back” and the cross-head can recover its original displacement (Fig. 3.3.6c, l0).
In compressive testing, the spring-back occurs in the same direction as the deformation of
the sample (Fig. 3.3.6c). Thereby, the loading conditions, sample size and stiffness of the
machine determine how much elastic energy is released during the yielding of the sample
and, thus, to which extent the spring-back effect contributes to the shearing off of the
sample.
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Figure 3.3.6: Schematic of the machine-sample system with u denoting the displacement
imposed on the system, and κm and κs being the stiffness of the machine and sample,
respectively. The sample and testing machine are considered as elastic springs in series. a)
The elastic spring of the machine has a length l0 prior to loading. b) The elastic spring of
the machine and sample are pre-loaded, while the specimen is compressed. The length of
the preloaded spring of the machine is l1< l0. The specimen shears off due to the formation
and propagation of a dominant shear band. Thereby, the spring releases the stored elastic
energy and “springs back” to its original length l0. Modified after [9].
The shear band is stable as long as the strain in the shear band and the shear offset are
small and it becomes unstable when the offset increases rapidly [9]. Bigger samples with a
larger diameter tend to undergo unstable shear banding, since the spring-back effect being
proportional to the cross-sectional area of the sample, promotes the shearing-off. Likewise,
by reducing the sample size or increasing the machine stiffness, there is a critical value, at
which the shear band propagation changes from unstable to stable [206, 216]. Unstable
shear-banding is associated with a brittle failure of the sample. Specimens, which show
stable shear banding during loading, always deform plastically. The effect of sample size on
the plastic strain of BMGs subjected to compression has been observed by many groups
[217, 218, 219, 220, 221] and Fig. 3.3.7 depicts the strain-stress curves of a Zr-based BMG
tested at various sizes and consequently different machine stiffnesses.
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Figure 3.3.7: Stress-strain curves of a Zr-based BMG tested at various values of sample
diameter, d, and machine stiffness, κm. Taken from [206].
Cold and hot shear bands
Stable shear banding gives rise to plastic deformation of BMG specimens (Fig. 3.3.7, d= 1
and 2mm). Once their yield stress is exceeded, load drops termed serrations can be detected
at the stress-strain curve [9, 222, 223, 224]. They coincide with discrete displacement shifts
as shown in Fig. 3.3.8.
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Figure 3.3.8: Segment of load and displacement curves as a function of time of a
Zr52.5Ti5Cu17.9Ni14.6Al10 (Vit105) BMG subjected to uniaxial compression at room tem-
perature and a strain rate of 10-3 s-1. Discrete load serrations and displacement shifts are
visible. Taken from [222].
Serrations can correspond to the propagation of shear bands across the sample [9], or to
the initiation of multiple shear bands [216]. Thereby, no significant temperature increase is
involved and consequently, these shear bands are cold. Their velocity follows accelerate-
decelerate cycles which are characteristic of stick-slip motions [222]. Such cycles of arrest
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within shear bands can be described by two discontinuous but repetitive processes. During
“sticking”, the shear band remains approximately stationary, while the load applied to the
system and the elastic energy stored increase over time. More particularly, the propagation
of the shear band is so slow that it cannot be detected any more. At a critical limit, the
energy is released to either the shear band to drive its propagation until it is arrested
again or to initiate new shear bands [9, 209, 222, 225]. This stage corresponds to the “slip”
associated with a sharp load drop (Fig. 3.3.8).
Over the last decade, researchers have proposed several concepts explaining the arrest of
shear bands. Nowadays, particularly structural heterogeneities or the deformation-induced
nanocrystallization of metallic glasses are held responsible for the arrest of shear bands
[34, 67, 225, 226]. Both concepts are in the focus of the following subsection on measures
how to affect the plasticitiy of BMGs. After dwelling on cold shear bands first, the next
paragraph elaborates on hot shear bands.
Once cold shear bands become unstable, cooperative shearing and growth of the shear
offset takes place. Hot shear bands leading to catastrophic failure are present at this stage
of deformation. As the name already suggests, hot shear bands are associated with a
drastic temperature increase leading to the typical vein-like pattern on the fracture surface,
which is characteristic of viscous materials [187, 227, 228] (Fig. 3.3.3e, Fig. 3.3.9). The
temperature can rise to such an extent that remolten drops can be obtained at the fracture
surface.
Figure 3.3.9: SEM image obtained from the fracture surface of Cu44Zr44Al8Hf2Co2 BMG
after compression. A typical vein-like pattern is visible.
Due to its high yield strength and large elastic strain, BMGs can store a high elastic
energy. Once they start to yield, the stored energy is dissipated not throughout the entire
volume, but in a very small volume fraction of the metallic glass (within the shear bands)
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[9], so that the temperature can rise substantially. Thereby, the heating in shear bands is a
consequence of localization and not its origin [9]. Lewandowski et al. [229] have estimated
the heat genearation and temperature rise in and near a shear band during its operation by
means of an indirect coating-based method. Prior to bending until fracture, Zr-based BMG
specimens were notched and coated with a thin film of tin. Many shear bands with small
offsets form around the notch. They are not associated with fracture itself [229]. After the
bending experiment, the coating melted in a defined zone around each shear band. The
temperature of the propagating shear band exceeds the melting temperature of tin. Fig.
3.3.10 depicts tin droplets near a shear band and the inset indicates the half-width of the
melted zone w which can be used to derive the half-thickness x of the zone around the
shear band.
Figure 3.3.10: Temperature rise caused by the heat of propagating shear bands. a)
Scanning electron micrograph of a melted tin coating on a Zr-based BMG specimen
provides evidence of local heating at shear bands. The inset depicts a schematic cross-
section through a sample coated with a tin layer (black). A shear band with offset δ
generates a hot zone of half-width, x, within the temperature exceeds the melting point of
tin. b) Temperature profile of a shear band normal to an infinitesimally thin shear band.
The profile is calculated for two values of the heat content H : 0.4 kJm-2 (right side) and
2.2 kJ m-2 (left side). The times in nanoseconds after the shear event are given. The profiles
in bold are those for the maximum half-width of melting (0.2 μm on the left and 1.0 μm
on the right) of a tin coating, requiring a temperature rise of 207K above the ambient
temperature of 298 K. Taken from [229].
Lewandowski et al. treat the shear bands as planar sources of heat and describe quant-
itatively the subsequent temperature profile in the direction normal to the plane of the
shear band. They estimate the temperature rise, ΔT , at a normal distance, x, from the
band according to an one-dimensional heat-diffusion equation [229]. Fig. 3.3.10b illustrates
half-profiles of this kind for two different values of the heat generated during shear band
operation. As the heat diffuses outwards from the shear band, the temperature at any
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distance from the band first increases and then falls back towards the ambient temperature.
The heat contents are related to the work done in the shear band and are therefore pro-
portional to the flow stress of the glass and the distance moved (offset of the shear band).
Following expression accounts for this [9]:
H = β·σy·δ, (3.3.1)
where β is a constant and depends on the shear angle, σy is the uniaxial yield stress
and δ is the offset of the shear band. For shear under an angle of 45° with respect to the
loading axis in uniaxial loading, the shear stress at yield has the value of σy2 . Assuming
all the work done in the shear band is converted to heat, the ideal value of β would be
then 0.5. Work by Zhang et al. [230] verifies the linear form of Eq. 3.3.1 for several
glasses. Their estimation of β = 0.3± 0.05 indicates that the shear stress during flow ranges
between 50 and 70% of that at the onset of yielding. One possible explanation for the lower
shear stress is that at the early stages of shearing, structural changes occur in the shear
band. Theses changes consume work and therefore less heat is dissipated. Heat can cause
metallic glass to crystallize and indeed crystallization can be found in or near shear bands.
Deformation-induced nanocrystallisation is one topic of the following subsection 3.3.2 and
will be considered there.
3.3.2 Measures to affect the plasticity of bulk metallic glass
After the discussion concerning geometrical confinement and testing conditions, it follows
that BMGs will show greater plasticity, if the shear band propagation is retarded and the
deformation is less localized, so that BMGs subjected to deformation exhibit a higher density
of shear bands [42]. Measures to improve the plasticity of BMG aim at controling the shear-
banding and the range of measures is broad [9]. Therefore, the following overview below is
limited to (1) the adjustment of free volume, (2) deformation-induced nanocrystallization,
and (3) partly crystalline composites.
Adjustment of free volume
BMGs are prepared by cooling a liquid fast enough without intervening crystallization and
the most common method to adjust the free volume content of BMGs is to vary the cooling
rate during casting. As already mentioned in subsection 3.2.1 on the glass formation, the
supercooled liquid vitrifies at higher temperatures when cooled faster and the resulting
metallic glass exhibits a higher free volume content. Applying different casting conditions
to a liquid of a given composition, then leads to a BMG which exists in different structural
states. Shen et al. [231] prepared Ti-Cu-based BMG specimens at different cooling rates
and investigated their plasicity in uniaxial compression as a function of relaxation enthalpy
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being a measure for the free volume content [101]. Fig. 3.3.11a depicts enlarged DSC curves
below Tg of BMG samples with identical composition but prepared at different cooling
rates. Faster cooled samples show a higher relaxation enthalpy and as Fig. 3.3.11b displays
larger plastic strain in compression.
-4.6 J/g
-4.4 J/g
-3.7 J/g
a) b)
Figure 3.3.11: Characteristics of Ti-Cu-based BMGs of a given composition prepared at
different cooling rates. Sample I and III were prepared at the highest and lowest cooling rate,
respectively. a) Enlarged DSC curves at a heating rate of 20K/min show the endothermic
relaxation below Tg. BMG specimens prepared at faster cooling rates show higher relaxation
enthalpies being equivalent to a higher free volume content. b) The corresponding true
stress-strain curves in uniaxial compression display that BMG samples with more free
volume exhibit greater plasticity. Taken from [231].
Similar experiments of Zr-based BMGs [232] confirm that a higher free volume content
clearly results in larger compressive plastic strain. By means of FEM simulations, Chen
and Wang et al. [233, 234] have studied the mechanical properties of BMGs of a given
composition as a function of the content and the spatial distribution of the free volume.
The overall free volume lowers the stress necessary to create shear bands and, which is
more intriguing, a non-uniform distribution of the free volume promotes the initiation of
multiple shear bands during plastic deformation. SEM images of the lateral surfaces of the
previously mentioned Ti-Cu-based BMGs after fracture confirm their findings [231]. More
shear bands are visible at the surface of the BMG specimens which have more free volume
as Fig. 3.3.12 shows. Most shear bands can be seen at the lateral surface of sample I, which
shows the largest plastic compressive strain, since the extent of plastic deformation is largely
dependent on the shear band density generated during plastic deformation [235]. The shear
band density depends on the number of activated STZs during plastic deformation.
As introduced in the sections on the structure of metallic glass (section 3.1) and glass
formation (subsection 3.2), the free volume is indeed distributed in a non-uniform manner
in the glass. To be more precise, experiments and simulations definitely prove that it is
concentrated in nano-scale large regions [62], which are addressed in the current work as
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a) a)b c)
Figure 3.3.12: SEM images of the lateral surfaces of Ti-Cu-based BMG samples near the
fractured regions show multiple shear bands. a) sample I, b) sample II, and c) sample III.
Taken from [231].
free volume enhanced regions (FERs). FERs are susceptible to structural reconfigurations
evoked for instance by stress. MD simulations show that they represent preferred sites for
the initiation of shear bands [51, 62]. BMGs with a higher free volume content show a larger
number of FERs. When such BMGs are subjected to loading, more STZs are activated,
so that a higher density of shear bands forms during plastic deformation. Consequently,
they experience larger plasticity, since shear bands are the carrier of plastic deformation in
metallic glasses.
Ketov et al. [52] have come to the same conclusion. They have increased the free volume
of BMGs by cryogenic cycling [52], which is only possible due to the presence of structural
heterogeneties (FERs) in the metallic glass. More FERs are formed with every cycle owing
to non-affine thermal strain [52]. The details of this method are adressed in section 3.2.1.
However, the crucial point here is that the cryogenically cycled BMG with more free volume
and hence higher number of FERs than the as-cast state, exhibit larger plasticity during
deformation. The plastic strain of a Zr-based BMG increased from 4.9% in the as-cast
state to 7.6% after 60 cryogenic cycles, as Fig. 3.3.13 demonstrates [52]. More shear bands
intiate at the rejuvenated BMGs and consequently, the shear band spacing is several times
smaller than in the corresponding as-cast sample, suggesting greater ease of shear band
initiation [52]. Furthermore, the rejuvenated metallic glass is softer (Fig. 3.3.13b, inset)
[52].
Liu et al. [236] have designed a Zr-Cu-Ni-Al-based BMG showing compressive plastic
strains of more than 160%. They ascribed the exceptional deformability to the unique
structure of this “super-plastic” BMG: Their TEM investigation shows that the structure
consists of darker regions which are surrounded by brighter ones (Fig. 3.3.14).
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b)a)
Figure 3.3.13: Rejuvenation and improved plasticity caused by cryogenic cycling. a)
Zr-based BMG specimens with a diameter of 1.5mm show an increase in plastic strain
under uniaxial compression as the number of cryogenic cycles augments. b) The compressive
plasticity of this BMG is strongly dependent on sample dimension. Thermal cycling leads
to an increase in plastic strain, accompanied (inset) by a reduction in microhardness (in
kgmm–2; each data point is the average of 20 measurements). Taken from [52].
a) a)b
Figure 3.3.14: TEM image of the “super-plastic” Zr-Cu-Ni-Al-based BMG. a) Dark regions
which are surrounded by brighter ones (corresponding to hard and soft regions, respectively)
are visible. b) HRTEM image shows mazelike pattern that confirm the amorphous nature
of the BMG. In both dark and bright regions, HRTEM and SAED patterns are identical,
implying that no phase separation occurs. The insets depicts a SAED pattern of one region.
Taken from [236].
The darker regions extent up to 2µm in size and are harder than the brighter ones [236].
The bright, soft regions which we term FERs, exhibit a higher free volume content and are
prone to shear band initiation (formation and coagulation of STZs) [236]. According to Liu
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et al., multiple shear bands initiate from FERs, interact with each other and ultimaltely
result in this “super-plastic” behaviour [236].
Kim et al. [237] have reported interactions of propagating shear bands and heterogeneities
during the plastic deformation of the Cu47.5Zr47.5Al5 BMG in uniaxial compression. A
TEM investigation of the fracture surface of the BMG shows slither propagation of a shear
band (Fig. 3.3.15a). Darker nano-scale heterogeneities are located along the shear band
(encircled ares in Fig. 3.3.15). Kim et al. [237] suggest that the interaction between
the heterogeneities and the shear band causes its bulging or as they term it a “slither”
propagation of the shear band. The shear band dissipates energy due to bulking and
consequently its propagation is hindered [237] which contributes to larger plasticity of the
BMG as it is deformed.
a) a)b
Figure 3.3.15: TEM analysis of a Cu47.5Zr47.5Al5 BMG which was deformed until fracture.
a) TEM bright-field image shows a wavy shear band. The bulging is caused by heterogeneities
marked by circle and located along the band. b) The SAED pattern shows a fully amorphous
structure. Adapted from [237].
Designing metallic BMGs with a high free volume content or methods capable of increasing
the number of FERs in BMGs represent suitable measures to improve the plasticity of
BMGs. Opposed to that, annealing of BMGs can lead to annihilation of free volume.
Kumar et al. [102] have annealed Zr-based BMGs at different temperatures below Tg for
various durations up to 50 hrs and determined afterwards the relaxation enthalpy. Their
results indicate that, though completely relaxed glassy states are unattainable, sub-Tg
annealing leads to the embrittlement of BMGs. They have concluded that the mechanical
properties are very sensitive to even fractional relaxation [102]. The annihilation of free
volume is equivalent to a decreasing number of FERs. Sub-Tg annealing hence embrittles
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[102, 238] the MG, since the activation of STZs is restricted.
The same authors (Kumar et al.) [239] have tried to rationalize the effect of composition
of the glass, the cooling rate during its preparation and the influence of annealing on
the room-temperature plasticity of metallic glasses. They have annealed different BMG
compositions at temperatures below and above the glass transition for a given time and
water-quenched them. They have introduced a fictive temperature, Tf, for metallic glasses
[239]. The properties of a glass are reminiscent of its supercooled liquid at Tf [240, 241]. The
Tg, which has been determined from DSC measurements, was taken as Tf and correlated to
the plasticity obtained from bending as Fig. 3.3.16 depicts [239].
Figure 3.3.16: Room-temperature bending strain to failure as a function of the fictive
temperature for Pt-MG, Zr-MG and Pd-MG normalized with respect to the Tg of the
corresponding as-cast MG. The critical fictive temperature for ductile–brittle transition
is 0.89Tg, 0.96Tg and 1.02Tg for Pt-MG, Zr-MG and Pd-MG, respectively. The open
triangle is the strain to failure for Pt-MG annealed at 0.89Tg for 30 days. Taken from [239].
The room-temperature plasticity of BMGs decreases with lowering the fictive temperature,
which corresponds to an decrease of the free volume imparted by structural relaxation.
When the MGs exhibit less than 2.5% strain, they were defined as brittle, and Tf at the
ductile–brittle transition is termed then the critical fictive temperature, Tf c [239]. Tf c
depends on the composition of the BMG and is a material specific parameter [239]. Fig.
3.3.17 displays the TTT diagram of the Zr-based MG, which shows that the annealing
temperature and duration determine the thermal embrittlement of metallic glass [239].
The cooling rate during the preparation of MGs determines the free volume content
and hence Tg and can be discussed within this concept (Fig. 3.2.1). If the cooling rate
is sufficiently fast, the resulting Tf is higher than Tf c, and the BMG is ductile. A lower
cooling rate will result in lower Tf c, and the glassy state will become brittle when Tf drops
below Tf c [239]. For instance Fe-based BMGs already in the as-cast state behave brittle,
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Figure 3.3.17: Temperature-time-transformation (TTT) diagram for embrittlement. The
Tf c is the highest temperature where embrittlement can occur owing to structural relaxation.
Above Tf c, the embrittlement time increases abruptly due to crystallization. The duration,
te, at Tf c defines the nose of TTT diagrams for embrittlement. Taken from [239].
since te is very short [239].
Deformation-induced nanocrystallization
Various works report on nanocrystallization during the deformation of BMGs within or
along shear bands [242, 243] and/or in their vicinity [235, 226], whereas other authors
observe deformation-induced nanocrystallization far away of shear bands [34, 37]. At first,
nanocrystallization occuring within or along shear bands and afterwards far away of shear
bands is in the focus.
One has to distinguish if cold or hot shear bands, which have been elaborated on in the
previous subsection 3.3.1, are involved. Cold shear bands propagate through the glass at
temperatures of the surrounding bulk [9]. In contrast, hot shear bands are accompanied
by significant local heating [9, 8, 207, 244, 245]. In Ni- or Al-based BMGs for instance,
deformation-induced nanocrystallization is solely occuring within shear bands with widths
ranging from 10 to 100 nm [243, 246] (Fig. 3.3.18).
Fig. 3.3.18 depicts that deformation-induced nanocrystallization is exclusively confined to
the thin zone of rapid shearing. This very local confinement is contrary to the temperature
profile of a hot shear band and its direct vicinity, as the work of Lewandowski and Greer
[229] on tin-coated Zr-based BMGs show (see therefore subsection 3.3.1). Their calculations
of temperature profiles of hot shear bands indicate that the hot zone of the shear band is
much thicker than the band itself. If heating is the dominant cause of deformation-induced
nanocrystallization, crystals would thus be present within a much thicker and more diffuse
zone around the shear band. Furthermore, the temperatures in the centre of hot shear
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Figure 3.3.18: Deformation-induced nanocrystallization of a Ni-based BMG. Nanocrystals
form during compressive plastic deformation exclusively within shear bands. a) Dark-field
TEM image of shows a high density of nanocrystalls within a 100 nm wide shear band.
Nanodiffraction pattern of regions within the shear band (b) show crystalline reflections,
whereas the pattern of a region outside the shear band (c) only displays rings characteristic
for fully amorphous structures. d) Enlarged dark-field TEM image of the shear band. Taken
from [246].
bands most likely exceed the liquidus temperature of the alloy [9]. In BMGs with good
GFA, the high temperatures in the centre of the shear band combined with a cooling
rate of the order of 109K/s at the glass transition lead to a “reamorphization” of the
liquid within the shear band [9]. At such high cooling rates, the quenched centre of the
shear band is amorphous [9, 247]. Since this is not the case in the present example (Fig.
3.3.18) and nanocrystallization only occurs within shear bands, they have to be cold. The
large shear strain within the propagationg shear band must cause then the formation of
nanocrystals [246], as they are shown in Fig. 3.3.18. Compared to this, the temperature rise
in the vicinity of hot shear bands is considerable and can lead to the formation of crystals
[247, 248]. Shibata et al. have plastically deformed Pd78Cu6Si16 glass and investigated the
resulting shear bands by means of TEM [247]. Aside narrow shear bands with a thickness
of around 15 nm, they have observed cubic closest packed (ccp) Pd-based nanocrystals in
their immediate vicinity (Fig. 3.3.19).
From their TEM results, Shibata et al. conclude that deformation-induced nanocrystalliz-
ation occurs due to the temperature rise caused by the heat released during the propagation
of hot shear bands [247]. Furthermore, they estimate the duration in which crystallization
occurs to be on the order of nanoseconds. According to them, this may be insufficient to
cause homogeneous nucleation and crystal growth [248], so that pre-existing clusters must
be present [247]. Nanocrystals then grow from these clusters, which we term quenched-in
nuclei in the following.
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Figure 3.3.19: Deformation-induced nanocrystallization of a Pd-based metallic glasses
caused by the released heat of propagating hot shear bands. a) Dark-field image shows bright
spots corresponding to nanocrystals which are located outside the shear band (marked by
the white dashed line). b) The SAED pattern depicts cristalline reflections which can be
attributed to the fcc-Pd phase. Adapted from [247].
As announced above, nanocrystals can also form far away from the main shear bands
during plastic deformation of BMGs [34, 37]. Thereby, the temperature rise caused by
the heat release during the propagation of hot shear bands is excluded as the reason for
deformation-induced nanocrystallization [34, 37]. Pauly et al. [34] have subjected Cu-Zr-Al-
based BMGs to uniaxial tension and observed deformation-induced B2CuZr nanocrystals
far away from shear bands after fracture and Fig. 3.3.20 displays the corresponding TEM
images. Many nanocrystals with sizes ranging between 10 and 50 nm can be seen and
some of them show a diffraction contrast typical of twins (Fig. 3.3.20a). The twinning
of the nanocrystals is more obvious at higher magnifications (Fig. 3.3.20b and c). They
identified the untwinned regions of the nanocrystals as B2CuZr by means of fast fourier
transformation (FFT) analysis (not shown here) [34].
During the deformation of Cu-Zr-Al-based BMGs at the early stages, significant local
softening of the shear modulus occurs and causes atomic displacements, which lead to the
precipitation of nanocrystals in the glass as shown in Fig. 3.3.21a. More precisely, B2CuZr
nanocrystals form, and Pauly et al. speculate that the short-range order length-scale of the
Cu-Zr-Al based BMG resembles the structure of the B2CuZr phase [34]. In other words,
quenched-in B2CuZr clusters serve as nuclei, whose growth is activated during deformation.
On further deformation, the larger B2CuZr nanocrystals undergo twinning whereas new
B2CuZr nanocrystals continue to form (Fig. 3.3.21b). The precipitation of nanocrystals
and their subsequent twinning relaxes stresses in the surrounding matrix and reduces the
formation of STZs. Thus, the local crystallization competes with the activation of STZs
and thus suppresses their percolation and as a consequence the formation of shear bands is
hampered.
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Figure 3.3.20: Deformation-induced nanocrystallization of a Cu47.5Zr47.5Al5 BMG speci-
men subjected to tension, occurs due to significant local softening of the shear modulus.
a) Bright-field TEM micrograph depicts the abundant presence of nanocrystals with sizes
ranging between 10 and 50 nm. Some nanocrystals show a diffraction contrast typical of
twins. The twinning of the nanocrystals is more obvious at higher magnifications (b and c).
Adapted from [34].
However, STZs form, coalesce and the generation of a viable shear band is triggered. In
this process, the presence of the crystalline phase hinders the propagation of the shear band
(Fig. 3.3.21c). The shear band transforms into a crack and finally gives rise to catastrophic
failure.
If nanocrystallization and twinning of the B2CuZr phase occurs within a sufficiently
large volume, the deformation-induced nanocrystallization represents a measure to improve
plasticity of BMGs [34]. Several studies also indicate a link between deformation-induced
crystallization due to shear band propagation, and plasticity [34, 67, 235, 249, 250, 251, 252].
Chen et al. [67] have perceived CuZr nanocrystals that are located directly along the shear
bands after bending and cold-rolling a Cu50Zr50 glass. The nanocrystals with a size up
to 20 nm in diameter affect the propagation of shear bands, which became thicker when
approaching the nanocrystals. Nanocrystals can not only hinder [9], but also block the
propagation of shear bands [252] and simulations suggest that as consequence, new shear
bands are likely to be initiated [253, 254]. Brink et al. [252] have conducted MD simulations
with the aim to study the interaction of shear bands and nanocrystals as a function of
the size of the crystals [252]. The presence of nanocrystals improves the plastic strain
due to the proliferation and deflection of shear bands [252]. Their results confirmed by
experimental work [255, 256], show that the size of nanocrystals have to be sufficiently
large to enable deflection and even larger to block shear bands. Hebert et al. [255] have
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Figure 3.3.21: Schematic illustrates the deformation-induced nanocrystallization of the
Cu-Zr-Al-based BMGs. a) With increasing loading of the BMG, at first local stress
concentrations are generated in the glassy material. b) B2 CuZr nanocrystals precipitate
polymorphically due to the softening of the shear modulus, and thereby reduce the stress
concentrations. At the same time some STZs develop, hampered by the competing formation
of nanocrystals. The larger B2 nanocrystals furthermore undergo twinning and also absorb
stresses of the matrix. c) Before fracture eventually sets in, the STZs coalesce to form
a shear band in the glassy matrix, which is either forced to bypass or impeded by the
precipitates. This consumes energy and absorbs stresses present in the matrix and hence
retards fracture, leading to ductility. Taken from [34].
investigated a cold-rolled Al-based metallic glass and Fig. 3.3.22 depicts shear bands, which
are deflected by Al-nanocrystals with a size of at least 10 nm. Wang et al. [256] observed
in Cu-Zr-Ti-BMG subjected to plastic deformation shear bands which were deflected by
B2CuZr nanocrystals with a size of at least 9 nm in diameter.
According to another approach, the material in shear bands containing nanocrystals can
be considered as semi-solid slurry [251]. During the deformation of a Cu-Zr-based BMG,
the softened glass with shear bands behaves liquid-like and the CuZr nanocrystals within
or along the shear band comprise the solid fraction. The viscosity of the slurry increases
as more and more nanocrystals form and grow. Because of that, the shear is displaced to
adjacent regions with lower crystalline volume fraction and the propagation of the shear
band is deflected [251].
B2CuZr nanocrystals can transform via a martensitic transformation to B19’CuZr
and exhibit twinning during deformation as Fig. 3.3.20 illustrated [67]. Furthermore,
dislocations and stacking faults are present inside the CuZr nanocrystals. Crystalline
defects within nanocrystals prove that they are deformation-induced since nanocrystals
formed on solidification of the melt are typically defect-free [9, 257]. Chen et al. [257]
hence suggest that extensive crystal defects within the nanocrystals prove that the plastic
deformation of the nanocrystals is an important contribution to the overall plasticity of the
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50 nm 5 nm
Figure 3.3.22: Interaction between deformation-induced nanocrystals and shear bands.
a) Dark-field TEM micrograph of a cold-rolled Al-based MG depicts several shear bands
indicated by white dashed lines. Nanocrystals deflect the propagating shear bands and the
deflection sites are marked by purple arrows. b) HRTEM image of the region enclosed by
the blue rectangular of a) confirms the crystalline nature of the white entities in a). Taken
from [255].
metallic glass. Twinning of deformation-induced CuZr nanocrystals absorbs energy and
thus hinders the shear band and ultimately crack propagation [258].
Presence of crystals in the amorphous matrix
In dispersion hardening of conventional crystalline engineering alloys, dispersed particle are
used to hinder dislocation glide and increasing the yield strength [259]. Though being a
completely different deformation mechanism, particles are also embedded in MGs and it has
been shown that they are useful in blocking the propagation of shear bands and of resulting
cracks. BMG composites, which consist of the amorphous matrix and an incorporated phase
or phases, can be prepared using different approaches. In the following, the incorporated
phase will be termed second phase.
One method to obtain BMG composites is to add ceramic or insoluble particles with a
high melting temperature to the melt prior to casting. For instance, Choi-Yim et al. [260]
reinforced Cu- and Zr-based alloys that provide a high GFA with SiC, TiC or WC particles.
It is desirable to choose an amorphous matrix and dispersions with relative similar thermal
expansion coefficients. Thus, the mismatch of thermal stress, which arises during cooling,
is minimized. Ex-situ composites exhibit a slightly increased yield strength and greatly
increased plastic strain in compression [9]. However, there is no significant ductility in
tension [9, 261]. Furthermore, the main challenge in designing the microstructure of such
ex-situ BMG composites is to achieve a uniform distribution of very fine particles in the
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amorphous matrix.
Another approach in preparing BMG composites is to deliberately precipitate the second
phase during melt-quenching. The resulting BMG composites are then named in-situ
composites [33]. Depending on the alloy composition and the crystallization mechanism,
dendritic, spherical crystallites or even quasicrystals can form in the amorphous matrix (Fig.
3.3.23a-c) [262, 263, 264]. The various crystallization types, which can be observed during
the preparation of BMG composites, are addressed in section 3.2. The crystal size can
range from hundreds of micrometers [9, 31, 33, 32, 35, 39, 46, 262, 263, 264] to nanometers
[44, 265] and due to high cooling rates even metastable phases can form.
Figure 3.3.23: Schematic showing different types of BMG composites: a) Spherical crystals,
b) dendrites, and c) quasicrystals embedded in an amorphous matrix. Redrawn after [262].
Compared to ex-situ composites, in-situ BMG composites possess atomically sharp and
well-bonded crystal-glass interfaces [9, 33] and show ductility in tension. Hofmann et al.
have designed Zr-Be-based melt compositions in such a way that upon cooling ductile β
(Zr,Ti,Nb)-dendrites form and then the residual liquid vitrifies [33]. Fig. 3.3.24a displays a
SEM image of the corresponding microstructure. The bright dendritic β (Zr,Ti,Nb)-phase
is clearly visible. The soft dendritic phase is introduced into the BMG to maximize the
ductility of the composite while sustaining the yield strength as high as possible. Fig.
3.3.24b depicts engineering stress-strain curves of a Zr-Be-based BMG and three BMG
composites with slightly different compositions. As expected, the BMG fails in a brittle
fashion when subjected to uniaxial tension. By contrast, the BMG composites show
considerable ductility in tension. Thereby, the yield strength decreases, while the ductiliy
increases with augmenting volume fraction of the crystalline β (Zr,Ti,Nb)-phase.
The works of Hays and Hofmann et al. [32, 33] demonstrate that the β-dendrites reinforce
the amorphous matrix by constraining the shear band propagation, which ultimatively
leads to branching and deflection of shear bands (Fig. 3.3.24c). Since the ductile dendrites
also have a lower yield strength than the amorphous matrix [32, 33, 266], they not only
block the propagation of shear bands, but also facilitate their formation at the crystal-glass
interface (Fig. 3.3.24c) [32, 33, 35]. In this way, energy is consumed and the stress in front
of the shear bands is reduced, so that more shear bands can be formed, which results in
large macroscopic plastic strain.
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Figure 3.3.24: Enhanced room temperature tensile ductility of Zr-Ti-based BMG compos-
ites. a) SEM image shows the microstructure prior to deformation. Bright β (Zr,Ti,Nb)-
dendrites with a volume fraction of 42Vol.% are embedded in the glass. b) Engineering
stress-strain diagram of a brittle Zr-Be-based BMG and three different Zr-Ti-based BMG
composites with a similar microstructure and different volume fractions of the dendritic β
(Zr,Ti,Nb)-phase show pronounced ductility. c) SEM image of arrested shear bands and
plastically deformed β (Zr,Ti,Nb) dendrites. Taken from [33].
Dendrite-reinforced BMG composites suffer from an instability under tension, which is
generally known as work-softening or necking [33, 266]. However, BMG composites with
high strength, large ductility and work-hardening are desirable. By incorporating the
BMG with a shape-memory phase, extensive work hardening can be achieved [266, 267].
A shape-memory phase can undergo a stress-induced martensitic transformation, which
imparts a work-hardening capability. That means the alloy becomes “stronger” as it is
deformed. Aside maybe the most known and studied shape memory alloy NiTi, CuZr also
undergoes the same shape-memory effect. One of the best glass-forming compositions in
the binary Cu-Zr system, Cu50Zr50, has the same composition as the high-temperature
CuZr shape memory phase [266]. As will be introduced in the following section 3.4, BMG
composites with CuZr crystals can be obtained on rapid cooling [33, 34, 36, 37, 38, 39, 40].
Fig. 3.3.25a shows that compared to β (Zr,Ti,Nb)-BMG composites, the Cu50Zr50-based
composites exhibit under tensile loading work-hardening and ductility.
The deformation-induced martensitic transformation of the B2 CuZr phase to the martens-
itic B19’ and B33 CuZr phases (Fig. 3.3.25b) gives rise to work-hardening, which overcom-
pensates the work-softening of the glass [36, 37, 39, 41, 46]. This martensitic transformation
is addressed more in depth in the following section.
Fig. 3.3.26a illustrates the microstructure of a B2 CuZr-BMG composite, where the darker
spherical regions correspond to B2CuZr particles. When such a composite is deformed,
shear bands initiate at the crystalline-glass interface right after yielding. During the work-
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a) b)
Figure 3.3.25: Tensile ductility in BMG composites. a) True stress-strain curves of
Cu-Zr-Al-based and Zr-Ti-based BMG composites. The Cu-Zr-Al-based BMG composite
is comprised of isolated B2CuZr crystals undergoing a deformation-induced martensitic
transformation, and the glass. This transformation imparts a work-hardening behaviour.
The Zr-Ti BMG composite consists of β (Zr,Ti,Nb) crystals and the amorphous matrix.
Similar to the glass, β (Zr,Ti,Nb) crystals exhibit work-softening when plastically deformed.
Taken from [266] b) The XRD patterns of the Cu-Zr-Al-based BMG composite prior and
after fracture confirm the martensitic transformation of the B2CuZr phase. After [37].
hardening stage, B2CuZr austenite transforms to B19’ and B33CuZr martensites associated
with a volume expansion which leads to the initiation of further shear bands [218]. The
propagating shear bands are blocked, deflected and/ or branch at the crystalline particles
(Fig. 3.3.26b and c) [37, 36, 38, 39, 41, 46]. The effective interactions between the shear
bands and particles lead to a proliferation of shear bands and ultimately large ductility.
b) c)a)
250 µm 100 µm 50 µm
Figure 3.3.26: B2CuZr BMG composite microstructure prior and after fracture. Taken
from [37].
The size and particularly the distribution of CuZr particles determine how effective the
interaction between the particles and shear bands are [36, 39, 40, 46]. Small and relatively
uniformly distributed B2CuZr precipitates are desirable to that effect [39, 40]. In-situ
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B2CuZr composites are solidified from the melt in copper-moulds. Owing to cooling rate
variations during casting, the overall crystalline volume fraction, B2CuZr particle size
and interparticle distances show large variations [38, 39, 46]. To produce a more uniform
microstructure Hofmann et al. applied semi-solid processing for Be-containing Zr-Ti-based
alloys with high GFA [33]. Thereby, a liquid is undercooled to temperatures of the solid-
liquid region, where low growth rates prevail. The semi-solid slurry is quenched after a
given duration, so that the residual liquid vitrifies.
Another approach used for the preparation of Cu-Zr-Al-based BMG composites is to
remelt them several times [40]. The volume fraction and particle size decrease with an
increasing number of remelting treatments and Fig. 3.3.27 depicts the microstructure of
BMG composites obtained after 4, 8, 12, and 20 remelting treatments [40].
Figure 3.3.27: Remelting as a method to design in-situ BMG composites containing
B2CuZr precipitates. SEM images of as-cast Cu47.5Zr47.5Al5 BMG composites with a
diameter of 3mm. The central region used for the tensile tests, which results are shown in
Fig. 3.3.28, is marked by a dashed white circle. The volume fraction decreases and the
distribution of the B2CuZr becomes more uniform with increasing number of remelting
treatments: a) 2 times, b) 8 times, c) 12 times, and d) 20 times. Taken from [40].
Liu et al. have suggested that inclusions such as refractory oxides and nitrides or
oxygen/nitrogen stabilized phases initiate heterogeneous nucleation, which results in the
non-uniform distribution of B2CuZr particles. Inclusions are dissolved during the remelting
and the released oxygen and nitrogen contribute to a more efficiently packed structure of
the melt [40]. Due to that, more sluggish crystallization kinetics are the consequence and
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they lead to a lower volume fraction and more uniform distribution of the B2 CuZr phase
during cooling [40]. Fig. 3.3.28 depicts the true stress-strain curves of the Cu47.5Zr47.5Al5
BMG composites as a function of remelting treatments. A decreasing volume fraction of the
B2CuZr phase gives rise to a higher yield strength and the ductility increases owing to more
uniformly distributed as well as smaller B2CuZr particles [40]. For the Cu47.5Zr47.5Al5
alloy, Liu et al. achieved an optimum B2CuZr composite microstructure after 12 remelting
treatments (Fig. 3.3.28). This optimum depends on the casting device and the casting
parameters of one remelting treatment [40].
Figure 3.3.28: True tensile stress-strain curves of remolten Cu-Zr-Al-based BMG com-
posites, whose micrographs can be found in Fig. 3.3.27. The optimum B2CuZr composite
microstructure is achieved after 12 remelting treatments. Taken from [40].
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3.4 Cu-Zr-Al-based alloys
Although violating Inoue’s three empirical rules of glass formation (subsection 3.2.6), binary
compositions of the Cu-Zr-system can vitrify into bulk geometries [268, 269, 270, 271, 272].
Fig. 3.4.1 depicts the binary Cu-Zr phase diagram in which the critical casting dimensions
are indicated. Cu64Zr36 and Cu50Zr50 are the best glass formers.
Figure 3.4.1: Glass-forming ability in the binary Cu-Zr phase diagram. a) Critical casting
dimensions in binary Cu100-xZrx alloys. The values are extracted from Refs.[268, 269, 270,
271, 272, 273, 274, 275, 276, 277]. Phase diagram adapted from [278]. Fig. taken from
[279].
Wang et al. have tried to explain the good GFA of Cu50Zr50 by an extended eutectic
reaction [273]. As a result of high cooling rates during copper-mould casting, the binary
equilibrium phase diagram is “distorted” and the liquidus lines at the eutectic become
asymmetric [273]. The melt crystallizes solely eutecticly at compositions away from the
eutectic composition (Xeu). According to Wang et al. [273], compositions with the best
GFA are on the side of Xeu where the phase diagram indicates a steeper liquidus line.
Simulations have been also exerted to explain the high GFA of Cu50Zr50. As mentioned in
section 3.1 on the structure of MGs, the SRO of Cu50Zr50-based MGs is icosahedral ordered
and glasses with a pronounced icosahedral SRO are considered to be better glass-formers
[29, 280].
In addition to the good GFA, the shape-memory phase B2CuZr crystallizes from the
Cu50Zr50 alloy. As the melt is cooled, at first the high-temperature B2CuZr phase precipit-
ates. B2CuZr has a cubic structure (Pm3̄m) and can undergo a reversible and stress-induced
martensitic transformation (MT) into the two monoclinic phases B19’ CuZr (P21/m) [281]
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and B33CuZr (Cmcm) [282, 283]. B33 is the superlattice of B19’ [284]. This diffusionless
transformation is briefly introduced in the following [285]. Fig. 3.4.2a depicts the structure
of B2CuZr. From four converging cubic unit cells of B2CuZr, a tetragonal cell can be
constructed within them. Shearing the (110) lattice plane of this tetragonal cell along the
(11̄0) direction transforms the parent B2CuZr structure into the B19 martensitic structure
(Fig. 3.4.2b). A further shearing of the (001) plane along the same (11̄0) direction finally
leads to the B19’CuZr structure (Fig. 3.4.2c) [285, 286, 287].
a) Parent B2 b) Martensite B19 c) Martensite B19'
Figure 3.4.2: Martensitic transformation in CuZr from the parent B2 structure (a) over
the B19 (b) to the B19’ martensitic structure (c). After [285].
After the precipitation of B2CuZr from the melt, an eutectoid decomposition into the
low-temperature equilibrium phases Cu10Zr7 and CuZr2 occurs at 988K (Fig.3.4.1) [278].
Therefore, the B2 and B19’CuZr phases are metastable at room temperature (RT). Fig.
3.4.3a depicts the Gibbs enthalpies of all phases present in the Cu50Zr50 alloy at room
temperature. According to the binary equilibrium phase diagram, a phase mixture of
Cu10Zr7 and CuZr2 is stable below the eutectoid temperature and has therefore the overall
lowest Gibbs enthalpy. The melt has the highest Gibbs enthalpy, followed by the glass, the
B2 and B19’CuZr phase.
At room temperature, the glass has a metastable state and can reduce its free enthalpy if
a sufficient activation energy for a transformation to a more stable state is provided. Such
a transformation can be either induced by deformation or heating above Tx, which then
leads to the devitrification of the glass. However, the high-temperature B2CuZr phase can
be additionally obtained from Cu50Zr50-based melts as they are rapidly cooled. Fig. 3.4.3
depicts schematically a temperature-time-transformation (TTT) diagram of Cu50Zr50-based
compositions and illustrates the influence of different cooling rates on the phase formation.
Crystallization is completely suppressed when the melt is quenched at the critical cooling
rate (I). Lower cooling rates cross the crystalline nose (II and III). Depending on the exact
course only the B2CuZr phase region can be involved (II), so that BMG composites with
embedded B2CuZr crystals result. The B2 phase undergoes a martensitic transformation
to B19’CuZr if the martensitic phase region is crossed additionally. If the cooling rate is
near the equilibrium conditions, at first B2CuZr solidifies before it decomposes eutectoidly
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Figure 3.4.3: Phase formation in the Cu50Zr50 alloy. a) Schematic Gibbs enthalpy diagram
of all stable and metastable phases in the Cu50Zr50 alloy at temperatures below 988K. b)
Schematic temperature-time-transformation (TTT) diagram of Cu-Zr-based compositions
illustrates the influence of different cooling rates on the phase formation: (I) Critical cooling
rate, and lower cooling rates at which the crystalline nose is crossed (II) and (III).
into the low-temperature Cu10Zr7 and CuZr2 phases.
BMG composites, which are comprised of the shape-memory B2 CuZr phase and the glass,
are of high interest owing to their outstanding mechanical properties. Their preparation is
desirable due to the apparent potential of combining the ductility and work-hardening of
the B2CuZr phase with the high strength and elastic strain of the amorphous phase as
was discussed in the preceding section 3.3.2. Compared to multi-component compositions,
which can be cast in rods with diameters of more than 10mm, the Cu50Zr50 alloy only
has a limited GFA. In order to prepare Cu50Zr50-based BMGs and BMG composites with
larger geometries, one or several further alloying elements are added to the Cu50Zr50 base
alloy. Minor additions shall improve the GFA [288] and not destabilize or even prevent the
formation and martensitic transformation of the B2CuZr. Several alloying elements like
Al [41, 289, 290], Ti [291, 292], Be [293], Er [294], Hf [295] and Ag [296] have been added
to Cu50Zr50. Be, which is toxic and therefore not an option, and Al seem to be the most
beneficial elements when it comes to increasing the GFA [297, 298, 299, 300]. The positive
influence of Al has been confirmed by MD simulations, since alloying with Al promotes
icosahedral ordering and thus greatly enhances the number of “complete” Cu-centered
coordination polyhedra [79] which again correlate with the GFA of Cu-Zr-based alloys
[29, 280]. Experimentally, the best glass-formig alloy in the ternary Cu-Zr-Al system has
been determined to be Cu40Zr50Al10, which is located in the vicinity of a ternary eutectic
[300]. The GFA gradually increases with Al additions up to 10 at.% [301] while the plasticity
of Cu-Zr-Al-based BMGs decreases. A certain amount of Al increases the plasticity of
Cu-Zr-based glasses, yet, above a critical value the BMG fails in a brittle manner [287, 302].
Al as alloying element has no influence on the phase stability of B2 CuZr and its martensitic
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transformation [303]. However, at around 9 at.% and higher additions of Al, the ternary
Cu2ZrAl phase (τ4) is present (Fig. 3.4.4) [304, 305].
Figure 3.4.4: Calculated isothermal section of the ternary Cu-Zr-Al system at 773 K. At
further increasing temperature, the phase formation changes at 988 K owing to the eutectoid
transformation of the Cu10Zr7 and CuZr2 phases to the high-temperature B2CuZr phase.
τ3 marks the CuZr2Al phase, which is generally not found in (Cu0.5Zr0.5)100-xAlx (0 < x <
10) glass-forming compositions, and the Cu2ZrAl phase is abbreviated by τ4. The red circle
highlights the Cu46Zr46Al8 which is investigated in the present thesis. After [304].
Co additions are advantageous when it comes to stabilizing the shape-memory phase to
lower temperatures, since the binary Co-Zr phase diagram shows the B2 CuZr phase which
is stable at room temperature [306]. Unfortunately, Co added to Cu50Zr50 deteoriates the
GFA [307] and large Co additions above 20 at.% suppress the martensitic transformation
of the B2CuZr phase [308]. Therefore, aiming at designing the microstructure of BMG
composites with stable B2 CuZr crystals, small amounts of Co up to 2 at.% should be added
to ternary Cu-Zr-Al-based compositions [36, 37, 305]. The challenge hereby is to precipitate
small B2CuZr crystals with a narrow particle size distribution relatively uniformly and
particularly in a reproducible manner during melt-quenching [39, 40]. So far it has been
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very difficult, if not impossible to prepare such BMG composites during solidification as
the works of, for instance, Pauly et al. have demonstrated [39, 46]. Another motivation of
the present work is to tailor uniform microstructures by flash-annealing of Cu-Zr-Al-based
BMGs. As above mentioned, resulting from kinetic constraints due to the high heating
rates, there is a high possibility to exclusively devitrify Cu-Zr-Al-based BMGs to B2CuZr.
3.5 Flash-annealing
The focus of this section is on rapid heating or just flash-annealing of various material
classes with an emphasis on metallic glass. Annealing and flash-annealing is defined in the
following as heat treatment which affects the complete volume of the specimen.
Chalcogenide-based phase-change materials have the potential to be used as materials
for data storage [309]. Compositions such as Ge2Sb2Te2 (GST) are used in re-writable
optical data storage and could be the basis for non-volatile electronic memory [310, 311].
The amorphous and the crystalline state exhibt different optical reflectivity and electrical
resistivity. Reversible switching between both states is achieved by ultrafast heating. Since
GST materials in service do experience very high heating rates [312], Orava et al. [310]
used in their work a flash-DSC, which applies heating rates up to 40,000K/s to study the
crystallization kinetics of GST.
McCluskey et al. [313] combined Synchrotron X-ray diffraction with nanocalorimetry
capable of ultrafast heating (8000–27000K/s) to study the martensite-to-austenite trans-
formation of Ni-Ti-Hf shape memory alloys (SMAs). These alloys are known for their
reversible solid-state transformation from a low-temperature martensitic phase to a high-
temperature austenitic phase being essential for the shape memory effect (SME). At first,
fast heating was used to crystallize amorphous Ni–Ti–Hf-based films giving rise to nanocrys-
talline films. Their setup enabled them to study the martensite-austenite transformation of
nanoscale SMAs at short cycling times. They proved that the reverse transformation of
their alloys was gradually suppressed.
Flash-annealing is also applied to metallic glasses which exhibit due to their disordered
structure a high resistivity compared to their crystalline counterparts [314, 315]. This is the
reason why metallic glasses can be heated extremely fast by Joule heating. Flash-annealing
was at first mainly performed on amorphous Fe- and Co-based ribbons to improve their
magnetic properties [316, 317, 318, 319, 320]. Ultrafast heating and subsequent cooling was
carried out in order to bypass crystallization. When a metallic glass is heated sufficiently
fast, the “crystalline nose” of the continuous heating transformation (CHT) diagram (red
region in Fig. 3.5.1) can be circumvented during heating [320, 321, 322, 323]. If in addition
the cooling rate is high enough and consequently, the crystalline nose is also not touched,
then the MG will remain amorphous after being flash-annealed.
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Figure 3.5.1: Continuous heating transformation (CHT) diagram of the
Zr41.2Ti13.8Cu12.5Ni10Be22.3 BMG. The glass-transition temperature, Tg, and the
crystallization temperature, Tx, are indicated and demarcate the glassy and crystalline
phase region, respectively. The crystalline “nose” can be circumvented when the glass is
heated faster than the critical heating rate. The Zr41.2Ti13.8Cu12.5Ni10Be22.3 BMG has
been flash-annealed by capacitive discharge and the CHT diagram was constructed from
both characteristic temperatures as a function of heating rate. The green arrow marks
the range of heating rates at which Saotome et al. flash-annealed La- and Pt-based BMG
specimens by electromagnetic induction. Taken from [321].
Flash-annealing has been also applied for thermoplastic forming (TPF) of bulk metallic
glasses (BMG) and Saotome et al. [322, 323] have been the first to implement this process.
They have developed a heating device based on electromagnetic induction and Fig. 3.5.2a
depicts a sketch of it. La- and Pt-based BMGs were heated at rates ranging from 1 to
103 K/s (Fig. 3.5.1, green arrow) and cooled under a compressive load.
As BMGs are flash-annealed at higher rates, their Tg and particularly Tx increase as the
CHT diagram displays (Fig. 3.5.1). The width of the supercooled liquid region broadens
with increasing heating rate, and the BMG can be heated to higher temperatures without
intervening crystallization [321, 322, 323]. Just recently, Johnson et al. [321] developed this
process of TPF coupled with flash-annealing a step further. They developed a capacitive
discharge heating device (Fig. 3.5.2b), which enables to flash-anneal BMGs at rates up to
106 K/s. By detecting Tg and Tx, they were able to construct a CHT diagram and determine
the critical heating rate of Zr41.2Ti13.8Cu12.5Ni10Be22.3. When the glass is heated faster
than the critical heating rate, the corresponding supercooled liquid does not crystallize any
more and transforms directly into the liquid after passing the melting temperature. At
such high heating rates, TPF of BMGs can be carried out at even higher temperatures,
which enables the access to optimal viscosity ranges similar to viscosities at which polymers
are thermoplastically deformed [324]. When the viscosity is low enough the plunger moves
downwards due to its weight and hence deforms the supercooled liquid and pushes it into a
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a) b)
Figure 3.5.2: Thermoplastic forming (TPF) of BMG during flash-annealing. a) Schematic
of a flash-annealing device based on electromagnetic induction. As the BMG specimen is
heated in Ar-atmosphere, a thermocouple measures its temperature. As the supercooled
liquid is thermoplastically deformed, cooling is applied by means of a water quenching
nozzle. Taken from [322]. b) Image of a capacitive discharge heating device. As the
capacitor is discharged, it releases an intense milisecond current pulse which can heat the
BMG with rates up to 106K/s. The weight of the plunger deforms the supercooled liquid
and pushes it into a mold tool, which is located below the bottom electrode and not shown
here. The supercooled liquid is rapidly cooled within the mould tool and revitrifies. The
temperature is recorded by means of a high-frame-rate infrared pyrometer. Taken from
[321].
mould tool, where it is rapidly cooled and (re)vitrifies.
Both heating methods, the capacitor discharge heating (CDH) and rapid inductive heating
(RIH) are compared in the following. The CDH is only able of flash-annealing and TPF,
whereas BMGs can be flash-annealed without or with deformation by means of the RIH. In
this way, structural changes occuring during the flash-annealing can be studied by RIH
detached from deformation. Next to higher accessible temperatures, the CDH provides a
volumetrically uniform heating throughout the specimen even at high temperatures and
especially high heating rates [82, 321, 324]. In contrast, heating caused by electromagnetic
induction involves the skin effect (subection 5.1.2) causing a temperature gradient within
the sample volume. The skin effect is especially pronounced for ferromagnetic material.
Only surface near regions are inductively heated and CDH is the more suitable method for
TPF of ferromagnetic BMGs as they are flash-annealed.
If BMGs are heated with a rate slower than the critical heating rate (Fig. 3.5.1), the
supercooled liquid will begin to crystallize when Tx is crossed. Several studies on the
crystallization of Fe- [325] and Zr-based amorphous ribbons [47, 326] report an influence
of the heating rate on the phase formation. Metastable phases can be obtained and the
formation of the equilibrium phases is suppressed [47, 325, 326].
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Another example of metastable phase formation during rapid heating is the work of
Yamamoto et al. [47] which will be explained more in depth. DSC investigations coupled
with XRD have shown that heating a Cu50Zr50-glass at low heating rates around 1K/s
results in the crystallization of the low-temperature phases Cu10Zr7 and CuZr2 [303].
Yamamoto [47] and Zhang et al. [327] have shown that much faster heating rates (8K/s)
are sufficient to crystallize the metastable B2CuZr phase in addition to the low-temperature
equilibrium phases [47]. They have studied the phase formation of Cu-Zr-Al-based BMG
in the course of calorimetric measurement conducted at various heating rates up to 8 K/s
(500K/min) [327]. Fig. 3.5.3 depicts the corresponding XRD patterns. The B2CuZr phase
crystallized at temperatures where it is still metastable due to high heating rates. The
formation of the low-temperature Cu10Zr7 and CuZr2 phases involves long-range diffusion.
CuZr
Cu Zr50 50
Cu Zr Al50 46 4
Cu Zr Al50 44 6
Cu Zr Al , t = 3.6 ks50 44 6
Figure 3.5.3: XRD patterns of devitrified Cu50Zr50-based metallic glass. All specimens
were heated at 8.3K/s to 943K immediately followed by rapid cooling. a) Cu50Zr50, (b)
Cu46Zr50Al4, c) Cu44Zr50Al6, and d). Cu44Zr50Al6 rapidly heated to 973K and held at
973K for 3.6 ks before rapidly cooled. Adapted from [47].
Taguchi et al. [328] have investigated the incubation times of the Cu10Zr7 and B2CuZr
phases. Compared to latter one, Cu10Zr7 requires substantial incubation time to precipitate
even at elevated temperatures [328]. Thus, its formation is kinetically less favoured
with increasing heating rates that conform shorter annealing times. Higher heating rates
accompanied by shorter annealing times hinder atomic diffusion [135] and favour the
polymorphic formation of the B2CuZr phase at temperatures where it is metastable. From
75
3.5. FLASH-ANNEALING
the work of Zhang and Yamamoto et al. [47, 327], the question arises whether at even
higher heating rates, it is possible to solely devitrify B2CuZr.
In the course of this work, Cu-Zr-based BMGs shall be partially devitrified at several
heating rates ranging from near equlibrium conditions to rapid heating rates of about
200K/s. One objective of the current thesis is to investigate the kinetic influence on the
phase formation during heating.
Not only the phase formation is affected when MGs are flash-annealed, but also nucleation
and growth rates (see subsection 3.2.2). Kulik et al. [329] devitrified a Co-Si-B-based MG
by isothermal annealing for 30min and flash-annealing for only 90ms. In both cases, the
same α-Co crystals precipitate. However, during flash-annealing much more and at least
ten times smaller crystals form than during conventional annealing. The same phenomenon
can be observed for Fe-based MGs [325]. Higher temperatures associated with a higher
nucleation rate are accessed during flash-annealing, so that a more fine-grained structure
results. Furthermore, stable nuclei have several magnitudes more time for growth during
isothermal annealing than during flash-annealing, and therefore it is no wonder that they
are smaller as MGs are flash-annealed.
So far, the influence of the heating rate on the phase formation was investigated only
for amorphous ribbons, which have been completely crystallized. The flash-annealing was
thereby performed by resistive pulse-heating without any temperature measurement not
to mention temperature control [325, 329, 330]. Rapid heating has only been applied to
BMGs to perform TPF, crystallization was explicitly avoided [321, 322, 323, 324].
One motivation of the present work, is to tailor BMG composites by flash-annealing
followed by immediate quenching in order to freeze in the microstructure. We want to
induce controlled partial crystallization, investigate the phases and microstructure formed.
Nucleation and crystal growth kinetics determine the microstructure of BMG composites,
which in turn should enable to investigate the influence of very high heating rates on the
crystallization kinetics. Do still steady-state crystallization kinetics apply, when metallic
glass is flash-annealed? This is one question which will be addressed. Furthermore,
mechanical testing of the tailored BMG-composites will be carried out and the involved
deformation mechanisms shall be studied.
76
4 Experimental
4.1 Sample preparation
Two glass-forming compositions were selected for the present flash-annealing experiments:
Cu46Zr46Al8 [279] and Cu44Zr44Al8Hf2Co2. Prior to alloying, all constituent elements
with purity higher than 99.99% were mechanically cleaned using 400 grit grinding paper.
Afterwards, the appropriate amounts were weighted and alloyed in an arc melter (Edmund
Bühler GmbH) in a Ti-gettered Ar atmosphere. Every ingot was remolten three times to
ensure chemical homogeneity. The weight of the elements prior to melting and of the ingots
after melting was monitored carefully to guarantee correct compositions. For randomly
selected ingots, the chemical composition was verified by means of inductively-coupled
plasma atomic emisson spectroscopy ICP-OES (Table 8.1.1 is given in the Appendix).
Pieces of 5-6 g of the pre-alloy were used to produce ribbons with a thickness of about
40µm in a single-roller melt-spinning device in Ar-atmosphere (Edmund Bühler GmbH;
device no.: 2416031). Therefore, a graphite crucible (material supplier: SGL Carbon AG)
was used, and the recipient was evacuated to 10-5mbar prior to casting. The temperature
of the melt was monitored by an optical pyrometer and the casting parameters were: wheel
speed of 25m/s, recipient pressure of 700mbar, push pressure of 900mbar, distance between
wheel and nozzle of 0.6mm, and ejection temperature of 1260 °C. Additionally rods with a
length of 50mm and diameters of 1.5, 2, 3, and 4.5mm were cast from 1, 1-2, 2-3 and 6-7 g
of the pre-alloys, respectively. An arc melting device to which a suction facility is attached
(Edmund Bühler GmbH) was used. The recipient was evacuated to 105-106mbar and
flushed with Ar prior to casting. The cast rods were cut (Struers Accutom) afterwards into
three sections and discs were taken of each section for different characterization methods
as Fig. 4.1.1 illustrates. The three remaining sections were used for compression tests
and flash-annealing. Tensile specimens were eroded from 4.5mm rod sections by means of
electrical discharge machining (AgieCharmilles Robofil 230) and ground to a thickness of
1.7mm and 100µm.
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Figure 4.1.1: Schematic illustration of rod sections destinated for various characterization
methods. The highlighted sections were used for compression tests or flash-annealing.
Furthermore, the eutectic Al82.7Cu17.3 alloy, necessary for an estimation of the typical
cooling rate of the present flash-annealing setup, was prepared. Both constituent elements
were cleaned in the same way as described above. Afterwards they were molten and cast
into 75mm long rods with a diameter of 6mm by means of a centrifugal casting device
(Vacutherm 3,3 Titan, Linn High Therm). All fully crystalline rods were cut into 4 mm long
sections and each section was inductively remolten and quenched in the flash-annealing
device. The setup and mode of operation of the flash-annealing device are addressed more
in detail in subsection 4.4.
4.2 X-ray diffraction
X-ray diffraction (XRD) measurements were carried out in a Stoe Stadi P equipped with
a position-sensitive detector (PSD) and a Ge(111) monochromator, which selects Mo-Kα 1
radiation (λ = 0.07093187nm). For enhanced scattering statistics, the samples were rotated
around their normal vector. The gathered data was analyzed with the software Expert
High Score Plus using the PDF+ 2010 database of the International Centre for Diffraction
Data (ICDD). The XRD specimens were cut from BMGs and ground down to a thickness
less than 100 μm.
Additionally high-energy XRD measurements (λ = 0.013nm) were performed on samples
within up to a wave-vector, Q, of 30 nm-1 at the European Synchrotron Radiation Facility
(ESRF) in Grenoble at the measuring hatch ID11. A 14 bit fast read-out low noise (Frelon)
CCD camera equipped with a 2048 x 2048 pixel chip was used. This camera has been
developed by the “Analog and Transient Electronic” group of the ESRF.
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4.3 Calorimetry
Isochronal differential scanning calorimetric (DSC) measurements were conducted up to a
temperature of 873K in a Perkin-Elmer Diamond. The specimens with a weight of about
15mg, were heated in an Al-crucible at heating rates of 5, 10, 20, 40, 100, 200, and 300K/min
and afterwards cooled at 100K/min. Two consecutive heating cycles were conducted to
obtain a base line. All measurements were conducted under Ar-flow. Altogether three
different DSC devices were used: Isothermal DSC measurements were preformed in a
Perkin-Elmer 8500 in Al-crucibles. The specimens with a weight of 12mg were heated
at a constant heating rate of 300K/min to the annealing temperature, held there for
15min and subsequently cooled at 300K/min to room-temperature. High-temperature DSC
measurements were conducted at 20K/min up to a temperature of 1273K in a Netzsch
DSC 404 using Al2O3 crucibles. The sample weight was about 12mg.
4.4 Flash-annealing
The flash-annealing was carried out in a custom-made device developed and built at the
IFW Dresden with the help of the research and development department. Fig. 4.4.1a
depicts the main components of the flash-annealing device. It is comprised of a custom-
made water-cooled induction coil (1), a 10 kW, medium-frequency generator (10–100 kHz,
Trumpf Hüttinger 10/100) (2), a high-speed Lumasense impac IGAR 12-LO pyrometer
(3) with a sampling rate of 4ms and a temperature measuring range between 573K and
1273K, a control unit (4) equipped with a Siemens Simatic stored program control unit, a
custom-made clamping system (5), and a water beaker (not shown here).
The generator induces the alternating current in the coil and the glassy rod, which
is placed inside the coil, is heated owing to electromagentic induction. The high-speed
pyrometer monitors the lateral surface temperature of the specimen, which is readout and
recorded by a Fluke 2645A NetDAQ data logger and processed by the control unit. When
a predefined temperature is reached, the control unit activates the clamping system and
the specimen falls into a water-bath, which is also placed inside the coil directly below
the sample. The spring-loaded clamping-system consists of a magnetic valve, the ejection
system based on a mechnism involving preloaded springs (not shown here), and two polymer
fingers to which ceramic jaws are attached as can be seen from Fig. 4.4.1b. The BMG
specimen is in contact with both clamping jaws. The magnetic valve receives the output
signal from the control unit, triggers the preloaded springs and the left clamping finger is
moved away from the specimen, so that it falls into the water-bath, where it is quenched.
The cooling rate is estimated to be at least of the order of 103K/s (see subsection 5.1.3).
To minimize oxidation, the sample is flushed in Ar during the entire heating process.
Some flash-annealing experiments were recorded at 1000 frames per second (fps) using
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Figure 4.4.1: Setup of the flash-annealing device. a) The BMG specimen (1) is located
within the water-cooled induction coil (2). The high-speed pyrometer (3) monitors the
surface temperature of the specimen. When a predefined temperature is reached, the control
unit (4) activates the clamping system (5) and the specimen falls into a water-bath (not
shown here), which is placed inside the coil directly below the specimen. b) Magnification
of the working unit including the clamping system. It consists of a magnetic valve (not
shown here), the spring-loaded ejection system, and two clamping fingers to which ceramic
jaws (indicated by the black arrows) are attached. The sample is located between both
jaws and its position is marked by the white circle. The grey arrow indicates the movement
of the left clamping finger during the ejection process.
a Photron Fastcam SA3 high-speed camera. The propagation of a thermal front, which
evolves in the course of heating, was analyzed with the Leica QWin software, which is
introduced more in detail at subsection 4.6 on microscopy. The camera was placed slightly
underneath the rods so that a viewing direction on the lateral and cross-sectional surface
results. Thus we are able to track and quantify the progress of the heat front along the
cylinder axis and perpendicular to it. High-speed camera recording is applied to a BMG
specimen during flash-annealing as it is deformed. One clamping finger applies pressure to
the specimen and begins to move as the glass transforms into a supercooled liquid.
The maximum heating rate at which the Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMG spe-
cimens can be flash-annealed in the present setup depends on their geometry and resistivity.
The room-temperature resistivity was determined for amorphous Cu46Zr46Al8 (1.56×10–6Ωm)
and Cu44Zr44Al8Hf2Co2 (1.66×10–6Ωm) by means of a Quantum Design PPMS Model
6000 equipped with a AC transport controller 7100. The resistivity of the BMGs is required
to calculate the skin depth, which is necessary to assess how uniform a specimen is heated
(subsection 5.1.2).
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4.5 Electro-static levitation
Electrostatic levitation technique was used in order to obtain the steady-state crystal growth
rate of the Cu44Zr44Al8Hf2Co2 supercooled liquid. Sphere-like samples with a diameter of
about 4mm are placed inside the electrostatic levitator. The levitated samples are heated
and molten by a laser and undercooled under ultrahigh-vacuum (UHV) conditions. The
position of the sample is controlled by a CCD (charge coupled device) camera recording
the object inside the chamber with a rate of 120 frames per second (fps). The position and
velocity of the sample were analysed by a microcomputer, which controls the position and
damping of the sample through electrostatic forces. The temperature is measured using
a two-colour pyrometer. The migration of the intersection of the solidification front and
the surface of the sphere-like sample is directly observed and recorded by a high-speed
camera (Photron Fastcam Ultima APX) at 3000 fps. Fig. 4.5.1 depicts a snapshot of a
solidifying Cu44Zr44Al8Hf2Co2 supercooled liquid. The analysis software POV Ray 3.7 was
used to determine the solidification front velocity. More details to the working principle and
analysis can be found in subsection 3.5. The experiments were carried out by Dr. Raphael
Kobold at the DLR Cologne.
2 mm
supercooled
liquid
crystal
Figure 4.5.1: Snapshot of a solidifiying Cu44Zr44Al8Hf2Co2 supercooled liquid as it is
electrostatically levitated.
4.6 Microscopy
Microstructural investigations were carried out with a Zeiss Axiophot optical microscope, a
Hitachi TM1000 and a Zeiss Gemini 1530 electron microscope. The Zeiss Gemini is equipped
with a Bruker Xflash 4010 spectrometer to conduct energy dispersive X-ray analysis (EDX).
The specimen surface was ground down to 4000 grit and polished using a 1 µm diamond
suspension (MetaDi, Buehler) and Mastermet 2 suspension (Buehler).
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The micrographs were evaluated with the software “Leica QWin” in order to determine
the number, size, and volume fraction of phases. Dr. Horst Wendrock at the IFW wrote
the routine. The program analyzes the grey-scale of a micrograph and classifies it according
to a treshold value. Fig. 4.6.1 depicts an example of a Cu-Zr-Al-based BMG which is
comprised of B2CuZr crystals (darker spherical crystals) and the glass (brighter matrix).
The crystals are identified by the software, and data concerning the particle size distribution,
volume fraction, and number of the B2 CuZr crystals is output. In the coures of this work,
the B2CuZr crystal density was calculated (subsection 5.4.2). The number of crystals
for several specimens is counted from a multitude of micrographs with a resulting area of
115,000 - 122,000 μm2.
Figure 4.6.1: Analyzing a micrograph by means of the software Leica QWin. a) SEM
image of a Cu-Zr-Al-based BMG-composite, which consists of darker B2 CuZr crystals and
the glassy matrix. b) The software classifies the image into regions according to a given
treshold value. c) The software identified the B2CuZr crystals, which are encircled, and
calculates the particle size distribution, volume fraction, and number of particles.
More detailed structural investigations were performed using a FEI Tecnai F30 transmis-
sion electron microscope (TEM) equipped with a field-emission gun and a Philips CM200
TEM operating at 300 kV and 200 kV, respectively. The TEM specimens were prepared by
the conventional method of grinding, followed by ion-milling with liquid nitrogen cooling
or a focused ion beam (FIB) treatment (Zeiss 1540 XP). The High resolution (HR) TEM
micrographs were transformed into fast-fourier transformation (FFT) images using the
Gatan Microscopy Suite Software. The same software was used to analyze selected electron
area diffraction (SAED) patterns, which were radially integrated to obtain the diffraction
intensity as a function of the wave-vector, Q (Fig. 4.6.2). The TEM specimens were
prepared and investigated by Prof. Christian Rentenberger and Christoffer Müller ( both
University of Vienna), Prof. Gang Wang (Shanghai University) und Dr. Long Zhang
(Shenyang, Chinese Academy of Sciences). Dr. Jürgen Thomas (IFW Dresden) obtained
the diffraction intensity vs. Q plots from the SAED patterns.
82
CHAPTER 4. EXPERIMENTAL
a)
5 1/nm
b)
Q
Figure 4.6.2: Processing a SAED pattern into a intensity vs. Q plot.
Fluctuation electron microscopy (FEM) measurements were carried out by Christoffer
Müller and Prof. Christian Rentenberger (University of Vienna) using a Philips CM200
TEM operating at 200 kV and an objective aperture of 10 µm. Statistical analysis of a
series of dark-field (DF) images was conducted by means of DigitalMicrograph scripts and
PASAD tools. The DF images were acquired at different scattering vectors, k, and angles,
φ, to obtain the mean intensity and normalized variance as a function of k. The normalized
variance is defined as V(k) = (<I(k,r)²>/<I(k,r)>²) – 1, with I being the image intensity
and <> is the average over the sample position r.
4.7 Mechanical testing
Microhardness measurements were performed by means of a computer-controlled Struers
Duramin 5 using a Vickers hardness indenter. The indentations were carried out with
an applied load of 0.01 kg and a dwell time of 10 s. Compression and tension tests were
conducted in an Instron 5869 with a constant cross head speed of 10−4mm/s. A laser-
extensometer (Fiedler Optoelektronik GmbH) monitored the strain directly at the sample.
The values of the Young’s modulus, elastic and plastic strain were determined directly
from the true stress-strain curves. Cylindrical compression test samples with an aspect
ratio (height / diameter) of 2 were cut from the respective section of the rod as Fig. 4.1.1
depicts. Their cylindrical surfaces were carefully ground to 1200 grid to obtain parallel
surfaces being perpendicular to the cylinder axis. In addition, tensile tests were carried
out on a Kammrath and Weiss tensile and compressive test module at a constant speed of
10−3mm/s. The flat bar tension specimens had a gauge length of 2mm and width of 1mm,
and Fig. 4.7.1 depicts their geometry. The strain was obtained from a video extensometer
(microDAC strain, Chemnitzer Werkstoffmechanik GmbH). The small tensile test specimens
(Fig. 4.7.1b) were investigated by means of a X-ray computed tomography (CT) using a
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GE nanotom device, to exclude porous specimens.
a) b)
Figure 4.7.1: Geometry of flat bar tension specimens. Geometries of specimens tested at
the Instron 5869 (a) and Kammrath and Weiss (b). The dimensioning is given in mm.
4.8 Optical profilometry
The lateral surface of BMG samples prior to and after fracture was investigated by means of
a MicroProf optical profilometer. It is equipped with a CHR150N Sensor (Fries Research
& Technology GmbH) and the analysis software FRT Mark III Version 3.6 was used to
analyze the topograhical data. Fig. 4.8.1a depicts the topography of the lateral surface
of a Cu44Zr44Al8Hf2Co2 BMG specimen which was flash-annealed 90K/s to 802K, water-
quenched, and afterwards subjected to uniaxial compression until fracture occurred. Shear
bands are visible and the height of their slip step can be measured along a line as Fig.
4.8.1b displays.
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Figure 4.8.1: Topographical analysis. a) Image of the lateral surface of a
Cu44Zr44Al8Hf2Co2 BMG specimen which was flash-annealed at 90K/s to 802K, water-
quenched, and afterwards subjected to uniaxial compression until fracture occurred. b)
Measurement of the topography along a line depicted in (a). The height of the slip step of
a shear band is indicated.
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5 Results and Discussion
The starting point of the current thesis was the development of the flash-annealing device.
Its main components and mode of operation have been addressed in the preceding chapter
(section 4.4). The first section of this chapter 5.1 focuses on the flash-annealing process,
which consists of rapid heating of the BMG specimen to a predefined temperature and
subsequent, instantaneous quenching. The BMG rods shall be heated uniformly and as fast
as possible. The heating occurs via electromagnetic induction and the inherent skin effect
could impair a uniform heating. If the diameter of the specimen is too large, the heating
does not affect the whole sample volume and is not uniform anymore. On the other hand,
it is vital that the diameter of the BMG rod is large enough to ensure sufficient magnetic
coupling (see Appendix 8.2.2). Otherwise high heating rates cannot be achieved. Therefore,
in the first subsection it will be assessed which sample geometry complies both requirements.
After that, the cooling rate will be estimated indirectly from the microstructure of eutectic
Al82.7Cu17.3 samples solidified in the present device. BMG specimens are flash-annealed at
ambient atmosphere and surface oxidation shall be reduced by the use of an Ar-shower.
Nevertheless, a surface oxide layer forms and the last subsection elaborates on the type of
the oxidic phase, the oxide layer thickness and addresses the question whether a substantial
contamination of the specimens by oxygen can be excluded during flash-annealing. The
characterization of the as-cast Cu-Zr-Al-based BMGs is indispensable and follows in section
5.2. Cu-Zr-Al-based BMGs were selected for flash-annealing due to two reasons: (1)
They are good glass formers, provided that the Al-content is high enough, and (2) the
shape-memory B2CuZr phase crystallizes as these BMGs are devitrified at high heating
rates [47]. Thus, B2CuZr BMG composites could be prepared by partial devitrification.
More particularly, the phase formation, GFA and mechanical properties of the Cu46Zr46Al8
[41, 289] and Cu44Zr44Al8Hf2Co2 BMGs will be analyzed. The second quinary composition
shows a more stable B2CuZr phase region and is derived from the former one. The alloy
development is addressed in subsection 5.2.1.
During flash-annealing the lateral surface temperature of the BMG specimen is monitored
as a function of time. Fig. 5.0.1 depicts a typical heating curve and its derivative for a
Cu44Zr44Al8Hf2Co2 BMG specimen heated at about 67K/s to above 1000K.
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Figure 5.0.1: Temperature-time curve of a Cu44Zr44Al8Hf2Co2 BMG specimen during
flash-annealing. The glass-transition temperature, Tg, and the crystallization temperature,
Tx, are indicated. Two annealing regimes can be distinguished: (I) sub Tx-annealing and
(II) crystallization. A thermal front can be observed on the surface of the BMG specimens
as they crystallize and ∆TTF indicates the respective temperature region.
Two major regimes can be distinguished from the temperature-time curve (Fig. 5.0.1):
(I) sub-Tx annealing and (II) crystallization. This gives the outline for the last two
sections of this chapter: Structural changes imparted by sub-Tx annealing are addressed
in section 5.3. Two competing processes are expected to be present: (1) a disordering
process involving rejuvenation of the supercooled liquid, and (2) the survival and growth
of quenched-in nuclei representing an ordering process. A comprehensive calorimetric
study will be conducted on the sub-Tx annealed BMGs. Quenched-in nuclei might serve
as nucleation sites for crystallization, and their growth should be stimulated by flash-
annealing. Unless these heterogeneities dissolve at slower heating in the DSC device, they
could affect crystallization kinetical parameters like, for instance, the activation energy for
crystallization, the incubation time or the Avrami exponent. Quenched-in nuclei and free
volume enhanced regions (FERs) constitute structural heterogeneities whose number and
extent determine the structural state of MGs. It will be studied whether and how different
structural states of a BMG affect its mechanical properties.
The last section focuses on the second regime, which is depicted in Fig. 5.0.1. The
phase formation as a function of the heating rate will be studied at first. Owing to kinetic
constraints, the shape-memory B2CuZr phase should form at temperatures where it is still
metastable [47, 327]. This section addresses the questions whether the B2CuZr phase can
be exclusively obtained as Cu-Zr-Al-based BMGs are devitrified at high heating rates, and
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whether the present setup of the device enables to partially devitrify BMGs. Theoretical
studies, which predict that rapid heating affects the nucleation kinetics [48, 121], shall
be proved by a statistical nucleation analysis at section 5.4.2 on crystallization kinetics.
Levitation experiments are used to determine the steady-state crystal growth rate of
supercooled liquids. The crystal-liquid interface is visible as a thermal front and its velocity
corresponds to the growth rate. As BMG samples are flash-annealed, they devitrify, and at
a later stage of crystallization, a thermal front also transverses the sample. The appendent
temperature region, ∆TTF , is indicated in Fig. 5.0.1. A detailed analysis shall clarifiy,
if the thermal front recorded during flash-annealing experiments also corresponds to the
solid-liquid interface and thus its velocity to the crystal growth rate.
Another major aim of the present work is to tailor BMG composites in which solely
B2CuZr crystals are incorporated. It shall be shown that flash-annealing of BMGs consti-
tutes a new method to prepare BMG composites and hence has the potential to “design”
their mechanical properties. Thereby, the yield strength and particularly the plasticity are
of high interest. At the end of this chapter, the arising deformation mechanisms will be
discussed.
5.1 Development of the flash-annealing device
The flash-annealing process consists of rapid heating of BMGs and subsequent cooling. The
temperature is monitored as BMG specimens are flash-annealed and the temperature-time
heating curve is analyzed more in depth in the first subsection 5.1.1. Heating is based on
electromagnetic induction, which is in the focus of the next subsection 5.1.2. The inherent
skin effect could impair a uniform heating especially of larger specimens [331]. Therefore, it
will be assessed up to which sample diameter a relatively uniform heating can be expected.
The microstructure of the heated specimens must be preserved, so that high cooling rates
are vital for the present experiments. The cooling rates will be estimated indirectly from the
interlamellar spacing of solidified Al82.7Cu17.3 samples in subsection 5.1.3. BMG specimen
are being flash-annealed at ambient atmosphere and the oxygen content gives rise to surface
oxidation. The thickness of the oxide layer and the overall oxygen content of the BMG prior
to and after flash-annealing will be investigated in the last subsection 5.1.4. An overall high
oxygen content of the specimen is not desirable, since it can affect the phase formation, for
instance [279].
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5.1.1 Description of the temperature-time heating curve
Flash-annealing is performed by applying a constant generator output power and monitoring
the lateral surface temperature of the BMG specimen as a function of time. The heating
rate depends on the resistivity of the sample, its geometry, the frequency of the RCL-circuit,
and of course on the output power of the generator. By varying the generator output
power, the BMG specimen can be heated at a controlled rate to a preset temperature,
which is defined as the ejection temperature, Tej. Fig. 5.1.1a depicts the heating curve and
its derivative for a Cu44Zr44Al8Hf2Co2 BMG specimen heated at about 67K/s to above
1000K.
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Figure 5.1.1: Characteristics of a 3mm Cu44Zr44Al8Hf2Co2 BMG rod during flash-
annealing. a) A typical heating curve of a 3mm rod during flash-annealing and its
derivative (dT/dt). The intersection of the 2 green linear fits marks the glass-transition
temperature, Tg, and the beginning of the sharp temperature increase indicates the crys-
tallization temperature, Tx. b) High-energy X-ray diffraction patterns of samples in the
as-cast state and flash-annealed to 730K, 897K and 915K. The vertical arrows designate
the reflections of the B2CuZr phase.
The temperature scatters particularly at the beginning due to the sensitivity of the
pyrometer and its alignment. The slope of the heating curve slightly decreases at 720K as
can be seen from two linear fits (Fig. 5.1.1a, green). The resistivity of BMGs diminishes
at the glass-transition [332, 333] and the intersection of both fits indicates the glass-
transition temperature, Tg. After that, the temperature rises more slowly owing to the
lower resistivity of the supercooled liquid [5]. In the following, an average heating rate,
ϕave, will be considered (Fig. 5.1.1a). Fig. 5.1.1b depicts the high-energy XRD patterns of
samples, which were flash-annealed to temperatures below and above Tg (Fig. 5.1.1a 730K
and 817K) and subsequently quenched. Both diffraction patterns (Fig. 5.1.1b blue and
purple curve) are similar to the one of the as-cast BMG (Fig. 5.1.1b black curve). They
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only show the broad maximum, which is characteristic of a metallic glass. Once the BMG
is heated to temperatures within the supercooled liquid region (SLR), it is vitrified again
during quenching.
The viscosity of the specimen drops above the glass-transition temperature, and one can
exploit this drop to affirm that the slight decrease of the slope of the heating curve (Fig.
5.1.1a) marks Tg. Like in thermoplastic forming (TPF) [321, 322, 323, 324], pressure is
applied by the clamping system to a specimen as it is flash-annealed. Once Tg is passed,
the shape of the specimen will change. As the specimen is flash-annealed, a pyrometer and
a high-speed camera monitor its temperature and change of shape, respectively. Fig. 5.1.2a
depicts the heating curve of the specimen and the slight decrease of the slope is marked
with two linear green fits.
Figure 5.1.2: Glass transition of Cu44Zr44Al8Hf2Co2 BMG during flash-annealing. a) The
glass-transition and crystallization are indicated on the heating curve of a BMG specimen
with a diameter of 4.5mm. b) Snapshots of the specimen to which the clamping fingers
apply a pressure as it is heated. The numbers allocate the pictures to the respective
temperatures in the heating curve.
Snapshots before and after the intersection of both fits are presented in Fig. 5.1.2b
and show that the sample already starts to deform at temperatures slightly above this
intersection. The deformation can be observed by following the left clamping finger, which
moves more and more to the right side as the temperature of the specimen increases.
A horizontal arrow marks the distance covered (Fig. 5.1.2b, 1-4). The viscosity of the
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supercooled liquid drops progressively with increasing temperature [324] and the sample is
squeezed more and more until the original shape of the rod has changed completely (Fig.
5.1.2b, 4). This proves that the slight decrease of the slope is a result of the glass transition
and that the intersection of both linear fits indeed marks the glass-transition temperature.
Further heating of the supercooled liquid gives rise to a steep temperature increase, which
can be observed at 895± 5K (Fig. 5.1.1a). Comparing the high-energy X-ray diffraction
patterns of samples ejected prior to (817K) and after this steep increase (915K), identifies
the underlying transformation (Fig. 5.1.1). For BMG samples ejected above Tx, crystalline
reflections are present in the corresponding high-energy XRD pattern (915K, black arrows,
Fig. 5.1.1b). They can be attributed to the high-temperature B2CuZr phase, which is
metastable at this temperature [278], and can only form due to kinetic constraints, as will
be discussed in section 5.4.1. The steep temperature increase, hence, results from the effect
of recalescence. The crystallization temperature, Tx, is around 895± 5K in the present
case, and can be more easily identified from the derivative of the temperature curve (grey
curve, Fig. 5.1.1a). After the completion of crystallization, the resistivity of the material
drops and less heat is generated by the eddy currents. Therefore, the heating rate is lower
at times exceeding 4.5 s, when the entire sample is already fully crystalline.
5.1.2 Inductive heating
Flash-annealing is realized by electromagnetic induction. A middle-frequency alternating
current (AC) is passed through the coil and the resulting magnetic field penetrates the
sample [331]. Electric currents, the so-called eddy currents, are generated inside the sample
and heat it [331, 334, 335, 336]. The rod axis is parallel to the axis of the induction
coil, so that the dimension of the cross-section determines the coupling (Fig. 5.1.3). A
better coupling leads to stronger eddy currents and hence faster heating of the specimen.
As already mentioned, BMGs generally have a very high resistivity and can be heated
extremely fast by Joule heating [314]. The induction coil generates a changing magnetic
field, which induces eddy currents within the cross-section of the specimen [331, 337]. These
eddy currents depend among other factors, on the frequency of the RCL-circuit and the
resistivity of the sample. They determine the current distribution within the cross-section
of the heated specimen. The current density, j, is largest near the surface and decreases
with greater depths in the conductor (Fig. 5.1.3). This phenomenon is termed skin effect
and describes a non-uniform current distribution over the cross-section of the specimen.
The induced electric current mainly flows at the "skin" [331, 335, 336]. A skin depth or
penetration depth, s, is used to quantify the extent of the skin effect. It is defined as the
depth below the conductor’s surface at which the current density has decreased to 1/e
(≈ 37%) of its maximum value at the surface [331] (Fig.5.1.3).
90
CHAPTER 5. RESULTS AND DISCUSSION
s x
j /e 0
j0
j
Figure 5.1.3: Schematic to the skin effect. A rod specimen is placed inside the induction
coil. The current density, j, (the red curve) is given as a function of the distance from the
sample surface, x. The skin depth, s, is indicated.
From the Maxwell equations one can obtain a differential equation, which describes the
spatial and temporal distribution of the magnetic field strength and the electric current
density. The formula for the skin depth, s, can be derived from that differential equation.
For the derivatoin of s, please see the Appendix (8.2.2).
s =
1√
µr·µ0·σ·Π·f
, (5.1.1)
µr being the relative permeability and µ0 the permeability of vacuum, f the frequency
of the RCL-circuit and σ the electrical conductivity of the specimen. Eq. 5.1.1 reveals a
fundamental challenge: On the one hand, the distribution of the current density is more
uniform, the smaller the cross-section of the sample is. On the other hand, the sample
cross-section has to be as large as possible to ensure high heating rates.
In the following, s is calculated for the BMG compositions flash-annealed in the present
work. Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 have a room-temperature resistivity of 1.66·10-6Ωm
and of 1.56·10-6Ωm, respectively. With a relative permeability of 1 and a frequency of
80 kHz, the skin depth amounts to about 2.3mm for all specimens. The diameter of the
largest BMG rods, which are flash-annealed, is about twice the calculated skin depth.
Estimations of Kaltenboeck et al. [324] corroborate that 4.5mm BMG rods are heated
in a relative uniform manner. They have estimated the heating rate in the centre of a
5mm Zr-based BMG rod, which has a comparable resistivity of 1.60·10-6Ωm. Heating
is applied by high-frequency induction, so that the central region is heated only due to
thermal conductivity. With a thermal diffusivity of 0.03 cm2/s (typical of metallic glass)
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[324], the centre exhibits a maximum heating rate of about 200K/s regardless of how much
faster the surface is heated.
In the present flash-annealing setup a medium-frequency field induction is applied to
heat BMG rods with diameters of 3mm and 4.5mm. The 4.5mm rods exhibit a maximum
heating rate at the surface of about 200 K/s. The diameter is twice as large as s and the
effective thermal conductivity counteracts a thermal gradient. Thus, one can conclude that
the entire sample volume is heated relatively uniformly during flash-annealing. In other
words, rods with a diameter of 4.5mm can be still heated uniformly at high heating rates
and hence represent the optimum geometry for the treatment with the flash-annealing
device.
5.1.3 Estimation of the cooling rate
After a specimen is rapidly heated to a predefined temperature, it is quenched in the
present experiments. It is vital that the cooling rate is high and that the quenching is
applied instantaneously. This ensures that the microstructure obtained at the predefined
temperature is frozen-in and thus preserved. Therefore, the cooling rate inherent to the
present water-quenching needs to be determined.
Generally, cooling rates can be estimated indirectly from microstructural features such as
grain sizes, dendrite arm spacings or eutectic interlamellar spacings [338]. We estimated
the cooling rate from the interlamellar spacing, λ, of the eutectic composition Al82.7Cu17.3
[339]. Eutectic specimens were molten within the coil and dropped into the water-bath,
so that they undergo the same cooling procedure as the flash-annealed BMG specimens,
which have about the same volume as the eutectic samples.
In the following, the minimum cooling rate is estimated. For this, the centre of the
solidified Al82.7Cu17.3 drops is analyzed [339]. Fig. 5.1.4a depicts an ultrafine eutectic
microstructure of an Al82.7Cu17.3 drop, which typically consists of several domains. We
analyzed five independent samples with a typical diameter of 4-5mm. Ten eutectic domains
of the centre of each solidified drop were considered. The interlamellar spacing (Fig.5.1.4b)
was determined from eutectic islands, which consist of at least 12 lamellae.
The basic idea behind this estimation is that the enthalpy and temperature of the liquid
sample decrease as it is cooled. Thereby, the enthalpy loss corresponds to a temperature
difference and from that one can estimate the cooling rate. The solidified volume fraction
of the melt is essential for this approach. Its rate can be expressed by means of the Jackson-
Hunt relationship [340], which correlates the intelamellar distance with the solidification
front velocity of the droplet. Similar to the calculation proposed by Burden et al. [341], we
apply a slightly modified equation for estimating the cooling rate based on the heat balance
of the system [339, 341]. The final expression is as follows:
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Figure 5.1.4: Eutectic structure of in water solidified Al82.7Cu17.3 specimen. Five in-
dependent samples were molten and their microstructure investigated. Eutectic islands
with the smallest interlamellar spacing, λ, were considered to ensure that only eutectic
islands which are perpendicular to the image plane are taken into account. SEM-images
of 10 eutectic islands consisting of at least 12 lamellae from the centre of each sample
were analysed. a) Eutectic microstructure of a solidified Al82.7Cu17.3 consisting of multiple
islands. b) High-resolution SEM-image depicts a eutectic island in which the interlamellar
spacing, λ is marked.
dT
dt
=
ΔHf · 3K
Vm · cp ·R · λ2 , (5.1.2)
where cp is the heat capacity, dTdt the cooling rate, ΔHf the heat of fusion, Vm the molar
volume, R the radius of the solidified droplet, and K is the constant of the Jackson-Hunt
equation [342, 339]. The derivation of this equation including the exact values and the
detailed analysis can be found in the Appendix (subsection 8.2.3). The average lamellar
spacing is λave= 93 ± 15 nm and hence the calculated cooling rate according to Eq. 5.1.2 is
about 7·103 K/s. This cooling rate is at least one order of magnitude higher than the highest
cooling rate applied in the suction-casting device to obtain the metallic glass in the first
step. It exceeds the critical cooling rate [58] of the present alloy, so that the supercooled
liquid can be quenched into a glass again. Flash-annealing allows to tailor BMG composites
and this cooling rate is therefore sufficient to conserve the microstructure of the rapidly
heated BMG.
93
5.1. DEVELOPMENT OF THE FLASH-ANNEALING DEVICE
5.1.4 Surface oxidation of Cu-Zr-Al-based BMGs during flash-annealing
Cu-Zr-Al-based BMGs are flash-annealed at ambient atmosphere and due to the high
oxygen affinity of Zr and Al [343, 344] one can expect the formation of an oxide layer
at the surface. Indeed several works address the oxidation behaviour of Cu-Zr- [345]
or even Cu-Zr-Al-based [344, 346, 347, 348, 349] metallic glasses under dry air and at
elevated temperatures ranging from 633K to 873K. Different configurations of the ZrO2
phase (amorphous, tetragonal and / or monoklin) and Cu-Zr-based phases (CuZr2, Cu10Zr7
and / or B2 CuZr) can compose the surface layer depending on the exact composition of the
metallic glass, annealing temperature and heating duration [344, 346, 347, 348]. Compared
to the here applied rapid heating, previous works focused on rather long-term air exposure
(5min - 36 hrs). In the following, it will be investigated whether oxide layers form as well
and if the oxygen content of the Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMG specimens is
increased during flash-annealing.
For this reason, Cu44Zr44Al8Hf2Co2 BMG specimens were heated at about 30K/s to
temperatures prior to and above Tx (Fig. 5.1.5a).
Figure 5.1.5: Surface oxidation of Cu44Zr44Al8Hf2Co2 BMG specimens during flash-
annealing. a) Heating curves of specimens flash-annealed at about 30 K/s to temperatures
right prior to crystallization and after. b) SEM-image obtained from a region at the edge
of the lateral section of a specimen flash-annealed at 43K/s above Tx. It depicts a thin
oxide layer with a thickness of about 1.5 μm.
An oxide layer has formed in both cases. Fig. 5.1.5b depicts the SEM-image obtained
from a region at the edge of the lateral section of a Cu44Zr44Al8Hf2Co2 BMG specimen,
which was flash-annealed at 43 K/s to above Tx. A surface layer with a thickness of about
1.5 μm is clearly visible (marked by the black arrow) and seems to consist of very small
grains, which are beyond the SEM resolution limit.
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X-ray diffraction in reflection mode was conducted on the lateral surface of both flash-
annealed Cu44Zr44Al8Hf2Co2 BMG specimens in order to identify the phases formed. Fig.
5.1.6 depicts the corresponding patterns, which have a non-linear background owing to the
curved lateral surface of the rod.
30 40 50 60 70 80 90
x
xxxx
x
xxx
x
x
x
x
x
x
xx
Tej > Tx
In
te
ns
ity
 [a
.u
.]
2
Tej < Tx
 ZrO2      x Cu10Zr7  B2 CuZr
x
Figure 5.1.6: XRD pattern of Cu44Zr44Al8Hf2Co2 BMG specimens which were flash-
annealed at about 35K/s to temperatures directly prior to and after the cystallization
temperature (Fig. 5.1.5a). The surface layer of the BMG specimen heated below Tx consists
of tetragonal ZrO2 and Cu10Zr7. The surface layer of the specimen flash-annealed above
Tx is composed of the same phases and additionally of the B2CuZr phase. The XRD
patterns were taken from the lateral curved surface of the BMG rods. Therefore they show
a non-linear background.
Nevertheless, the patterns of both specimens show realtively sharp reflections which
can be attributed to crystalline phases. The surface layer of the BMG specimen heated
directly below the crystallization temperature consists of the tetragonal ZrO2 and Cu10Zr7
phases (Fig. 5.1.6, blue pattern). During flash-annealing, the surface of Cu44Zr44Al8Hf2Co2
specimens oxidizes before the specimen devitrifies. For undoped ZrO2, the monoclinic
configuration is stable below 1273K. In the present case tetragonal ZrO2 forms. A Cu-
Zr-Al-based BMG is heated and the incorporation of Al-ions into the ZrO2-lattice leads
to a cubic or tetragonal structure [350]. While the surface oxidizes, the Cu10Zr7 phase
seems to crystallize from the supercooled liquid within or below the ZrO2- layer. Due to
the limited SEM resolution, it is impossible to determine the distribution of both phases.
Still one could speculate that a Cu10Zr7-layer is forming below the ZrO2 and the work
of Lim et al. [346] corroborates this assumption. They have heated Cu46Zr46Al8 glass to
different temperatures up to 1073K and conducted Auger concentration depth profiles
along the surface layer. According to them, a Cu-enriched layer forms below an oxygen-rich
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layer (ZrO2). The surface of the partially devitrified BMG specimen consists in addition
to tetragonal ZrO2 and Cu10Zr7 of B2CuZr (Fig. 5.1.6, red pattern). As shown later on
in section 5.4, B2CuZr forms during the devitrification of Cu44Zr44Al8Hf2Co2 glass when
heated sufficiently fast.
At last, it shall be clarified whether oxygen diffuses into the glass prior to devitrification.
The oxidation of Cu-Zr-Al-based metallic glass at elevated temperatures is controlled by the
inwards diffusion of oxygen-ions through the oxide layer [347]. Thereby, oxygen-ions react
with Zr and form ZrO2. Since a high oxygen content affects the phase formation during
devitrification of Cu-Zr-based metallic glass [279], it shall be clarified whether oxygen not
only “contaminates” the surface of the BMG during flash annealing, but also its interiour.
Therefore an oxygen analysis of Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMG specimens
prior and after flash-annealing at about 33K/s to temperatures above the crystallization
temperature was conducted. The surface layer was mechanically removed via grinding
prior to the oxygen analysis and Table 5.1.1 presents the results. The oxygen content for
all specimens is about 0.007wt.% regardless of their composition or whether they were
flash-annealed or not. Thus the heating appears to be so fast that oxygen-ions do not have
sufficient time to diffuse into the interior of the specimen, so that the “contamination” with
oxygen is only limited to the surface of the specimens.
Table 5.1.1: Oxygen (O2) content of Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 specimens prior
to and after flash-annealing at about 33K/s to temperatures above the crystallization
temperature. Three pieces per specimen were analyzed and their oxidic layer has been
removed mechanically by grinding prior to the O2-analysis. The average value of the O2
content, the heating rate (ϕ), and the ejection temperature (Tej) are given. The O2-content
of all specimens is about 0.007w.% regardless their composition or whether they have been
flash-annealed or not.
Composition ϕ Tej O2 − content
[K/s] [K] [w.%·1000]
Cu46Zr46Al8 as-cast 6.1± 0.6
Cu46Zr46Al8 34± 5 891± 5 7.2± 0.4
Cu44Zr44Al8Hf2Co2 as-cast 7.3± 0.9
Cu44Zr44Al8Hf2Co2 33± 5 924± 5 6.8± 0.9
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5.2 Characterization of the as-cast bulk metallic glasses
The ternary Cu46Zr46Al8 alloy is well studied in literature [41, 289]. It shows a high GFA
up to a critical diameter of 15mm [290] and in this composition the B2CuZr phase is
known to form at elevated temperatures [303]. Rods with a diameter of 4.5mm represent
the optimum sample geometry for the flash-annealing process, as shown in subsection 5.1.
Cu-Zr-Al-based BMGs were selected for flash-annealing for two reasons: (1) their high GFA
and (2) the formation of the B2CuZr phase during devitrification at high heating rates [47].
Thus B2CuZr BMG composites could be prepared by partial devitrification and this is one
aim of the present work. Owing to the formation of the B2CuZr phase and the good GFA,
Cu46Zr46Al8 seems to be a suitable candidate for the current flash-annealing procedure and
a promising starting point for further alloy development. Section 5.4.1 reveals that relatively
high heating rates are necessary to devitrify the Cu46Zr46Al8 BMG into the B2CuZr phase,
which is not as termodynamically stable as required for the present processing. In order
to access this phase at lower heating rates, the Cu44Zr44Al8Hf2Co2 alloy was specifically
developed.
The first subsection dwells on the phase formation of both Cu-Zr-Al-based BMGs as
they are heated to temperatures higher than the liquidus temperature, Tl, at moderate
heating rates in a DSC device. Furthermore, the strategy of the development of the
Cu44Zr44Al8Hf2Co2 alloy is elaborated. It has to be ensured that all samples, which are
flash-annealed, are fully amorphous. Consequently, a characterization of the as-cast Cu-Zr-
Al-based BMGs and their mechanical properties is indispensable and is discussed at last in
subsections 5.2.2 and 5.2.3, respectively.
5.2.1 Development of the Cu44Zr44Al8Hf2Co2 alloy
At first, the phase formation of the Cu46Zr46Al8 MG during slow heating to temperatures
above Tl is studied. High-temperature DSC investigations of fully amorphous ribbons are
essential for the development of the Cu44Zr44Al8Hf2Co2 alloy. DSC measurements followed
by XRD, enable to analyze the phases formed and the GFA. In the course of the alloy
development, a composition has to be found, which has the right “balance” between the
stability of the B2 CuZr phase and the GFA. Fig. 5.2.1 depicts the XRD pattern of fully
amorphous Cu-Zr-based alloys. Except for the characteristic broad diffraction maxima, no
sharp reflections indicating the presence of crystalline phases, are visible.
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Figure 5.2.1: XRD pattern of fully amorphous specimens of the following compositions:
Cu46Zr46Al8 (red), Cu46-xZr46Al8Cox (x = 1, 2) (green), and Cu46-xZr44Al8Hf2Cox (x =
0.5, 1, 2, 3) (blue).
The phase formation of the Cu46Zr46Al8 MG, which will be abbreviated in the following
as Al8 MG, represents the starting point for further alloy development. At first the
glass transition occurs as it is heated. Further heating leads to the crystallization of the
supercooled liquid in two steps. In order to study the phases formed in each crystallization
event, Al8 samples were heated to temperatures after the event is completed and subsequently
cooled in the DSC. In the first step (Fig. 5.2.2a, indicated by Tx), the low-temperature
Cu10Zr7 (Aba2) and CuZr2 (I4/mmm) phases form as the corresponding XRD pattern
confirms (Fig. 5.2.2b, 855K). Further heating gives rise to a second exothermic peak
(Fig. 5.2.2a, indicated by Tx,2), which is not as pronounced as the first one and hence
one can expect that the main volume fraction of the amorphous phase has crystallized at
the first exothermic peak. According to Fig. 5.2.5b, 970K the ternary Cu2ZrAl (Fm3̄m)
phase forms in addition to the already precipitated low-equilibrium phases. According to
calculations of Bo et al. [304] on the ternary Cu-Zr-Al phase diagramm, the formation
of this ternary phase, which they call τ4 is expected (Fig. 3.4.4). Such a crystallization
sequence has been also observed by Kang et al. for a similar Cu-Zr-Al-based BMG [351].
Further heating invokes the eutectoid transformation of Cu10Zr7 and CuZr2 to B2CuZr
(Pm3̄m) at 709± 2K (Fig. 5.2.2a, TB2,S and b, 1040K). The transformation seems to be
not completed after this endothermic B2-peak, since the intensity of the reflections of the
other three phases is still high. At further heating a second endothermic peak can be
observed around 1059K (Fig. 5.2.2a).
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Figure 5.2.2: Phase formation of the 4.5mm Cu46Zr46Al8 BMG rod as it is heated. a)
High-temperature DSC trace at 20K/min. The characteristic temperatures are indicated:
glass-transition temperature (Tg), crystallization temperature (Tx), second crystallization
temperature (Tx,2), eutectoid start temperature (TB2,S), eutectoid finish temperature
(TB2,F), melting temperature (Tm), and liquidus temperature (Tl). b) XRD pattern of
Cu46Zr46Al8 BMG specimens heated to (1) 855K (2) 970K (3) 1040K and (4) 1100K.
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This observation is reproducible, since three Cu46Zr46Al8 specimens taken from different
rods show the second endothermic peak. Such a finding is quite surprising, since Cu50Zr50
transforms completely in one endothermic event [303]. On the contrary, a second endo-
thermic peak appears in the DSC curve of Al8. After its completion, mainly B2CuZr is
present. In Fig. 5.2.5b, at 1100K also reflections caused by Cu10Zr7 and Cu2ZrAl, are
visible. Owing to the low cooling rate of the DSC device, one can assume that a certain
volume of B2CuZr decomposes into these low-temperature phases as the crystalline alloy
is cooled. Although the Al8 BMG is well studied [41, 279, 289, 303], to our knowledge
a two-step eutectoid transformation has not yet been reported in literature. One can
speculate what causes this splitting of the eutectoid transformation. The high Al content
could inhibit the transformation, so that a higher temperature is necessary to increase
the diffusivity and hence the second endothermic peak emerges (Fig. 5.2.5a). However, a
detailed in-situ study with the aim to clarify this issue is beyond the scope of this work.
Minor amounts of Co in Cu50Zr50 stabilize the B2CuZr phase, since B2CoZr is stable at
room temperature. Thus, B2 (Cu,Co)Zr can be found even at temperatures below 988K
[307, 308]. For Cu50Zr50, the eutectoid transformation occurs at 988K. In Cu45Co5Zr50,
this minor addition of Co is sufficient to obtain the B2 phase at room temperature [307, 352].
The influence of Co additions has been not only reported for Cu50Zr50, but also for Cu50Zr50-
based compositions, like for instance Cu48Zr48Al4 or Cu47Zr43Al10 [303]. In the following,
the influence of Co additions on the eutectoid transformation and the GFA of Al8 is studied.
The final goal is to develop an alloy with a stable B2CuZr phase and sufficient GFA, so
that BMG composites, which consist of B2 CuZr crystals and the glass, can be obtained
by flash-annealing. By substituting Cu with 1 at.% and 2 at.% of Co, the Cu45Zr46Al8Co1
(Al8Co1) and Cu44Zr46Al8Co2 (Al8Co2) alloys have been developed, respectively. Unlike the
DSC trace of Al8, the traces of the Al8Co1 and Al8Co2 alloys only show one endothermic
B2 transformation peak at elevated temperatures (Fig. 5.2.5).
The start temperature of the eutectoid transformation (TB2,S) is clearly higher for Al8Co1
than for Al8, and TB2,S decreases for Al8Co2. Additons of Co give rise to an increase of Tm
and Tl, and to a decrease of TB2,F, so that the temperature range becomes larger, in which
exclusively the B2 phase is stable [304]. This temperature range is highlighted in Fig. 5.2.3
by a (brown) horizontal bar. One can clearly see that the bar becomes wider as more Co is
added to the Al8 alloy. Furthermore, Co additions dramatically diminish the temperature
window in which the eutectoid transformation occurs (Fig. 5.2.5 and Table 5.2.1). This
stabilization of the B2 phase by Co additons has been reported for Cu50-x/2Zr50-x/2Al10Cox
(x= 4, 5 and 6 at.%) [303], Cu50-x/2Zr50-x/2Cox (x= 2 and 5 at.%) [307], and Cu50-xZr50Cox
(x= 2, 5, 10 and 20 at.%) [352]. Apart from that, the crystallization process is the same as
for the Cu46Zr46Al8 BMG. The DSC-traces also show two crystallization peaks, at which
the three Cu10Zr7, CuZr2 and Cu2ZrAl phases form. Thereby, the second crystallization
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event is less visible and hence more difficult to detect for both Cu-Zr-Al-Co-based alloys.
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Figure 5.2.3: Crystallization behaviour of the Cu46Zr46Al8, Cu45Zr46Al8Co1, and
Cu44Zr46Al8Co2 BMGs. Glassy samples with a diameter of 4.5mm were used. The
calorimetric investigations were carried out at a heating rate of 20 K/min. a) All alloys
undergo a glass transition and crystallize in two steps. At first, Cu10Zr7 (Tx) and CuZr2,
and after that Cu2ZrAl (Tx,2) crystallize from the glass. Upon further heating the low-
temperature phases transform eutectoidly into the B2CuZr phase (TB2,S). The brown
horizontal bar marks the region where exclusively the B2CuZr phase should be present. b)
DSC traces of all three compositions enlarged in a temperature range between 820K and
940K. The second exothermic crystallization event can be seen more clearly.
Thermal criteria based on Tg, Tx and Tl are used as parameters to classify the GFA of
liquids [175, 176, 177]. Common are the ∆Tx-, Trg-, and γm-parameter (subsection 3.2.6)
[179]. The higher their value, the higher the GFA of the alloy is. All GFA parameters have
been calculated for all three compositions and they are listed in Table 5.2.1 and illustrated
in Fig. 5.2.4 as a function of the Co content.
The parameters, especially ∆Tx and γm show the same trend: The GFA deteriorates with
rising additions of Co to the Al8 alloy. Particularly for Trg and γm, one could argue that the
increasing liquidus temperature is responsible for the impairing GFA (Fig. 5.2.3 and Table
5.2.1). However one can also argue in a different way. As the supercooled liquid is cooled,
there is a competition between the crystallization of the B2CuZr phase and vitrification
[307]. The fact that the crystallization process involves the polymorphic B2CuZr phase,
which is stabilized with increasing Co additions to lower temperatures, enlarges the time
window for precipitating this phase during cooling [307]. In other words, the GFA becomes
worse.
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Figure 5.2.4: GFA parameters and the K parameter for the Cu46-xZr46Al8Cox alloy series
(x=0, 1, 2) as a function of the Co content. The typical error for the ∆Tx-, Trg-, and
γm-parameters are ± 2K, ± 0.01, ± 0.02, and ± 0.01, respectively.
Song et al. [303] have proposed the K parameter to describe the competition between the
formation of the Cu10Zr7, CuZr2, B2CuZr phases and the stability of the liquid [303]. The
K parameter is given by: K = TB2,F / Tl [303]. Supercooled liquids with higher value of K
are more susceptible towards vitrification at a given cooling rate as is in accordance with
the other above mentioned GFA parameters. K diminishes with augmenting additions of
Co to Al8 as displayed in Fig. 5.2.4. In contrast, a lower K value indicates that the alloy
has a more stable B2CuZr phase.
In the next step for the development of a Cu50Zr50-based alloy suitable for the flash-
annealing process, the deteriorating effect of Co on the GFA needs to be counteracted.
Based on previous work [295], Hf is added to increase the GFA, and already minor additions
of Hf are known to be effective [295, 353]. Hf also destabilizes the B2CuZr phase but not
to the extent Co stabilizes it. Substituting 20 at.% of Zr with Hf leads to the disappearance
of the B2CuZr phase at elevated temperatures [295]. Consequently only 2 at.% Zr of the
Cu46Zr46Al8 alloy are substituted by Hf. Afterwards, minor amounts of Co (0.5 at.%, 1 at.%,
2 at.%, and 3 at.%) are added to this quarnery Cu-Zr-Al-Hf alloy. In the following, the
phase formation and GFA of this quinary Cu-Zr-Al-Hf-Co alloy series will be analyzed. Fig.
5.2.5 shows the corresponding high-temperature DSC traces.
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Figure 5.2.5: Crystallization behaviour of the Cu46Zr46Al8 and Cu46-xZr44Al8Hf2Cox(x
= 0.5, 1, 2, 3) BMGs with a diameter of 4.5mm. a) The DSC traces were obtained at
a heating rate of 20 K/min and the brown horizontal bar marks the region where the
B2CuZr phase should be exclusively present. b) DSC traces of all five compositions are
shown enlarged in a temperature range between 820K and 940K. The second exothermic
crystallization event can be seen more clearly.
Compared to Al8, the eutectoid transformation of the Cu45.5Zr44Al8Hf2Co0.5 (Hf2Co0.5)
alloy is shifted to higher temperatures owing to the addition of Hf [295]. The B2CuZr phase
is also less stable as can be seen from the narrower temperature range between TB2,F and
Tm (Fig. 5.2.10, indicated by the width of the brown bar), and the increasing K parameter
(Fig. 5.2.6 and Table 5.2.2). The GFA is only slightly affected by the additons of 2 at.% Hf
and 0.5 at.% Co to the Al8 alloy. According to the Trg parameter, the GFA of this quinary
alloy is only marginally higher than for Al8. The other GFA parameters even indicate
slightly worse GFA. Further additions of Co to this quinary alloy show the same trend as
the Cu-Zr-Al-Co series does. The GFA decreases and the B2CuZr phase is stabilized with
further additions of Co up to 3 at.% (Fig. 5.2.6 and Table (5.2.2). In other words, the
K-value decreases as Co is added to the Cu-Zr-Al-Hf alloy.
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Figure 5.2.6: GFA parameters and the K parameter for the Cu44-xZr46Al8Hf2Cox alloy
series (x=0, 0.5, 1, 2, 3) as a function of the Co content. The typical error for the ∆Tx-,
Trg-, and γm-parameters are ± 2K, ± 0.01, ± 0.02, and ± 0.01, respectively.
In the case of the Cu43Zr44Al8Hf2Co3 (Hf2Co3), the GFA deteriorates to such an extent
that fully amorphous rods with a diameter of 4.5mm cannot be cast anymore. The
corresponding XRD pattern shows that two sharp reflections, which can be attributed to
the B2CuZr phase, are superimposed on the broad maximum (Fig. 5.2.7). Thus, a BMG
composite consisting of B2CuZr crystals and the amorphous matrix was prepared during
casting. In contrast, the XRD patterns of Al8 and the Cu46-xZr44Al8Hf2Cox (x=0.5 at.%,
1 at.%, and 2 at.%, and 3 at.%) alloy series with a Co content up to 2 at.% only display the
broad maxima, which are characteristic of metallic glasses.
The Cu46Zr46Al8 (Al8) alloy has served as starting point for the alloy development and
hence represents the base alloy. In the following, all GFA parameters and the K parameter
are discussed with respect to the base alloy. Substituting 2 at.% of Cu by Co have led to
the Cu44Zr46Al8Co2 (Al8Co2) alloy, which has a lower GFA and K parameter as Fig. 5.2.8
and Table 5.2.2 illustrate. For instance, the γm- and K parameter diminishes from 0.731
and 0.927 to 0.695 and 0.874, respectively, for Al8Co2 (Table 5.2.2). The addition of Co
not only deteriorates the GFA, but also leads to a more stable B2CuZr phase, as the lower
K parameter corroborates (Fig. 5.2.8).
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Figure 5.2.7: XRD pattern of 4.5mm rods with the compositions: Cu46Zr46Al8 and
Cu46-xZr44Al8Hf2Cox(x = 0.5, 1, 2, 3). For Cu46Zr46Al8 and the alloying series at Co
additions up to 2 at.% the corresponding XRD pattern show two broad maxima, which are
characteristic for amorphous structures. At an Co addition of 3 at.% crystalline reflections
appendant to the B2CuZr phase are visible in the XRD pattern indicating that the 4.5mm
Cu43Zr44Al8Hf2Co3 rod is partially crystalline.
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Figure 5.2.8: ∆Tx-, Trg-, and γm-parameter, and the K parameter for the Cu46Zr46Al8,
Cu44Zr46Al8Co2, and Cu44Zr44Al8Hf2Co2 alloys.
107
5.2. CHARACTERIZATION OF THE AS-CAST BULK METALLIC GLASSES
In the next step, 2 at.% Zr were substituted by Hf, so that the final Cu44Zr44Al8Hf2Co2
(Hf2Co2) derivative results. To counteract the deteriorating effect of Co on the GFA, Hf
was added to Al8Co2. Thus, the GFA could be improved and the B2CuZr phase region
was only slightly destabilized. Compared to Al8Co2, the γm- and K parameter of Hf2Co2
augment from 0.695 and 0.874 to 0.707 and 0.890, respectively (Fig. 5.2.8 and Table 5.2.2).
Although the final alloy, H2Co2, has a lower GFA than Al8, its rods with a diameter of
4.5 mm can be still cast fully amorphous as subsection 5.2.2 will reveal. The B2 CuZr phase
is more stable as is vital for the preparation of B2 CuZr BMG composites by flash-annealing
as Fig. 5.2.9 shows.
Fig. 5.2.9 illustrates a schematic continuous heating transformation (CHT) diagram of
Al8 and Hf2Co2, which highlights the stability of the B2 CuZr phase of the Al8 and Hf2Co2
alloys for lower heating rates.
Figure 5.2.9: Schematic continuous heating transformation (CHT) diagram of the
Cu46Zr46Al8 (Al8) and Cu44Zr44Al8Hf2Co2 (Hf2Co2) metallic glasses. Several charac-
teristic temperatuers are indicated: the glass-transition temperature, Tg, crystallization
temperature, Tx, liquidus temperature, Tl, and the start and finish temperature of the
eutectoid transformation, TB2,S and TB2,F, respectively. Furthermore, three heating rates
are marked: ϕcrit > ϕ2 > ϕ1. Due to more clarity, the ternary Cu2ZrAl phase is not
considered.
Three heating scenarios are illustrated: As the glass is heated at the rate ϕ1, which is
used in the high-temperature DSC investigations (20 K/min), it transforms to a supercooled
liquid (SL) at the glass-transition temperature (Tg) and devitrifies into Cu10Zr7 and CuZr2
when Tx is reached. Further heating leads to the eutectoid transformation, which starts
and finishes at TB2,S and TB2,F, respectively (Fig. 5.2.9). At temperatures higher than Tl
the corresponding liquid is present. One can clearly see that the eutectoid transformation
of Hf2Co2 is finished at lower temperatures than in the case of Al8 (Figs. 5.2.5 and 5.2.9).
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As mentioned above, the B2 phase in the Hf2Co2 alloy is stable over a wider temperature
range. If the glass is heated at higher heating rates, the temperatures of the eutectoid
transformation will be shifted to lower values and at a certain heating rate (ϕ2), the
B2CuZr phase crystallizes instead of the low-temperature phases (Fig. 5.2.9) [47]. Due
to kinetic constraints (section 3.4), the glass crystallizes directly into the polymorphic
B2CuZr phase. Thereby, ϕ2 is lower for the Hf2Co2 glass, since its B2 phase is more stable,
and crystallization kinetics of the B2 phase can be studied over a wider range of heating
rates (subsection 5.4.2). When the glass is heated fast enough, the crystalline nose can be
circumvented and the supercooled liquid transforms into the liquid. This criticial heating
rate, ϕcrit, is shifted to lower rates as the GFA of the alloy increases. Consequently ϕcrit of
Al8, which is a better glass-former than Hf2Co2, is less (Fig. 5.2.9).
Finally, the thermal stability and phase formation of the Hf2Co2 MG is analyzed as it is
heated to temperatures above Tl. The same procedure as for the Al8 MG at the beginning
of this subsection is carried out. It consists of heating the specimen to a temperature at
which a phase formation is completed, and subsequent phase analysis by means of XRD.
The start temperature of the eutectoid transformation, TB2,S, shall be verified, because
it is not distinctly pronounced at the DSC curve, which is replotted in Fig. 5.2.10a. In
the following, we present XRD patterns of Cu44Zr44Al8Hf2Co2 BMGs heated to different
temperatures (Fig. 5.2.10b).
After passing Tg, the low-temperature Cu10Zr7 and CuZr2 phases crystallize from the
supercooled liquid at Tx (Fig. 5.2.10, (1) 813K). Further heating leads to the crystallization
of the Cu2ZrAl phase (Fig. 5.2.10, 917K) though its reaction seems to be very sluggish
and thus is difficult to detect in the DSC trace. As the temperature is further increased to
above TB2,S, the eutectoid transformation occurs and hence the B2CuZr phase forms (Fig.
5.2.10, 1013K ). The transformation already appears to begin at temperatures distinctly
lower than one would estimate from the endothermic “hump” (Fig. 5.2.10a, blue curve,
1050K). After passing this endothermic phase reaction, the B2CuZr phase is almost solely
present in the respective XRD pattern as Fig. 5.2.10b depicts. Owing to the low cooling
rate of the DSC device, minor reflections corresponding to the Cu10Zr7 and Cu2ZrAl phases
are visible (Fig. 5.2.10b, 1083K).
In the next subsection, the amorphicity of the 4.5mm rods of both alloys shall be verified.
Therefore, DSC traces including the crystallization enthalpy and XRD pattern of the rods
shall be compared to that of the corresponding ribbon serving as reference material.
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Figure 5.2.10: Phase formation of the 4.5mm Al8Hf2Co2 BMG rod during heating. a)
High-temperature DSC trace at 20K/min. The characteristic temperatures are indicated:
glass-transition temperature (Tg), crystallization temperature (Tx), second crystallization
temperature (Tx,2), eutectoid start temperature (TB2,S), eutectoid finish temperature
(TB2,F), melting temperature (Tm), and liquidus temperature (Tl). , b) XRD pattern
of Cu44Zr44Al8Hf2Co2 BMG samples heated to (1) 813K, (2) 917K, (3) 1013K, and (4)
1083K (Fig. 5.2.5).
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5.2.2 Amorphicity of the Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMGs
Before the flash-annealing experiments can be carried out, it has to be ensured that the
specimens are completely amorphous. For that reason, XRD and DSC investigations were
carried out for all rods at different positions and for ribbons, which serve as reference
material. In the present work, rods with two different geometries are flash-annealed. Rods
with a diameter of 3mm and 4.5mm have been prepared by copper-mould suction casting
under cooling rates of about 200K/s and 100K/s, respectively [339]. Ribbons were prepared
by melt-spinning at cooling rates up to 106K/s [354]. Therefore, one can assume that
ribbons of even marginal glass formers are completely amorphous. Fig. 5.2.11 displays
typical diffraction patterns of the melt-spun ribbons and a sequence of several sections
taken from one 4.5mm rod of each composition. If rods with a diameter of 4.5mm can be
cast fully amorphous in a given casting device, then the 3mm rods must be expected to be
amorphous as well, since they are cast at cooling rates twice as fast. No sharp reflections
are detected and only the broad maxima typical of metallic glasses can be seen. In other
words, the 4.5mm rod can be cast fully amorphous from top to bottom.
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Figure 5.2.11: X-ray diffraction patterns of a) Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 rods
and ribbons. The rod samples have a diameter of 4.5mm and the ribbons an average
thickness of 40µm. The rods are sectioned according to Fig. 4.1.1, which can be found in
chapter 4. All samples show the broad maxima typical of glass.
The B2CuZr phase crystallizes polymorphically from the Cu-Zr-Al-based liquids during
cooling. If the quenching rate is fast enough, then composite microstructures consisting
of the glass and B2CuZr crystals can result [33, 34, 36, 37, 38, 39, 40]. Compared to the
glass, Tg and Tx do not change their temperature as such a composite is heated, although
B2CuZr crystals are present in the as-cast sample. In contrast, ∆Hcryst does change. If a
small volume fraction of the crystalline phase is quenched-in, less amorphous phase can
crystallize upon reheating and the associated crystallization enthalpy is less. Thus, smallest
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amounts of crystalline phases can be detected [55]. From calorimetric investigations of
MGs, one can obtain the crystallization enthalpy ∆Hcryst. Three DSC measurements for a
ribbon of each composition were carried out and compared to the DSC traces of the 3mm
and 4.5mm rods (Fig. 5.2.12).
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Figure 5.2.12: DSC traces of glassy Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 with different
casting geometries: ribbon, rods with a diameter of 3mm and 4.5mm at a heating rate
of 40 K/min. All specimens undergo a glass-transition (Tg) and crystallization (Tx) under
release of heat (∆Hcryst) upon further heating. The ∆Hcryst values of the ribbons, rods
with a diameter of 3mm and 4.5mm are identical. See table 5.2.3.
An average value of ∆Hcryst, which serves as reference value for fully amorphous material,
was determined from three independent DSC measurements conducted on ribbons. Table
5.2.3 shows that the ∆Hcryst value of the 3mm and 4.5mm rods are identical with the
average value determined from the ribbons. This strongly suggests that the BMG specimens
are indeed fully amorphous.
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Table 5.2.3: Calorimetric data of Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 metallic glass.
The values of Tg, Tx, and ∆Hcryst were determined at a heating rate of 40 K/min for
ribbons and cylindrical BMGs with a diameter of 3mm and 4.5mm. Typical errors for the
determination of Tg and Tx are ± 2K and ± 2 J/g for ∆Hcryst.
Composition Geometry Tg Tx ∆Hcryst
[K] [K] [J/g]
Cu46Zr46Al8
ribbon 710 789 -55
3mm 709 789 -56
4.5mm 710 788 -56
Cu44Zr44Al8Hf2Co2
ribbon 713 790 -57
3mm 713 788 -56
4.5mm 714 790 -57
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5.2.3 Mechanical behaviour of as-cast Cu44Zr44Al8Hf2Co2 BMGs
Cu-Zr-Al-based BMG specimens are cast fully amorphous and the focus of this subsec-
tion is on the characterization of their mechanical properties. Cu44Zr44Al8Hf2Co2 BMGs
are subjected to uniaxial compression and tension, and their mechanical properties serve
as reference for the Cu44Zr44Al8Hf2Co2 BMG composites prepared by flash-annealing.
Owing to the superior stability of the B2CuZr phase, the mechanical properties of only
Cu44Zr44Al8Hf2Co2 BMG composites are studied and discussed in subsection 5.4.3. There-
fore, this subsection only elaborates on the mechanical properties of the corresponding
BMG.
Fig. 5.2.13 depicts the true stress-strain curves of flat bar tension specimens and of rods
subjected to compression. The rods differ in size and have diameters of 1.5mm, 2mm,
3 mm, and 4.5 mm. The plates have a thickness of 1.7mm and are machined from 4.5mm
rods. For details regarding the sample geometry please see the figure caption and Fig.
4.7.1a in chapter 4.
Figure 5.2.13: Mechanical properties of the Cu44Zr44Al8Hf2Co2 BMG. a) True stress-
strain curves in tension of a plate with a thickness of 1.7mm and in compression of rods
with diameters of 1.5 mm, 2 mm, 3 mm, and 4.5 mm. All samples are fully amorphous and
the compression specimens display an increasing plastic strain as the diameter diminishes.
The yield strength is constant and independent of the sample size. Three samples of each
geometry were tested and show similar plastic strain. One specimen with a diameter of
4.5mm fractured at lower stress due to the presence of a pore (*). b) SEM image of the
fracture surface of the 4.5mm rod specimen. One can observe vein-like pattern being a
typical characteristic for brittle fracture of BMGs.
The tensile specimens behave in a brittle manner, and no ductility can be observed. They
fracture at a strength of 1728± 166MPa (Table 5.2.4), which is lower than the fracture
strength of samples subjected to compression. For instance, the 4.5 mm rods show a fracture
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strength of 1842± 31.4MPa (Fig. 5.2.13, red). In contrast to the tensile samples, they
also display a plastic strain of 0.2± 0.06%. In compressive loading, the direction of the
normal stress is the same direction as the deformation of the sample, which then fractures
in pure shear mode [213, 214]. Tension is a different loading mode, since the direction of
the normal force is opposite. Thus, BMG specimens subjected to uniaxial tensile loading do
not fracture in pure shear mode and show lower fracture strength and by far less plasticity
[212, 213]. The fracture surface of the compressive specimens shows vein patterns due to
strain localization (Fig. 5.2.13b). They are a typical fractographic feature of the brittle
behaviour of BMGs [214].
Compressive true stress-strain curves of specimens with a diameter of 3mm are also
depicted in Fig. 5.2.13 (blue). In contrast to the curves of the 4.5mm rods, they show
on average a higher plastic strain of 0.4± 0.06% (Table 5.2.4). Compression tests of rods
with a diameter of 2mm and 1.5mm were conducted additionally, so that this size effect on
the plasticity can be investigated more thouroughly. The yield strength is almost constant
for geometries up to a diameter of 3mm and decreases for the sample with a diameter of
4.5mm. There, one sample failed earlier due to the presence of a pore. The plastic strain
continuously decreases as the size of the samples increases as highlighted by Fig. 5.2.14.
It decreases from 3.8% over 1.1% and 0.4% to 0.2% for the 4.5 over the 3 and 2 to the
1.5mm rod, respectively (Table 5.2.4). This trend of decreasing plasticity as the sample size
increases has been observed by many groups [217, 218, 219, 220, 221] (subsection 3.3.1),
and will be addressed in the following pragraph more in depth.
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Figure 5.2.14: Yield strength and plastic strain as a function of size of BMGs subjected
to uniaxial compression.
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As the applied load surpasses the yield strength of the BMG, plastic deformation involving
the intiation and propagation of shear bands, occurs. The process of shear-banding is
determined by the size of the sample, the stiffness of the testing machine and the loading
conditions [9]. As the shear-offset of the specimen increases, the machine is releasing stored
elastic energy and thus promotes the shearing-off of the sample. In compressive testing, the
cross-head of the testing machine moves abruptly in the same direction as the deformation
occurs. Particularly, the sample size and stiffness of the machine determine how much
elastic energy is released and to which extent this abrupt movement, which is also known as
spring-back effect, contributes to the shearing-off of the sample. The release of the stored
energy is proportional to the cross-sectional area of the sample. Thus, bigger specimens
with a larger diameter will shear-off faster and hence behave in a more brittle manner
[206, 216]. For the current machine-sample system, Cu44Zr44Al8Hf2Co2 rods with a size of
4.5mm in diameter fail almost in a brittle fashion.
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5.3 Structural changes during flash-annealing below Tx
Metallic glass exhibits free volume enhanced regions (FERs) [50, 52, 62] and quenched-in
nuclei [9, 34, 44, 247], which constitute structural heterogeneities. FERs are susceptible to
transformations imparted by deformation or heating [50, 52, 62]. When MGs are prepared
by melt-quenchnig techniques, nuclei, which are subcritical in size can be quenched-in. Just
recently, it has been shown that the growth of these nuclei can be stimulated by annealing
to temperatures below Tg [53, 108].
In the course of this section, it shall be investigated what happens to the structure of
the BMG, when it is flash-annealed at high rates to temperatures below Tx. As BMGs are
heated, at first relaxation sets in and heterogeneities are annihilated. At further heating at
temperatures above Tg, the glass transforms into a supercooled liquid, and free volume
is generated. Quenched-in nuclei are subcritical in size and can dissolve when the BMG
is heated. At temperatures of the supercooled liquid in addition, new nuclei form. Both
processes, the generation of free volume, which is a disordering process and growth as well
as the creation of new nuclei, which represents an ordering process, compete with each
other. Thus, different structural states can arise during flash-annealing.
Figure 5.3.1: A typical heating curve of a Cu44Zr44Al8Hf2Co2 BMG rod with a diamter
of 3 mm, and its derivative (dT/dt). The five ejection temperatures below Tx are marked.
Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMG specimens are flash-annealed at a heating rate
of about 67 K/s to various temperatures below and above the glass-transition temperature,
Tg, as Fig. 5.3.1 depicts. All specimens investigated are fully amorphous, regardless of
the composition or ejection temperature, Tej. Figs. 5.1.1b and 5.3.2 show high-energy
(HE)XRD and SAED patterns of as-cast and flash-annealed Cu44Zr44Al8Hf2Co2 BMG
118
CHAPTER 5. RESULTS AND DISCUSSION
samples, respectivley. Heterogeneities are difficult to probe, and one cannot observe them
by for instance HRTEM. Their size is suspected to be smaller than 1 nm in diameter [52].
817 K 896 K
5 1/nm
as-cast
Figure 5.3.2: Cu44Zr44Al8Hf2Co2 specimens are fully amorphous, regardless whether as-
cast or flash-annealed at about 67K/s to ejection temperatures of 817K (purple) and 896K
(red). The selected area electron diffraction (SAED) patterns recorded by transmission
electron microscopy (TEM) show broad diffraction rings, which are typical of metallic glass.
Structural heterogeneities could affect the crystallization kinetics and the fragility of the
supercooled liquid. Therefore, in the first subsection, a comprehensive calorimetric study
will be carried out on as-cast and flash-annealed Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMG
specimens. Their structural states should differ and depend on the heating rate, ϕ, and Tej.
As a metallic glass is heated towards the glass transition, exothermic structural relaxation
occurs. The heat release rate as a function of temperature is detected, and we are interested
in the overall heat of relaxation, ΔHrelax, as a function of the ejection temperature of flash-
annealed BMGs. Once Tg is passed, rejuvenation can occur due to the low viscosity of the
supercooled liquid. Subsequent quenching of the specimen imparts very high cooling rates,
which are at least one magnitude higher than the cooling rate effective during the preparation
of the as-cast BMG (subsection 5.1.3). The BMGs flash-annealed to temperatures of the
supercooled liquid region (SLR), should have hence more free volume, which should be
relfected in the diffraction pattern. Such patterns are obtained of Cu44Zr44Al8Hf2Co2 BMG
samples prior to and after flash-annealing.
The flash-annealing device enables us to prepare BMG specimens, which differ in their
structural states for the first time. Consequently, the mechanical properties of BMGs as
a function of the structural state can be investigated, which is the focus of the second
subsection 5.3.2. BMGs with a higher free volume content should exhibit larger plasticity.
Moreover, it has been shown that the growth of quenched-in nuclei can be stimulated by
deformation [34, 37].
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5.3.1 Calorimetric investigation of structural changes
In a first step Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMG specimens were prepared by
casting. Afterwards they were flash-annealed at a heating rate of about 90K/s to one
temperature below Tg, and at about 67K/s to four additional temperatures within the
SLR. Figs. 5.3.3a and b depict the temperature-time curves of the Cu44Zr44Al8Hf2Co2
and Cu46Zr46Al8 BMG specimens. According to XRD, all specimens are amorphous prior
to and after flash-annealing, as shown in Fig. 5.3.4. Table 5.3.1 lists the heating rate, ϕ,
and ejection temperature, Tej, of all specimens flash-annealed for the current calorimetric
investigation.
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Figure 5.3.3: Temperature-time curves of a) Cu44Zr44Al8Hf2Co2 and b) Cu46Zr46Al8
BMG specimens, which were flash-annealed at heating rates ranging between 53K/s and
100K/s. The glass-transition temperature, Tg, is indicated.
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Figure 5.3.4: XRD pattern of as-cast and flash-annealed Cu44Zr44Al8Hf2Co2 and
Cu46Zr46Al8 BMG samples. The ejection temperatures are indicated. The corresponding
T-t curves can be found in Fig. 5.3.3.
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Table 5.3.1: Overview of the heating rate, ϕ, and ejection temperature, Tej, of
Cu44Zr44Al8Hf2Co2 and Cu46Zr46Al8 BMG specimens which were flash-annealed for further
calorimetric investigations. Typical errors for the determination of ϕ and Tej are ± 5K.
Cu44Zr44Al8Hf2Co2 Cu46Zr46Al8
ϕ Tej ϕ Tej
[K/s] K [K/s] K
85 731 87 737
76 729 121 740
82 741 103 734
91 732 117 727
68 819 61 817
65 818 85 818
80 819 80 818
81 819 78 818
59 846 83 850
79 846 94 850
55 847 63 849
65 848 68 849
69 877 52 877
60 879 55 877
71 878 72 879
64 882 69 879
63 897 78 896
73 896 57 897
65 896 67 896
Isothermal calorimetric measurements are conducted to determine the incubation time,
Avrami exponent, and the activation energy of crystallization. This energy is also obtained
from isochronal measurements by means of the Kissinger method. From the associated
glass-transition temperatures one can determine the fragility (steepness index) for BMGs
as a function of Tej. Particularly, quenched-in nuclei could act as nucleation sites for
crystallization. Their growth should be stimulated by flash-annealing. Unless the quenched-
in nuclei dissolve, they might also affect the incubation time and crystal growth morphology
reflected in the Avrami exponent.
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Isothermal calorimetric measurements
Fig. 5.3.5 displays the isothermal DSC traces of the Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2
BMGs at different temperatures. The exothermic crystallization event starts and finishes
earlier at higher annealing temperatures. The traces of both compositions show a split
exothermic peak (marked by arrows), which can be associated with a two-step crystallization
sequence.
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Figure 5.3.5: Isothermal DSC traces of 3mm BMG rods annealed at different temperatures.
a) Cu46Zr46Al8 and b) Cu44Zr44Al8Hf2Co2.
To clarify the phase formation, two Cu44Zr44Al8Hf2Co2 BMG samples were annealed at
the same temperature for different durations. The first sample was annealed at 748K for
204 s, and the second one for 252 s, as Fig. 5.3.6 displays. Once the annealing duration was
completed, the samples were subsequently cooled in the DSC chamber. Afterwards, XRD
investigations were conducted on both annealed specimens and the corresponding pattern
are depicted in Fig. 5.3.6b. The XRD pattern of the sample heated to the first peak for
204 s shows reflections, which can be allocated to the Cu10Zr7 phase and are superimposed
on the amorphous broad diffraction peak (purple pattern). The broad peak vanishes and
additionally the CuZr2 phase (green pattern, additional reflections are marked with red
arrows) crystallizes after annealing the BMG sample to the second crystallization peak. Cu
has a higher diffusion coefficient than Zr and hence the Cu-rich Cu10Zr7 phase is forming
prior to the CuZr2 phase [328]. If one takes a closer look at the XRD pattern of the sample
annealed for 252 s (Fig. 5.3.6b, purple), also reflections with minor intensity of CuZr2 are
visible. This can be explained by the limited cooling rate prevailing in the DSC chamber.
During cooling a certain volume fraction of the supercooled liqud transformed into the
other low-temperature equilibrium phase CuZr2.
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Figure 5.3.6: Identifying the crystallization sequence of amorphous Cu44Zr44Al8Hf2Co2
during isothermal annealing. a) Isothermal DSC traces of Cu44Zr44Al8Hf2Co2 at 748K for
204 s and 252 s and b) corresponding XRD patterns.
In the following, the Avrami exponent and the activation energy of crystallization are
calculated from the isothermal DSC traces. First, one has to determine the incubation
time, τ , from the isothermal DSC traces and we define it as the time where the crystallized
volume fraction, x, reaches a value of 0.5 vol.%. For more details, one is referred to the
Appendix (Fig. 8.3.1). The JMAK fit (Eq. 3.2.18) has been obtained for a transformed
glassy volume fraction ranging between 15 and 85 vol.% and the integrated and normalized
isothermal DSC curves of Cu44Zr44Al8Hf2Co2 are shown in Fig. 5.3.7.
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Figure 5.3.7: Integrated and normalized isothermal DSC traces at different temperatures
of amorphous a) Cu44Zr44Al8Hf2Co2 and b) Cu46Zr46Al8.
The Avrami exponent can be determined from the slope of the linear fit of Eq. 3.2.19
and the reaction rate constant necessary to calculate the activation energy can be obtained.
A plot of ln(k) vs. 1T enables us to obtain the activation energy for crystallization, Ea
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[355, 356]. The results of Ea obtained from the JMAK analysis are discussed in comparison
with the ones from the Kissinger plot in the next paragraph. Fig. 5.3.7 displays an increase
of the incubation time with decreasing annealing temperatures. It shall be clarified whether
the incubation time and the Avrami exponent of both compositions are affected by the
flash-annealing treatment. The growth of quenched-in nuclei could be stimulated during
flash-annealing. Since they are expected to serve as nucleation sites during crystallization,
the incubation time and Avrami exponent could be affected. Therefore, the flash-annealed
samples were analyzed in the same way. The incubation time and Avrami exponent of the
as-cast and flash-annealed Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMGs as a function of
the ejection temperature and heating rate are shown in Fig. 5.3.8 and presented in the
Appendix (Figs. 8.3.2 - 8.3.5). For the sake of clarity, Fig. 5.3.8 depicts the incubation
time and Avrami exponent only at one isothermal annealing temperature (Tg +36K) as a
function of ejection temperature. The incubation time depends on the composition and can
classify the thermal stability of the corresponding supercooled liquid (Fig. 5.3.8).
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Figure 5.3.8: Incubation time and Avrami exponent of Cu46Zr46Al8 and
Cu44Zr44Al8Hf2Co2 BMGs depending on the flash-annealing treatment for an annealing tem-
perature of 36K above Tg. Typical errors of the incubation time, τ , and Avrami exponent,
n, are ± 4 s and ± 0.04, respectively. The gray dashed line indicates the glass-transition
temperature for both compositions.
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BMGs of both compositions were annealed 36K above their Tg and the incubation time of
Cu46Zr46Al8 (223± 16 s) is about twice as long as the one of Cu44Zr44Al8Hf2Co2 (93± 7 s).
The incubation time seems to depend on the GFA of the alloy and will be discussed by
means of the thermal parameter γm (subsection 5.2.1, Table 5.2.2). Cu46Zr46Al8 and
Cu44Zr44Al8Hf2Co2 have a γm-value of 0.731 and 0.707, respectively. Thus, Cu46Zr46Al8,
the better glass former, exhibits a significantly longer incubation time at the same annealing
temperature.
Table 5.3.2: Overview of the incubation time, τ , and Avrami exponent, n, of Cu46Zr46Al8
and Cu44Zr44Al8Hf2Co2 BMG, which were flash-annealed at about 67K/s to different
ejection temperatures, and of the as-cast state. Typical errors of the annealing temperatures,
Tanneal, ejection temperatures, Tej, incubation time, τ , and Avrami exponent, n, are ± 0.1K,
± 5K, ± 4 s, and ± 0.04, respectively.
Composition [at.%] Tanneal [K] As-cast
Tej[K]
730 817 847 879 896
Cu46Zr46Al8
736 τ [s] 282 258 249 280 259 243
n 3.12 3.03 3.31 3.08 3.33 3.39
738 τ [s] 212 177 236 233 222 195
n 3.39 3.87 3.03 3.12 3.22 3.57
740 τ [s] 187 197 194 197 192 190
n 3.30 3.08 3.19 3.20 3.22 3.24
742 τ [s] 149 166 173 168 158 160
n 3.61 3.18 3.13 3.22 3.44 3.22
744 τ [s] 120 144 146 127 139 142
n 3.79 3.17 3.17 3.67 3.60 3.21
746 τ [s] 107 127 125 127 138 127
n 3.77 3.17 3.24 3.17 3.46 3.18
Cu44Zr44Al8Hf2Co2
738 τ [s] 264 263 249 270 262 256
n 3.19 3.20 3.30 3.00 3.35 3.28
740 τ [s] 215 191 208 230 250 238
n 3.40 3.87 3.41 3.04 3.01 2.97
742 τ [s] 183 194 187 189 200 190
n 3.49 3.18 3.22 3.31 3.16 3.34
744 τ [s] 165 158 153 172 220 173
n 3.45 3.38 3.42 3.11 3.06 3.05
746 τ [s] 125 146 112 146 152 145
n 3.82 3.37 4.46 3.06 3.09 3.18
748 τ [s] 122 132 131 124 141 130
n 3.30 3.00 3.09 3.26 3.05 3.03
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Quenched-in nuclei are expected to act as nucleation sites for crystallization, and their
growth should be stimulated by flash-annealing. Unless the heterogeneities dissolve at
slower heating in the DSC device, they might affect the incubation time and crystal
growth morphology, which is reflected in the Avrami exponent. However, the Avrami
exponent does not show any clear trend with the ejection temperature. It ranges for both
compositions between 3.0 and 3.4 (Fig. 5.3.8). This means [125, 158], that growth occurs
in an interface-controlled manner on nucleation sites, whose number decreases with time
(see subsection 3.2.4). The incubation times also do not change as a function of the ejection
temperature and one can conclude that the quenched-in nuclei, which are subcritical in size,
appear to dissolve during reheating in the DSC. If the growth of quenched-in nuclei can be
stimulated, a lower activation energy of crystallization might then result. Therefore, the
activation energies obtained from isothermal and isochronal measurements for the as-cast
and flash-annealed BMGs are compared in the following.
Isochronal calorimetric measurements
Figs. 5.3.9a and b depict DSC curves of glassy Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2
measured at different heating rates, respectively. They range from 5K/min to 300K/min.
The glass transition and even more, the crystallization event is shifted to higher temperatures
with increasing heating rate. Also the heat caused by recalescence is released faster. Contrary
to higher heating rates, the crystallization event is split into two exothermic peaks at lower
heating rates (5, 10, 20K/min) as can be seen from the inset of Fig. 5.3.9. Most likely,
these two peaks correspond to the formation of both low-temperature equilibrium phases,
Cu10Zr7 and CuZr2. This assumption is quite reasonable, since the isothermal DSC curves
also show two exothermic peaks, which correspond to the crystallization of both phases.
The activation energy of crystallization can be obtained from isochronal DSC curves by
plotting ln( ϕ
T 2p
) vs. 1T (Fig. 5.3.10). All the points should lie on a straight line and by
linearly fitting, one can determine its slope. According to Eq. 3.2.21, the slope corresponds
to −EaR , from which the activation energy of crystallization can be calculated and the
results are presented in Table 5.3.3.
The values for the Kissinger activation energy for crystallization of Cu46Zr46Al8 (299±
13 kJ/mol) are lower than published data by, for instance, Pauly et al., who have reported
an energy of 370± 22 kJ/mol [355]. By comparing both approaches for the determination
of the activation energy, the JMAK method seems to be afflicted with a higher error as the
corresponding bars indicate (Fig. 5.3.11 continuous line). The Kissinger approach provides
more accurate data. In contrast to the Kissinger method, one has to fit twice in the JMAK
approach and since every fit is associated with an uncertainty, the Kissinger method is
expected to be more precise.
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Figure 5.3.9: Isochronal DSC traces for Cu44Zr44Al8Hf2Co2 (a) and Cu46Zr46Al8 (b) at
heating rates of 5, 10, 20, 40, 100, 200 and 300K/min. The latent heat during crystallization
is released faster with rising heating rate of the BMG specimen. The inset in a) magnifies
the crystallization event at 5K/min. Two crystallization peaks similar to the corresponding
isothermal DSC traces (Fig. 5.3.5b) can be observed.
Table 5.3.3: Overview of the activation energies of Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2
BMG samples, which were flash-annealed at about 67K/s to different temperatures and
the as-cast state. Typical errors of the ejection temperature, Tej, are ± 5K. The activation
energy, Ea, was determined by means of the JMAK and Kissinger analysis.
Alloy Tej Ea (JMAK) Ea (Kissinger)[K] [kJ/mol] [kJ/mol]
Cu46Zr46Al8
as-cast 276± 15 299± 13
730 371± 52 286± 16
817 358± 21 296± 17
847 320± 32 302± 12
879 316± 26 295± 14
896 386± 22 298± 14
Cu44Zr44Al8Hf2Co2
as-cast 291± 24 277± 11
730 356± 46 279± 12
817 289± 59 268± 19
847 283± 19 280± 12
879 333± 18 265± 15
896 329± 25 278± 12
The Cu44Zr44Al8Hf2Co2 BMG (277± 11 kJ/mol) shows a lower activation energy than
the Cu46Zr46Al8 BMG (299± 13 kJ/mol), which again corroborates its slightly lower GFA.
Similar to the incubation time and Avrami exponent, one cannot identify a clear trend
of the activation energy as a function of ejection temperature for both compositions (Fig.
5.3.11). One possible explanation for the missing trend is that quenched-in nuclei dissolve
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Figure 5.3.10: Kissinger plot of the as-cast Cu44Zr44Al8Hf2Co2 BMG.
during reheating in the DSC, since they are subcritical in size. This reheating occurs at
slower heating rates than the flash-annealing device, which in the present case heats at
a rate of 67K/s. The fastest heating rate of the DSC is 300K/min, which is 13.4 times
slower than the current heating rate of the flash-annealing. The quenched-in nuclei could
dissolve when passing the glass transition or even at lower temperatures. Both scenarios are
possible and recent results [53] have shown that slight structural modifications can occur at
sub-Tg annealing of Cu45Zr45Al8Hf2 BMG and ultimately lead to nanocrystallization of
the B2CuZr phase [53]. Another possibility is, that quenched-in nuclei do not affect the
activation energy of crystallization.
It is interesting to note that instead of Cu10Zr7 and CuZr2, B2CuZr nanocrystals form
upon annealing [53]. Although the B2CuZr phase is metastable at this temperature range, it
still forms. According to Pauly et al. [34], the short-range order length-scale of the Cu-Zr-Al
based BMG resembles the structure of the B2CuZr phase. That means that B2CuZr nuclei
are quenched-in, while the Cu-Zr-Al-based supercooled liquid vitrifies. Furthermore, the
growth of the B2CuZr phase is kinetically more favoured, as subsection 5.4.1 will reveal.
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Figure 5.3.11: Activation energies of crystallization obtained by the Kissinger and JMAK
approach for the Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 alloys as a function of the ejection
temperature. The gray dashed line indicates the glass-transition temperature for both
glass-forming compositions.
Fragility
The fragility index is derived from isochronal measurements, at which the shift of the
glass-transition temperature is analyzed as a function of the applied heating rate [88, 357].
Fig. 5.3.9 clearly shows that Tg shifts with increasing heating rates to higher values. More
fragile liquids as the present Cu-Zr-Al-based compositions show non-Arrhenian behaviour of
the viscosity in the vicinity of Tg and hence the corresponding steepness index, m, exhibits
a relatively high value (subsection 3.2.5) ranging between 50-60 [355]. The viscosity data
of fragile liquids can be approximated by the empirical Vogel-Fulcher-Tammann (VFT)
relation (Eq. 3.2.23). Since we determine the fragility using the steepness index from Tg
at several heating rates, we apply the after Brüning and Samwer modified VFT-equation
[162]:
Tg = T0 +
B
lnAφ
⇐⇒ φ = A·e
B
(Tg−T0) , (5.3.1)
where A and B are constants with the dimensions of a heating rate and temperature,
respectively. T0 is the Vogel-Fulcher-temperature and φ is the heating rate. For more
details the reader is referred to subsection 3.2.5 and Appendix 8.3.3. Tg is fitted as a
function of φ by above Eq. 5.3.1 to obtain the three parameters A, B and T0 and finally
calculate the fragility index according to Eq. 3.2.24. (see also subsection 3.2.5 and Appendix
subsection 8.3.3). Fig. 5.3.12 illustrates an example of a VFT plot for Cu44Zr44Al8Hf2Co2.
Fig. 5.3.13 depicts the fragility index, m, as a function of ejection temperature for
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Figure 5.3.12: VFT-plot of the Cu44Zr44Al8Hf2Co2 alloy.
the Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMGs. At a first glance, rather big error bars
beome evident owing to the input data. A clear trend of the steepness index vs. the
ejection temperature is not present. Thus, from the incubation time, Avrami exponent,
activation energy of crystallization, and fragility, it is obvious that an influence of the flash-
annealing treatment on the structural state of the BMG cannot be detected. Calorimteric
measurements appear not to be the appropriate method to detect a stimulation of the
growth of quenched-in nuclei during flash-annealing. Table 5.3.14 gives an overview of all
calculated parameters for both compositions as a function of ejection temperature including
the as-cast state.
The last paragraph of this subsection discusses the relaxation phenomenon, which occurs
prior to the glass transition during isochronal heating, in the framework of the concept of
Beukel and Sietsma [101] (subsection 3.2.2). The BMGs are cast at a cooling rate of about
100K/s [339] but quenched after flash-annealing at a rate of at least 1000K/s (subsection
5.1.3). Therefore, one can expect different relaxation enthalpies especially when the glass
transition is passed and rejuvenation might occur.
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Figure 5.3.13: The fragility by means of the steepness index, m, as a function of the ejection
temperature during the flash-annealing for the Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMGs.
The gray dashed line indicates the glass-transition temperature for both glass-forming
compositions.
Figure 5.3.14: Results of the calorimetric study of Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2
BMG samples, which were flash-annealed at about 67K/s to different temperatures and
the as-cast state. Typical errors of the ejection temperature, Tej, are ± 5K. The activation
energies, Ea, determined by means of the JMAK and Kissinger analysis, the average value
of the Avrami exponent obtained from all annealing temperatures, nave, and the fragility
index, m, are given.
Alloy Tej nave
Ea (JMAK) Ea (Kissinger) m[K] [kJ/mol] [kJ/mol]
Cu46Zr46Al8
as-cast 3.50±0,25 276±15 299±13 51±11
730 3.25±0.28 371±52 286±16 55±11
817 3.18±0.09 358±21 296±17 37±9
847 3.24±0.20 320±32 302±12 84±22
879 3.38±0.14 316±26 295±14 83±36
896 3.30±0.14 386±22 298±14 57±18
Cu44Zr44Al8Hf2Co2
as-cast 3.44±0.20 291±24 277±11 41±11
730 3.33±0.27 356±46 279±12 40±11
817 3.48±0.45 289±59 268±19 38±9
847 3.13±0.12 283±19 280±12 43±22
879 3.12±0.11 333±18 265±15 58±36
896 3.14±0.14 329±25 278±12 48±18
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Relaxation
As a metallic glass is heated at a constant heating rate towards Tg, its structure relaxes.
The relaxation enthalpy, ∆Hrelax, can be detected by isochronal DSC measurements and
in the following, ∆Hrelax of flash-annealed BMGs as a function of Tej will be analyzed.
The overall heat of relaxation corresponds to the free volume trapped in the metallic glass
during its vitrification (subsection 3.2.1) [22, 103]. Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2
BMG samples were first flash-annealed at a heating rate of 67K/s to different ejection
temperatures below and above Tg, and subsequently reheated in a DSC to measure ∆Hrelax.
The isochronal curves (Fig. 5.3.15a) clearly show structural relaxation in the as-cast state
and to a reduced extent in specimens flash-annealed to 730K, which is lower than Tg. In
contrast, flash-annealing of BMGs to temperatures above the glass transition leads to an
increase of the structural relaxation: That is rejuvenation (Fig. 5.3.15a, 817K an 879K).
Fig. 5.3.15b depicts ∆Hrelax as a function of the ejection temperature for both compositions.
The relaxation enthalpy also depends on the composition, and it was normalized by means
of the melting enthalpy of the respective composition, so that ∆Hrelax of Cu46Zr46Al8 and
Cu44Zr44Al8Hf2Co2 can be compared. When the ejection temperature of the flash-annealed
BMG is above Tg and hence within the SLR, ∆Hrelax is constant (Fig. 5.3.15b).
450 500 550 600 650 700
Ex
ot
he
rm
ic
 h
ea
t f
lo
w
 [a
.u
.]
Temperature [K]
as-cast
Tej=730 K
Tej=817 K
Tej=879 K
a)
0
2
4
6
8
10
12
b)
Cu46Zr46Al8
Cu44Zr44Al8Hf2Co2
896879847817
N
or
m
ai
lz
ed
 re
la
xa
tio
n 
en
th
al
py
 [%
]
Ejection temperature [K]
glass transition
as-cast 730
Figure 5.3.15: Calorimetric investigations of BMGs flash-annealed to temperatures below
the crystallization. a) Isochronal DSC curves of Cu44Zr44Al8Hf2Co2 at a heating rate of
40K/min. Structural relaxation occurs and differs on the ejecetion temperature of the
flash-annealed BMG. For more details see text. b) Relaxation enthalpy normalized by
means of the appendent melting enthalpy of the compositions of flash-annealed Cu46Zr46Al8
and Cu44Zr44Al8Hf2Co2 BMGs as a function of the ejection temperature.
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The relaxation process and glass transition as the glass is heated are explained in the
following by means of the concept proposed by van den Beukel and Sietsma [101]. The
straight black line represents the free volume being in thermodynamic equilibrium, veq
[101]. At high temperatures above the glass transition a “thermodynamic equilibrium” of
the free volume is present during cooling. As the liquid is cooled further at a fast rate,
an excess amount of the free volume is trapped during the vitrification of the supercooled
liquid (Fig. 5.3.16a, the slope of the black curve decreases gradually). The cooling rate
during the preparation of the BMG from the melt by quenching is defined as dT/dtCast
(Fig. 5.3.16). When the glass is subsequently flash-annealed (Fig. 5.3.16, red curve) at a
constant heating rate, the free volume is annihilated owing to structural relaxation, as it
is well documented in literature [102, 103, 358]. The Cu44Zr44Al8Hf2Co2 BMG specimen,
which was flash-annealed to 730K (Fig. 5.3.16b) and subsequently quenched, shows a
lower relaxation enthalpy according to DSC (Fig. 5.3.15). At the present heating rate of
67K/s, the ejection temperature of 730K is lower than the respective Tg. Consequently,
free volume of the BMG specimen is annihilated during flash-annealing, and the quenched
specimen has a lower free volume than the as-cast counterpart.
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Figure 5.3.16: Free volume change of a BMG as it is flash-annealed to different tem-
peratures and subsequently quenched. a) Free volume and heat flow as a function of
temperature as a glass is heated. vf indicates the free volume content trapped in the
glass and veq is the equilibrium concentration of the free volume. Once a BMG specimen,
prepared at the cooling rate dT/dtCast, is heated, at first, free volume is annihilated due
to structural relaxation. At further heating the glass transition begins and ends at Tg,S
and Tg,F, respectively. After passing latter temperature, the supercooled liquid is present,
and free volume increases. The specimen rejuvenates. Subsequent quenching at a higher
cooling rate (dT/dtFA) than during casting (green curve) enables to trap more free volume
during the following vitrification of the supercooled liquid. Modified after Ref. [101]. b)
Temperature-time curve of a Cu44Zr44Al8Hf2Co2 BMG specimen flash-annealed at about
67K/s. Different ejection temperatures, Tej, are indicated.
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If BMG samples are heated continuously to higher temperatures, the red free volume
curve depicted in Fig. 5.3.16, will cross and pass the black equilibrium curve. Free volume
cannot be produced as easily in the glass as in the supercooled liquid, due to frozen-in
configurations. Therefore, free volume in the relaxed glass lags behind the equilibrium
concentration of the free volume, veq. As the glass is further heated, the glass transition
starts (Fig. 5.3.16 Tg,S), the viscosity drops as a function of temperature, and new free
volume is generated. The slope of the red curve increases (Fig. 5.3.16). At Tg,E, the glass
transition is completed, so that a supercooled liquid is present. The kinetics of the free
volume production are not hindered any more, and the “equilibrium” concentration of the
free volume is reached. The ejection temperatures of 817 and 879K are above Tg, so that
flash-annealing BMGs to these temperatures transforms them to a supercooled liquid, and
the previously annihilated free volume is not only recovered, but more free volume can
be present. The extent of the free volume depends on the temperature. This process is
called rejuvenation. Subsequent water-quenching vitrifies the supercooled liquid. Thereby,
the cooling rate (>103K/s, subsection 5.1.3) is at least on magnitude higher than the
cooling rate, which is effective during the casting of the BMG (less than 100K/s [339]).
Consequently more free volume can be trapped during the glass transition and a higher
∆Hrelax results during subsequent reheating in the DSC. Flash-annealing enables for the
first time to thermaly rejuvenate bulk material.
The free volume content of BMGs can be changed by flash-annealing, due to relaxation
and rejuvenation as indicated by a lower and higher ∆Hrelax, respectively. In order to
verify the free volume content of BMGs as a function of Tej, their structure is investigated
by means of electron diffraction. SAED patterns of different locations of the as-cast
Cu44Zr44Al8Hf2Co2 BMG and BMG samples flash-annealed at 67K/s to 817 and 879K
have been recorded and integrated to diffraction intensity curves as a function of Q, and
Fig. 5.3.17a depicts them.
According to Yavari et al. [359], the wave-vector, Q, of the first diffracted intensity
maximum, Q1, is inversely proportional to the mean atomic spacing in a metallic glass,
which they assumed to be a rigid isotropic solid (Fig. 5.3.17a). The Q1-value of BMGs shifts
to lower values with increasing free volume content [359]. This is the case for the investigated
Cu44Zr44Al8Hf2Co2 BMG specimens. Q1 of the as-cast BMG is 4.442± 0.011 nm-1, whereas
the BMGs, which were flash-annealed at 67K/s to 819K and 882K, have a Q1-value
of 4.392± 0.006 nm-1 and 4.410± 0.010 nm-1, respectively (Fig. 5.3.17b). Five different
locations of each BMG were investigated and Table 5.3.4 lists the respective Q1-values.
The results corroborate the ∆Hrelax-values of the as-cast and flash-annealed BMGs. The
as-cast BMG specimen has the lowest ∆Hrelax- and highest Q1value. The ∆Hrelax appears
to be constant for the BMGs flash-annealed to temperatures of the SLR, yet the Q1
of the specimen heated to 879K is observable smaller when compared to the specimen
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Figure 5.3.17: Change of free volume described by a the Q1-value of Cu44Zr44Al8Hf2Co2
BMG specimens of the as-cast state and flash-annealed at 67K/s to 819K and 882K
and subsequently quenched. a) Intensity obtained from SAED patterns as function of
Q. The position of the first peak, Q1, is indicated by arrows in the inset. b) Q1 of the
specimens investigated. The TEM specimen were taken from a region near the centre of
the cross-section of the BMG specimens.
∆Hrelax is a measure of the average free volume content of the BMG, whereas Q1 gives a
more local information of the free volume. The SAED pattern of all samples were taken
from a region near the centre of the cross-section of the sample. It seems that the free
volume distribution is not completely uniform across the cross-section of flash-annealed
BMGs. Therefore, microhardness measurements of the complete cross-section of the as-
cast and flash-annealed BMGs were carried. Beyond the correlation of free volume and
hardness of the BMG, the mapping allows to investigate how uniformly a BMG specimen
is flash-annealed.
Table 5.3.4: Overview of Q1-values of the as-cast Cu44Zr44Al8Hf2Co2 BMG specimen,
and BMG specimen which were flash-annealed at about 67K/s to 819K and 882K. They
were determined from the Intensity vs. Q function by fitting with a pseudo-voigt function
using the Levenberg Masquardt-iteration algorithm. Five SAED patterns were determined
at different locations, which results in five Q1-values for each sample. The average value
and error are given.
Specimen Q1 [nm-1] Q1,ave [nm-1]
as-cast 4.430 4.453 4.454 4.443 4.431 4.442± 0.011
819K 4.385 4.393 4.388 4.393 4.399 4.392± 0.006
882K 4.420 4.417 4.404 4.413 4.395 4.410± 0.010
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Microhardness
Fig. 5.3.18 shows microhardness maps of the cross-section of BMGs flash-annealed to 801 K,
847 K and 861K and of the as-cast BMG.
Figure 5.3.18: Microhardness maps carried out on the cross-section of the as-cast BMG
and BMGs flash-annealed at 60 K/s to b) 817 K, c) 847 K, and 879 K. The amorphous rods
are all of identical composition (Cu44Zr44Al8Hf2Co2 in at.%) and have a diameter of 3 mm.
The small arrows emphasize a softer crescent-shaped zone.
All hardness maps show a crescent-shaped soft zone near the lateral surface (see short
arrows). This soft zone is more pronounced for the flash-annealed BMGs and originates
from the casting rather than the cooling process. The as-cast BMG sample is prepared by
suction casting where the melt flows into a copper mould and vitrifies due to the fast heat
extraction. There is a slight gradient in the cooling rate and the surface solidifies faster.
A higher free volume content is reflected in lower hardness values [52] and this leads to
the creation of the crescent-shaped soft zone. The same holds for flash-annealed samples,
which are quenched in a water-bath. The soft region, however, is highly asymmetric as the
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following schematic illustrates (Fig. 5.3.19):
Figure 5.3.19: Schematic of the hardness distribution of the cross-section of BMGs: a)
ideal hardness distribution as expected b) real hardness distribution of the as-cast BMG,
and c) real hardness distribution of the flash-annealed BMGs.
Owing to the ejection mechanism of the clamping system, the sample rotates by 90 °
while falling into the water-bath, so that the lateral surface of the sample touches the
water surface first. Fig. 5.3.20 depicts snapshots recorded during the ejection process of a
specimen with a high-speed camera and the sample’s rotation is clearly visible.
Figure 5.3.20: Snapshots taken with a high-speed camera, which show the ejection process
of a BMG rod with a diameter of 4.5 mm. a) The BMG is fixed between the fingers of the
clamping system. b) Only one finger moves during the ejection process, which causes a
rotation of the specimen. c) The specimen falls towards the water-bath while still rotating.
d) The specimen rotates by about 90 ° until the lateral surface touches the water surface.
Apart from this crescent-shaped softer region, the hardness map of the as-cast BMG is
rather uniform showing values which range between 590 HV0.1 and 630 HV0.1 (Fig. 5.3.18a).
The BMG sample flash-annealed at 801 K just above Tg is softer and the appendent hardness
map shows values ranging between 550HV0.1 and 590HV0.1. In addition, the hardness
values are even more uniform than the as-cast material indicating that the flash-annealing
treats the BMG specimen uniformly (5.3.18b). The flash-annealed specimen is cooled at a
higher cooling rate than the as-cast rod. Thus, it exhibits a higher free volume content,
which is in agreement with the measured relaxation enthalpy (Fig. 5.3.18a) and is therefore
softer [52]. Fig. 5.3.21b depicts the hardness along a line, which is indicated by the arrows
in Fig. 5.3.18b, across the BMG specimens. One can clearly see that the hardness values
of the BMG flash-annealed to 817K are lower and more uniform than the values of the
as-cast specimen.
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Figure 5.3.21: Hardness of Cu44Zr44Al8Hf2Co2 BMG specimens flash-annealed at 67K/s
to 817K, 847K, and 879K and of the respective as-cast BMG specimen. a) Average hardness
value and relaxation enthalpy which is normalized with respect to the melting enthalpy, as
a function of the ejection temperature. b) Hardness of the as-cast and flash-annealed BMG
specimens across their cross-section as indicated by the arrows in Fig. 5.3.18.
In contrast, the hardness map of the BMG specimens flash-annealed to 847 and 879K
display a wider range of hardness values (570HV0.1 - 670HV0.1) and is less uniform
as depicted by Figs. 5.3.18 and 5.3.21b. A harder region located in the centre of the
cross-section is visible (Figs. 5.3.18c and d). The harder central and the softer region near
the surface are termed in the following, “core” and “ring”, respectively. Since the cooling
of the whole sample volume occurs from outside to inside, the core is cooled more slowly
than the ring. In this way, less free volume can be trapped in the centre of the rod during
vitrification resulting in a harder amorphous phase inside the BMG rod. The glass in the
core of the rod is more relaxed than the glass in the ring. The temperature to which the
BMG rod is flash-annealed dictates whether the glass relaxes in the centre or not. When
the ejection temperature is low enough as in the case of the BMG heated to 801K, then the
heat can be extracted fast enough from the centre of the sample, which rejuvenates as well.
More heat has to be extracted from a BMG flash-annealed to higher ejection temperatures
(Fig. 5.3.18, 877K). Assuming a rather uniform temperature field during heating, which is
actually suggested by the estimation of the skin effect, the heat of the volume in the centre
of the BMG cannot be extracted fast enough if the overall temperature of the BMG is too
high. Thus, the free volume of the BMGs flash-annealed to 861K and 877K is distributed
more non-uniformly on a macroscale.
In the following, we focus on the BMG specimens flash-annealed to 847K and 879K
(Fig. 5.3.18). The different free volume contents of the core and ring arise from the
quenching process and lead to the formation of a residual stress field [360, 361]. The free
volume distribution within the cross-section of the rod can be estimated from the hardness
map (Fig. 5.3.18, 847K) and its change over a macroscopic range gives rise to residual
stresses. After heating the BMG to 847K, it is quenched at a rate of at least 1000K/s
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(subsection 5.1.3) resulting in a higher free volume content in the ring than in the core.
This non-uniform distribution of the free volume is associated with a volume expansion of
the ring, which consequently exerts compressive stresses on the core. Thus, rapid cooling
generates compressive residual stresses in the ring [362, 361, 363].
Structural changes can be detected in terms of free volume, which appears to be locally
concentrated in nanoscale regions (FERs). Ketov et al. [52] have suggested that a higher
free volume content indicates a higher number of FERs. They have shown that the
plastic compressive strain correlates with the free volume content. Therefore, the following
subsection elaborates on the mechanical properties of flash-annealed Cu44Zr44Al8Hf2Co2
BMGs as a function of the ejection temperature.
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5.3.2 Mechanical properties of flash-annealed bulk metallic glass
The presence and number of structural free volume enhanced regions (FERs) and quenched-
in nuclei affect the structural state of BMGs. As the previous subsection has shown, the
free volume content of BMGs changes during flash-annealing with increasing temperature.
First, relaxation sets in and free volume is annihilated and at temperatures within the SLR
rejuvenation occurs. The number of FERs of a BMG can be altered by flash-annealing to
the respective temperature. The creation of FERs can be associated with a disordering
process and the growth of quenched-in nuclei and the creation of “fresh” nuclei represents
the opposite process: ordering. Both processes cannot be considered separately, since they
compete with each other. One could describe them as antagonists, which determine the
structural state of metallic glass. The focus of this subsection is to investigate whether
different structural states affect the mechanical properties of Cu44Zr44Al8Hf2Co2 BMG
specimens, and if yes, how.
Fig. 5.3.22 depicts the T-t-curves of Cu44Zr44Al8Hf2Co2 BMG specimens.
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Figure 5.3.22: Temperature-time curves of Cu44Zr44Al8Hf2Co2 BMG specimens which
were flash-annealed to temperatures below Tx. The heating rates, which range between
65K/s and 98K/s, ejection temperatures, and glass-transition temperature, Tg, are indic-
ated.
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Table 5.3.5: Overview of the heating rate, ϕ, and ejection temperature, Tej, of flash-
annealed BMGs. Typical errors for ϕ and Tej are ± 10K/s and ± 5K.
ϕ [K/s] 106 121 98 90 93 83 65 58 58 79 53 69
Tej [K] 735 732 737 802 802 801 861 860 861 876 875 883
The BMG specimens were flash-annealed at average rates ranging from 56 to 98K/s to
temperatures below Tg (737K) and to temperatures within the SLR (802, 861, and 876K).
Specimens flash-annealed to about 737K are heated on average faster, since the glass, which
has a higher resistivity as a supercooled liquid, did not transform into it. Three BMG
specimens were flash-annealed at similar rates to the respective ejection temperature and
Table 5.3.5 lists the heating rate and ejection temperature of each specimen.
The HEXRD and SAED patterns depicted in Fig. 5.3.2 have already shown that flash-
annealing of fully glassy specimens to temperatures below Tx, followed by immediate
quenching preserves their amorphicity. BMG specimens were flash-annealed prior to
mechanical testing and Fig. 5.3.23a displays their XRD patterns. Except for the broad
diffraction maxima, no sharp reflections associated with the presence of a crystalline phase
are visible, so that one can conclude that the BMG specimens remain fully amorphous.
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Figure 5.3.23: Structural analysis of as-cast and flash-annealed Cu44Zr44Al8Hf2Co2 BMG
specimens. They were flash-annealed at about 70K/s to 734K, 801K, 861K and 877K. a)
The respective XRD patterns show a broad diffraction peak being typical for metallic glasses
and no sharp crystalline reflections can be observed. b) DSC curves of the as-cast and
flash-annealed BMGs show exothermic structural relaxation. The temperatures indicate
the ejection temperature to which the samples were heated.
Although flash-annealed BMGs are fully amorphous, their structural state differs from
the as-cast state, as Fig. 5.3.23b demonstrates. The DSC traces depict the structural
relaxation of as-cast and to different temperatures flash-annealed BMGs. The enthalpy
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decreases for the specimens heated to 734K with respect to the as-cast BMG. In contrast,
BMG specimens flash-annealed to 801, 861, and 877K rejuvenate as was already mentioned
in the previous subsection. Thus, the disordering in specimens flash-annealed to 734K and
to temperatures within the SLR is less and more pronounced after they were quenched,
respectively. Fig. 5.3.24 shows their room-temperature compressive true stress-strain curves
as a function of the ejection temperature.
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Figure 5.3.24: Section of the true stress-strain curves of as-cast and flash-annealed
Cu44Zr44Al8Hf2Co2 BMG specimens subjected to uniaxial compression. The rods were
heated at an average rate of 60K/s to ejection temperatures (Tej) of 734K, 801K, 861K
and 877K.
The mechanical data is reproducible and at least three samples of the as-cast state
and heated to the same ejection temperature were tested in compression, and essentially
similar results were obtained. Table 5.3.6 gives an overview of the average heating rate,
ejection temperature, and the mechanical specifications obtained from compression testing
of each flash-annealed and as-cast Cu44Zr44Al8Hf2Co2 BMG specimens. All as-cast and
flash-annealed BMGs show similar values for the Young’s modulus of ∼97GPa, elastic
strain up to ∼1.8%, and exhibit a high maximum compressive strength ∼1950MPa prior
to fracture.
The as-cast and flash-annealed BMGs differ distinctly in plastic strain. The as-cast
BMG exhibts a plasticity of about 0.33± 0.04%. In contrast to the relaxed BMG (734K),
which fractures in a completely brittle manner (εpl=0%), the rejuvenated specimens
show a preceptible increase in plastic strain. The BMG samples flash-annealed to 802K
and 861K exhibit a plastic strain of 0.71± 0.27% and 1.40± 0.28%, respectively. Flash-
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annealing to higher ejection temperatures (876K) does not improve the plastictiy of the
Cu44Zr44Al8Hf2Co2 BMGs further (Fig. 5.3.24 and Table 5.3.24). The higher plasticity
is reflected in a higher density of shear bands on the lateral surface of the corresponding
BMG specimen as Fig. 5.3.25 depicts.
Figure 5.3.25: Fractographical investigation of as-cast and flash-annealed BMGs sub-
jected to uniaxial compression. a), b), and c) depict the lateral surface of the as-cast
Cu44Zr44Al8Hf2Co2 BMG specimen, flash-annealed to 802 K and 876 K, respectively. Com-
pared to the as-cast BMG, the flash-annealed BMGs show a higher density of shear bands.
Even secondary shear bands can be found. Primary and secondary shear bands are indicated
by vertical and horizontal arrows, respectively. d) and e) depict images from the lateral
surface of flash-annealed BMGs at higher magnification. The high density of shear bands
proves the plastic deformation.
Only a scarce number of shear bands is visible on the lateral surface of the as-cast BMG
(Fig. 5.3.25a). The lateral surface of the samples flash-annealed to 802 K and 876 K shows
clearly higher density of shear bands as Figs. 5.3.25b and c illustrate. The number of
primary shear bands (Fig. 5.3.25, vertical arrow) is about four times higher than on the
144
CHAPTER 5. RESULTS AND DISCUSSION
surface of the as-cast BMG, suggesting greater ease of shear-band initiation. In addition,
secondary shear bands ( Fig. 5.3.25d and e, horizontal arrow) can be observed. The
plasticity of the more disordered BMG specimens, which were flash-annealed to 802K and
876K, is improved due to a proliferation of shear bands, and we will dwell on that aspect
in the following [9].
Fig. 5.3.26 not only shows the plastic strain of the flash-annealed BMGs as a function
of Tej, but also compares it with the corresponding relaxtion enthalpy, ∆Hrelax, being
a measure for the number of FERs [52]. The plastic strain as well as ∆Hrelax decrease
when the BMG is flash-annealed to temperatures below Tg (736K) and increase when
flash-annealed above Tg (802K). Obviously, the plasticity of BMGs is strongly influenced
by the free volume content which is distributed in a non-uniform fashion.
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Figure 5.3.26: Plastic strain and relaxation enthalpy, which is normalized with respect to
the melting enthalpy, as a function of the ejection temperature.
According to the concept of the criticial fictive temperature, Tfc, the free volume content
of a glass can be characterized by a fictive temperature, Tf [239]. Thereby, glasses with
more free volume exhibit a higher Tf, which affects the mechanical properties, particularly
the plastic strain. If Tf is smaller than Tfc, then the metallic glass will behave brittle [239].
Flash-annealing Cu44Zr44Al8Hf2Co2 BMG specimens to temperatures below Tg (736K),
leads to annealing-induced embrittlement [102, 238]. The appendent Tf is shifted to values
below Tfc owing to structural relaxation. In contrast, rejuvenation leads to an increase of
Tf as is the case for BMGs flash-annealed to temperatures of the SLR. By means of the
Tfc-concept, Kumar et al. have been able to determine the Tfc of various glass-forming
compositions and hence explain why some compositions like for instance Fe-based BMGs
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always behave in a brittle fashion.
The free volume is concentrated in FERs and they are susceptible to structural recon-
figurations which can be caused by stress [51, 52, 62, 236]. In other words, FERs serve
as fertile sites for shear transformation zones (STZs). Once sufficient many STZs form,
they coagulate and initiate shear bands. If more FERs are present, then more shear bands
will be initiated and more plasticity results, since shear bands are the carrier of plastic
deformation [9] (section 3.3). Moreover, finite element method (FEM) simulations indicate
that a higher number of FERs lowers the stress necessary to create shear bands [233]. If
more shear bands form and interact with each other, a larger plastic strain will result [9].
More FERs lead to a proliferation of shear bands and hence to larger plasticity. In contrast,
a lower number of FERs indicates embrittlement, as is the case for the Cu44Zr44Al8Hf2Co2
BMGs flash-annealed to 736K. Compared to the as-cast BMG, which exhibits a plastic
strain of 0.33± 0.04% (Fig. 5.3.24) and shows a higher ΔHrelax, relaxed BMGs behave
completely brittle when subjected to compression. Structural relaxation, which annihilates
the free volume and thus reduces the number and most likely size of FERs, occurs during
flash-annealing to temperatures below Tg. Fig. 5.3.27 depicts a schematic illustrating the
number of heterogeneities as a function of the ejection temperature, Tej.
Figure 5.3.27: Schematic illustration depicts free volume enhanced regions (FERs) as
blue entities. Their number and most likely size are affected by the ejection temperature,
Tej. Due to structural relaxation and rejuvenation, their number reduces and increases,
respectively.
Flash-annealing BMGs to temperatures within the SLR followed by immediate quenching
leads to rejuvenation, which is equivalent to an increasing number of FERs (Figs. 5.3.23b
and 5.3.27). Literature tells that there are several methods to rejuvenate metallic glass, like
for instance faster quenching of the melt [231], ion irradiation [106], shot peening [22], or
cryogenic cycling [52]. In all cases, the rejuvenated BMGs exhibit larger plasticity compared
to the as-cast BMG. Ketov et al. [52] have increased the free volume by cryogenic cycling
causing irreversible local atomic rearrangements [107]. Rejuvenated BMG exhibits higher
plasticity caused by a proliferation of shear bands [9]. The appearing shear bands are
almost five times smaller than in the corresponding as-cast sample, suggesting greater ease
of shear band initiation [52]. Thus they suspect more FERs [52] and hence more fertiles
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sites for shear band initiation to be present [201, 236]. Fig. 5.3.25 depicts a similar trend.
Rejuvenated BMGs, which were flash-annealed to 802K and 876K, show about four times
more shear bands on their lateral surface as the respective as-cast BMG. The higher shear
bands density proves their larger plastic deformation (Figs. 5.3.24, 5.3.26, and Table 5.3.6).
BMGs samples flash-annealed to ejection temperatures within the SLR feature a similar
∆Hrelax regardless of the ejection temperature. Yet, the plastic strain improves with
continuously increasing ejection temperature from 802K to 861K and 876K (Figs. 5.3.24
and 5.3.26). As already mentioned at the end of the previous subsection, the BMG specimens
which were flash-annealed to 861 and 871K followed by quenching show a compressive
residual stress field in the “ring” of the BMG (Fig. 5.3.18). The temperature to which
the BMG rod is flash-annealed dictates whether a compressive stress-field forms during
subsequent quenching. If the temperature of the specimen is sufficently high, the heat
cannot be removed fast enough from the central region of the specimen and a tensile residual
stress field evolves [361, 362, 363]. This is not the case for BMGs which were heated to
802K, since its cross-section exhibits a uniform hardness distribution.
Such a thermal treatment, which consists of heating to a predefined temperature followed
by quenching in order to create compressive residual stresses near the surface of a specimen
is often applied to silicate glasses. It is known as tempering [361, 362, 363, 364, 365, 366].
Silicate glasses fail in a brittle manner by crack initiation at surface flaws. Thermal
tempering creates compressive surface stresses, which restrain the crack opening at the
surface and lead to a higher strength in bending [363]. According to Withers [361], similar
compressive residual stresses at the surface can be also obtained by shot-peening the surface.
Zhang et al. [22] have conducted such a surface treatment for Zr-based BMG. Hardness
mapping over the cross-section of a peened Zr-based BMG shows that the affected layer
has a depth of about 80µm and is softer by about 10% than the unaffected interior of the
BMG rod. Thus, shot-peening gives rise to an increased free volume content at the surface,
which can be associated with a volume expansion. The resulting compressive surface stress
[22, 367] causes a distinct increase in plasticity in bending. Compared to that, in tempered
silicate glass an increase in strength is achieved during bending. Therefore, the failure
mechanism must be different for metallic glasses than for silicate glasses. Zhang et al. [22]
have also conducted compression tests of shot-peened BMG specimens, which show larger
plasticity than untreated ones. They attribute the enhanced compressive plastic strain of
shot-peened BMGs mainly to the pre-nucleation of a high density of shear bands in the
peened surface layer below the compressive layer. Thus, many shear bands are propagating
and interacting with each other during the subsequent deformation of the peened BMG
sample. Since shear bands are the carrier of plastic deformation and their proliferation
is beneficial, the peened specimens show larger plasticity. However, compressive residual
stresses near the surface of the specimen most likely also contribute to an improved plasticity.
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The propagation of shear bands, which initiate in the interior as well as at the surface of
the specimen, should be hindered by the compressive residual stress field.
So far, the mechanical properties of BMG specimens, which were flash-annealed to
temperatures below Tx, were discussed in terms of free volume distributed non-uniformly on
a macroscale and nanoscale giving rise to residual stress fields and FERs, which constitute
structural heterogeneities, respectively. Flash-annealing seems to affect the distribution,
the size and number of FERs. At temperatures above Tg, the BMG transforms into a
supercooled liquid and rejuvenation can occur. This disordering process competes with
the growth of quenched-in nuclei and creation of fresh nuclei. The nuclei are subcritical in
size and hence unstable, so that they can either dissolve or continue to grow. Fig. 5.3.28
illustrates this competition between the ordering and disordering process.
Figure 5.3.28: Schematic illustration of the competition between the growth of quenched-
in nuclei (ordering) and rejuvenation (disordering) during flash-annealing. a) A quenched-in
nuclei, whose radius, rac is smaller than the critical radius, r*, is present in the as-cast state
of the glass. Nuclei with a radius larger than r*, are supercritical and can survive. The
quenched-in nuclei is surrounded by atoms, which are distributed in a disordered manner.
b) As the BMG is flash-annealed to temperatures of the SLR, its structure rejuvenates,
and the quenched-in nuclei can either survive and grow (larger ordered structure, red) or it
is dissolved. The disordered atoms which surround the nuclei are distributed farther away
from each other, owing to rejuvenation.
During the preparation of BMGs, nuclei are quenched-in as the supercooled liquid vitrifies.
Their radius, rac, is less than the radius of critical nuclei, r∗, so that they are subcritical
(Fig. 5.3.28a). As the BMG is heated to temperatures within the SLR, on the one hand,
rejuvenation takes place, as is depicted by the larger average distance of atoms surrounding
the quenched-in nuclei. The nuclei can either grow or are dissolved (Fig. 5.3.28b, red
ordered structure). Their dissolution is equivalent to disordering or just rejuvenation. On
the other hand, disordered atoms from the surrounding of the nuclei are incorporated
into the structure of the nuclei during growth, which is associated with ordering. Flash-
annealing of BMGs to higher temperatures below Tx, is accompanied by a longer duration
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for the competition of both processes. Of course, one is interested in the dominating
process. Unfortunately, the current results obtained from TEM or HEXRD do not permit
to distinguish different structural states (Fig. 5.3.2). Fig 5.3.29 depicts the bright-field
TEM micrographs and SAED patterns (insets) of the as-cast BMG, and the specimens
flash-annealed at about 70K/s to 802 K and 876 K.
Figure 5.3.29: Bright-field TEM-images of the a) as-cast BMG, and specimens flash-
annealed at about 70K/s to b) 802K, and c) 876K. The insets depict the corresponding
SAED pattern.
Several works report that the structural state of BMGs can change during plastic
deformation [34, 67, 226, 235, 242, 243, 247, 248, 368, 369]. Cold-rolling, for instance, can
increase the number of FERs, which is reflected in a higher free volume content [370] or
give rise to deformation-induced nanocrystallization [371]. Thereby, quenched-in nuclei
are suspected to grow into nanocrystals during plastic deformation [34, 371]. Although
the calorimetric investigation did not show any differences between the as-cast and flash-
annealed Cu-Zr-Al-based BMGs, flash-annealing could stimulate the growth of quenched-in
nuclei, and subsequent deformation could lead to further growth. Therefore, TEM results
of Cu44Zr44Al8Hf2Co2 BMGs, which were flash-annealed at about 70K/s to 802K and
876K, and of the as-cast state, after fracture are presented in the following. The TEM
specimens are taken from a region near the fracture surface of the BMG sample.
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Microstructure of as-cast and sub-Tx flash-annealed BMGs after deformation
Fig. 5.3.30a depicts a bright-field TEM image of an as-cast Cu44Zr44Al8Hf2Co2 BMG
sample after fracture. The inset shows the SAED pattern of the whole region and the
typical amorphous halo (Fig. 5.3.30a, inset) confirms that the sample is fully amorphous.
Furthermore, a lighter elongated region that corresponds to a shear band can be seen from
the TEM image (Fig. 5.3.30a). Due to the lower density and the mass-contrast, the shear
band appears brighter than its vicinity [372]. Shear bands with widths ranging from 2
to 20 nm and lengths of several μm can be found in all TEM specimens investigated in
the current work. Hajlaoui et al. [251] have also observed 20 nm wide shear bands in a
deformed Cu50Zr50-based metallic glass. The high-resolution (HR)TEM micrograph of the
as-cast sample provides a detailed structure of the shear band (Fig. 5.3.30b, black oval)
and the surrounding area. No nanocrystals which have an ordered structure are visible
within or around the shear band.
Figure 5.3.30: TEM micrographs of an as-cast Cu44Zr44Al8Hf2Co2 BMG sample deformed
to fracture. a) TEM micrograph and b) High-resolution (HR) TEM micrograph showing
a shear band and its surrounding. No nanocrystals are visible and the inset depicts the
corresponding SAED pattern that only shows the broad and diffuse rings which are typical
for an amorphous structure. The BMG specimen exhibits a plastic strain of 0.33± 0.04%.
The bright-field TEM micrograph of the sample flash-annealed to 802 K and deformed to
failure depicts several darker entities directly along the shear band and in its immediate
surrounding (Fig. 5.3.31a). Their size is about 5 ± 1.7nm across the diameter. The
corresponding SAED pattern (Fig. 5.3.31a, inset) shows the amorphous diffuse ring, which
is superimposed by diffraction spots. They indicate the presence of nanocrystals. A HRTEM
image (Fig. 5.3.31b) shows the detailed structure of a darker entity. One can clearly see
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lattice fringes. The crystalline region is identified as the B2CuZr phase by means of
quantitative HRTEM measurements and FFT analysis.
The current results are in accordance with various works, which also report on the
nanocrystallization of the B2CuZr phase during deformation of Cu-Zr-based metallic
glasses [34, 373, 374]. The shear band displayed in the bright-field TEM micrograph (Fig.
5.3.31a) is straight and suggests that the nanocrystals do not interact with its propagation.
Figure 5.3.31: TEM micrographs of the Cu44Zr44Al8Hf2Co2 BMG specimen, which was
heated at 70 K/s to 802 K, subsequently quenched, and afterwards deformed until fracture.
a) Low-resolution TEM micrograph shows darker entities with an average size (dave) of
5 ± 1.7nm in diameter in the vicinity of the shear band. The SAED pattern (inset) depicts
the amorphous diffuse ring, which is superimposed by diffraction spots (short purple arrows)
and thus corroborates the assumption of the presence of nanocrystals. b) The HRTEM
image shows one nanocrystal (marked with the long purple arrow in a) and confirms its
existence. One can clearly see an ordered structure and the distance between the set of
lattice planes is about 0.211 nm. The diffraction spots of the FFT (inset) of the crystalline
region (enclosed with purple rectangle) can be indexed according to the B2 CuZr structure
(Pm3̄m). The specimen exhibits a plastic strain of 0.71± 0.27%.
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The diffraction spots of the FFT can be indexed according to the B2CuZr structure
(Pm3̄m). The pattern is recorded along the [111] zone axis (Fig. 5.3.31b, inset). The
nanocrystal depicted in the HRTEM image consists of a set of (1̄10) lattice planes. Their
orientation is perpendicular to the direction of the (11̄0) reflection in the FFT, owing to the
inverse fourier transformation [375]. The spacing between the lattice planes was measured
from the HRTEM (0.211± 0.005 nm) and FFT (0.212± 0.004 nm) images. Carvalho et
al. [281] have analyzed the structure of the binary Cu50Zr50 phase and their value of the
respective spacing is 0.228 nm. Table 5.3.7 lists the crystallographic parameters and the
measured spacing between (1̄10) lattice planes. The measured values of d1−10 are in rough
agreement with the reference. One possible explanation is that the nanocrystals displayed
in the HRTEM image, from which the FFT is obtained, are slightly distorted during plastic
deformation.
Table 5.3.7: Overview of the crystallopgraphic structure of the B2CuZr phase. The lattice
constants a,b, and c and α, β, and γ are given. The measured spacing between the (1̄10)
lattice planes, d−110, is compared to literature.
Space group Lattice constants d−110a=b=c α=β=γ HRTEM FFT Reference [281]
(Pm3̄m) 0.32620 nm 90° 0.211± 0.005 nm 0.212± 0.004 nm 0.228 nm
The BMG sample flash-annealed to 876K and then plastically deformed to a strain
of 1.40± 0.28%, also exhibits nanocrystals along shear bands as the appendent bright-
field image shows (Fig. 5.3.32a). Darker nanocrystals are located directly along and in
the surroundings of the shear band. This sample exhibits additional shear bands with
bigger nanocrystals (Fig. 5.3.32b). Their size seems to be sufficient to slightly deflect
the propagating shear band as indicated in Fig. 5.3.32b by the red arrow. The HRTEM
micrograph (Fig. 5.3.32c) shows the detailed structure of the marked nanocrystal at the
deflection site. Different orientations of lattice fringes are clearly visible and imply the
presence of twins.
The fast Fourier transformation (FFT) of the region highlighted by the red rectangle
shows split diffraction spots (Fig. 5.3.32d, marked with red arrows), and hence indicates
the existence of twins [34]. The FFT of the untwinned region (blue area in Fig. 5.3.32c)
is shown in Fig. 5.3.32e. Both diffraction spots can be either indexed to (020) reflections
(zone axis of [101]) according to the B19’CuZr structure (CmCm) or to (1̄10) reflections
with a zone axis of [110] according to the B2CuZr structure (Pm3̄m). Both set of planes,
which are from different crystallographic structures, are parallel at the given zone axis. The
diffractions spots do not overlap perfectly with the ones from the FFT, because the real
zone axis seems to be slightly different from [010] (B19’ CuZr) or from [110] (B2CuZr). The
measured spacing of 0.208 nm agrees again only rough with data from literature as Table
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Figure 5.3.32: TEM micrographs of Cu44Zr44Al8Hf2Co2 BMG specimen flash-annealed
at 70K/s to 876K, subsequently quenched, and afterwards deformed until fracture. a)
Bright-field TEM micrograph showing nanocrystals (darker entities) in the direct vicinity
of a shear band. They have an average size dave of 10 ± 2.0nm in diameter. A higher
number of bigger crystals dave ≥ 10nm can be found directly along the shear band. b) The
bright-field TEM micrograph depicts bigger nanocrystals along the shear band. The shear
band appears to be slightly deflected during propagation and the long red arrow marks the
deflection site, which is magnified in c. c) HRTEM image shows the nanocrystal at the
deflection site and lattice fringes with different orientations can be observed. The measured
lattice spacing is about 0.208 nm. d) The FFT of the red region of the nanocrystal shown
in c depicts split diffraction spots (marked with short red arrows) and thus confirms the
presence of twins. e) FFT of the untwinned region shows diffraction spots that can be
indexed either according to the B19’CuZr (CmCm) or B2CuZr (Pm3̄m) structure. The
specimen shows a plastic strain of 1.39± 0.51%.
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5.3.8 depicts.
Table 5.3.8: Overview of the crystallopgraphic structures of the B2 and B19’ CuZr phases.
The lattice constants a,b, and c and α, β, and γ are given. The measured spacing of the
B2 and B19’CuZr structures correponds to d−110 and d101, respectively. It is compared to
literature values. *Data obtained from the Inorganic Crystal Structure Database (ICSD).
Structure B2CuZr B19’CuZr
Space group (Pm3̄m) (CmCm)
Lattice constants a=b=c=0.3262 nm a=0.3237 nm, b=0.4138 nm, c=0.5449 nm
α=β=γ=90° α=90°, β=105.19°, γ=90°
Spacing
HRTEM 0.208± 0.003 nm
FFT 0.192± 0.010 nm
Reference d−110 =0.228 nm [281] d101 =0.242 nm*
Unfortunately, it cannot be determined whether a deformation-induced phase transform-
ation occured from B2 to B19’CuZr. Twinning is characeristic for monoclinic B19’CuZr
[283], but can also arise within B2CuZr on deformation, as the work of Pauly et al. shows
[34].
All as-cast and flash-annealed specimens are fully amorphous prior to deformation and
hence do not exhibit nanocrystals. However, only BMG specimens which were previously
flash-annealed show shear bands along with nanocrystals after plastic deformation. Thus,
the nanocrystals must be induced by deformation. The nanocrystal depicted in 5.3.32c,
shows twins, which additionally prove that the nanocrystals are deformation-induced, since
nanocrystals formed on annealing are typically defect-free [9, 257].
Deformation-induced nanocrystallization is well reported in literature [34, 67, 226, 235,
242, 243, 247, 248, 368, 369]. In the following, the underlying mechanisms of this phe-
nomenon will be discussed more in detail. Various works report on nanocrystallization
after deformation within or along shear bands [243, 242] and/or in their vicinity [226, 235].
Whereas other authors observe deformation-induced nanocrystallization far away of shear
bands [34]. Two major concepts, which try to capture the reason for deformation-induced
nanocrystallization of BMGs, are adressed in the following [9].
According to the first one, the propagation of already present shear bands causes the
formation of nanocrystals. Thereby, one has to distinguish, whether cold or hot shear
bands are involved. Cold shear bands propagate through the glass at temperatures of the
surrounding bulk, whereas hot shear bands are accompanied by significant local heating
[9, 8, 207, 244, 245]. For cold shear bands, nanocrystallization exclusively occurs within the
shear band owing to the large strain. In contrast, nanocrystals form along hot shear bands
and in their near surrounding, but not within them [247, 248]. Heat is released during the
propagation of hot shear bands and the resulting temperature rise causes the formation of
nanocrystals. Shibata et al. [247] have estimated the duration in which crystallization occurs
154
CHAPTER 5. RESULTS AND DISCUSSION
to be on the order of nanoseconds, which is most likely too short to cause homogeneous
nucleation and crystal growth [248]. Thus, they suspect that nanocrystals grow from
pre-existing nuclei [247].
The present results on deformation-induced nanocrystallization conform well with the
findings and interpretations of Shibata et al. [247]. In contrast to the plastically deformed
as-cast Cu44Zr44Al8Hf2Co2 BMG specimens, the flash-annealed BMG samples do exhibit
nanocrystals. More particulary, they are located not within the shear bands, but along them
and in their vicinity, so that the observed shear bands are expected to be hot. The as-cast
and flash-annealed Cu44Zr44Al8Hf2Co2 BMGs have the same composition and geometry
and were compressed under identical conditions. Therefore, it seems that hot shear bands
also propagate within the as-cast BMG as it is deformed.
The heat content released from the hot shear bands is limited [229]. According to
Lewandowski and Greer [229], the heat content released from hot shear bands arises from
mechanical work accomplished in the shear band and Shibata et al. [247] express the heat
content, H, as a function of the yield stress of the BMG, σy, and the height of the slip
steps on the specimen surface, δ:
H =
σy·δ
2
(5.3.2)
More heat is released, when the BMG specimen yields at higher stress and/ or when
higher shear steps occur during deformation. Fig. 5.3.33 depicts topographical images of the
lateral surface of as-cast and flash-annealed BMGs, which were compressed until fracture.
Various shear steps (Fig. 5.3.33, marked by arrows) can be observed. The height of shear
steps of the lateral surface of fractured BMG samples, which were previously flash-annealed
with about 70K/s up to temperatures of 802K and 876K, and of the as-cast state, was
determined by means of optical profilometry.
500 µm
595
a)          As-cast c)            876 Kb)            802 K
Figure 5.3.33: Topographical images of the lateral surface of Cu44Zr44Al8Hf2Co2 BMG
specimens which were deformed in uniaxial compression until fracture occured. a) as-cast,
b) flash-annealed to 802K, and c) flash-annealed to 876K. The arrows indicate the shear
bands.
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The height of six slip steps was measured for every specimen. The average height of the
slip steps is 4.4 ± 1.27 µm, 3.8 ± 0.86µm, and 2.8 ± 0.40µm for the fractured as-cast,
flash-annealed to 802K, and flash-annealed to 876K, respectively. The average values are
within the error range and do not differ, as Fig. 5.3.34 demonstrates. Table 5.3.9 lists the
heating rate, ejection temperature, yield strength, and the height of each slip step.
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Figure 5.3.34: Height of the slip steps, ∆s, and plastic strain, εpl, of deformed BMG
specimens as a function of the ejection temperature.
Table 5.3.9: The heat contet, H, released during the propagation of a hot shear band
as a function of the yield stress of the BMG, σy, and the height of the slip steps on the
specimen surface, δ. The heating rate, ϕ, ejection temperature, Tej , and yield strength,
σy, of each sample investigated are given. Typical errors of ϕ, Tej , σy, and δ are ± 10K/s,
± 5K, ± 50MPa, and ± 0.1µm, respectively.
ϕ Tej σy δ1 δ2 δ3 δ4 δ5 δ6 δave H
[K/s] [K] [MPa] [µm] [ J
mm2
·10−6]
as-cast 1960 5.6 2.5 3.8 4.1 4.7 5.9 4.4 ± 1.27 4312 ± 1244.6
93 802 1941 2.7 3.4 3.0 4.7 4.5 4.5 3.8 ± 0.86 3688 ± 834.6
69 883 2025 2.4 2.5 2.9 2.9 2.6 3.5 2.8 ± 0.40 2825 ± 405.0
The yield stress of flash-annealed and as-cast Cu44Zr44Al8Hf2Co2 BMGs is similar with
about 1950± 50MPa (Fig. 5.3.24b and Table 5.3.6). Thus, similar heat contents are released
during the propagation of hot shear bands within the as-cast and flash-annealed BMGs. Yet,
no nanocrystals are present after deformation within the as-cast BMG (Fig. 5.3.30). The
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structural state of the specimens prior to deformation must differ and obviously determines
whether deformation-induced nanocrystallization occurs or not. Flash-annealing of BMGs
to temperatures of the SLR most likely leads either to the growth of pre-existing nuclei or
to the creation of sufficiently large nuclei, which are able to grow to nanocrystals during
deformation. Quenched-in nuclei are still subcritical and are to small to be detected by high-
resolution techniques like for instance HRTEM. Before elaborating more in depth on the size
of nuclei arising from the competition between the disordering and ordering processes, the
next paragraph addresses briefly the second concept, which explains deformation-induced
nanocrystallization far away of shear bands.
Pauly et al. [34] have observed deformation-induced B2CuZr nanocrystals in Cu-Zr-Al
based BMGs after tensile fracture. In contrast to the current flash-annealed samples, they
found nanocrystals about 1mm away from the fracture surface and hence from the main
shear bands. TEM specimens of both flash-annealed BMGs after fracture, which were also
taken at a distance of 1 mm from the fracture surface, have been analyzed and Fig. 5.3.35
depicts the corresponding bright-field TEM images and SAED patterns. We were not able
to detect any deformation-induced nanocrystals.
Figure 5.3.35: TEM micrographs of flash-annealed Cu44Zr44Al8Hf2Co2 BMG samples
after fracture. The TEM specimen were taken about 1mm below the fracture surface of
the BMG samples. Both BMGs were flash-annealed at about 70K/s to a) 802K and b)
876K prior to deformation. The bright-field TEM micrographs do not show any darker
entities which are associated with nanocrystals. Morover, the SAED pattern only depict
diffuse rings which are typical for glass.
Similar to Shibata [247], Pauly et al. [34] have also assumed the existence of quenched-in
nuclei, which they term “B2 clusters”. Due to the absence of shear bands, no temperature
rise, which activates the growth of nuclei, is involved. A different mechanism is responsible
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for the growth of quenched-in nuclei. It is suggested that significant local softening of the
shear modulus occurs during shearing of the BMG causing atomic displacements and finally
results in nanocrystallization [34]. The local crystallization competes with the activation of
STZs and thus suppresses their percolation and as a consequence the formation of shear
bands is hampered.
As flash-annealed Cu44Zr44Al8Hf2Co2 BMG specimens are plastically deformed in com-
pression, B2CuZr nanocrystals form (Fig. 5.3.31). Pauly et al. [34] have observed B2CuZr
nanocrystals after tension. According to them, the short-range order length-scale of the Cu-
Zr-Al based BMG resembles the structure of the B2CuZr phase. In other words, B2CuZr
nuclei are quenched-in during the vitrification as the supercooled Cu-Zr-Al-based liquid
is quenched. Although B2CuZr is metastable at 298K, it crystallizes during deformation
in lieu of the corresponding equilibrium phases Cu10Zr7 and CuZr2. Deformation-induced
crystallization occurs within nanoseconds [247, 248], so that the duration appears to be
too short for solute diffusion during the operation of shear bands. Therefore, it is not
suprising that deformation-induced crystals are polymorphic [9]. The formation of B2CuZr
nanocrystals during deformation is thus kinetically favoured.
Deformation-induced nanocrystallization can occur at shear bands and far away due to
the heat release of propagating hot shear bands and local softening of the shear modulus,
respectively. In the former case it is tacitly assumed that shear bands form prior to
nanocrystallization. However, one does not know what forms first, the shear bands or
nanocrystals.
It is highly probable that nanocrystals grow from quenched-in nuclei. The structural state
of the as-cast BMG is comprised of randomly distributed quenched-in nuclei (Fig. 5.3.36a)
and no nanocrystals could be observed after compression. In contrast, flash-annealed
BMGs undergo deformation-induced nanocrystallization. Thus, flash-annealing of BMGs to
temperatures within the SLR leads to the growth of quenched-in nuclei. The BMG specimens
which were flash-annealed to 802K and 876K exhibit deformation-induced nanocrystals
of about 4 ± 2nm (Fig. 5.3.31) and 10 ± 3nm (Fig. 5.3.32b and c), respectively. The
structural state of BMGs flash-annealed to higher temperatures appears to exhibit larger
quenched-in nuclei as is illustrated in Fig. 5.3.36b and c. Otherwise larger nanocrystals
cannot form during the deformation under the given circumstances.
Various studies indicate a link between deformation-induced crystallization and plasticity
[34, 67, 235, 249, 250, 252]. Lee et al. [235] have studied a Cu-Zr-based BMG in compression
and observed deformation-induced nanocrystallization that seems to lead to a proliferation
of shear bands and hence improved plasticity. The propagation of shear bands can be also
hindered by deformation-induced CuZr nanocrystals, which are located along the shear
bands [67]. Nanocrystals with a size up to 20 nm in diameter affect the propagation of
shear bands, which became thicker when approaching nanocrystals. Nanocrystals cannot
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only hinder [9], but also arrest the propagating shear bands [252] and simulations suggest
that as a consequence, new shear bands are likely to be initiated [253, 254]. Thereby, the
size of the nanocrystals is crucial. They have to be large enough to be able to interact
with shear bands. MD simulations [252] and experiments [255, 256] suggest that the size of
nanocrystals should be at least 10 nm in diameter in order to retard the propagation of
shear bands.
Figure 5.3.36: The structural state dictates whether deformation-induced nanocrystal-
lization occurs. a) The structure of as-cast BMG exhibits quenched-in nuclei, which are
subcritical: rac <r*, where r* is the radius of the critical nuclei being able to survive.
After deformation, they are still subcritical. b) Flash-annealing of BMGs to temper-
atures of the SLR (802K) gives rise to the growth of quenched-in nuclei. The size of
flash-annealed nuclei is still subritical: rFA,802 <r*. Subsequent deformation activates the
growth of flash-annealed nuclei to nanocrystals: rD,FA,802 >r*. c) If BMGs are heated to
higher temperatures at the same heating rate, quenched-in nuclei have more time to grow:
rFA,802 <rFA,876<r*. Larger quenched-in nuclei which are still subcritical grow to larger
nanocrystals as the BMG is deformed. Nanocrystals which are sufficiently big, can even
deflect propagating shear bands (red).
Cu44Zr44Al8Hf2Co2 BMG specimens flash-annealed to 802 K and subsequently deformed
until fracture show B2CuZr nanocrystals with an average size of 5 ± 1.7nm in diameter
located in the direct surrounding of shear bands (Fig. 5.3.31). The nanocrystals seem
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to be too small in size to affect the propagation of the shear band and a straight shear
band is visible in the corresponding bright-field TEM image (Fig. 5.3.31). Contrary to
that, Cu44Zr44Al8Hf2Co2 BMGs flash-annealed to 876K exhibit deformation-induced CuZr
nanocrystals with a size of 10± 2.0nm in diameter (Fig. 5.3.32b and c). They are twice
as large and appear to slightly deflect the shear band as Fig. 5.3.32b shows. During the
interaction of shear bands, the nanocrystals can undergo twinning, absorb energy, and thus
hinder the propagation of shear bands [258].
According to another approach, nanocrystals along shear bands and the material within
it can be considered as a semi-solid slurry, where nanocrystals comprise the solid fraction
[251]. The viscosity of the slurry increases as the volume fraction of the solid augments.
The higher the viscosity, the slowlier the propagation of shear bands. Therefore, the shear
is displaced to adjacent regions with lower crystalline volume fraction and the propagation
of the shear band is deflected [251].
To conclude, flash-annealing of Cu44Zr44Al8Hf2Co2 BMG specimens affects the structural
state of the glass and hence its plasticity. Free volume enhanced regions (FERs), which
are disordered and less dense, and ordered, quenched-in nuclei constitute structural hetero-
geneities, which are present in the glass. Mainly three effects, which cannot be considered
separately, become evident during flash-annealing: BMGs flash-anenaled to temperatures
below Tg and subsequently quenched, exhibit structural relaxation, which reduces the
number of FERs, so that the specimen embrittles. The as-cast BMG shows a plastic strain
of 0.33± 0.04% and the relaxed BMG 0%. Heating BMGs to temperatures in the SLR,
leads to rejuvenation being equivalent to more and most likely larger FERs giving rise to
a proliferation of shear bands. Thus, the plasticity of the BMG is improved. The BMG
specimen flash-annealed at about 70K/s to 802K yields a plastic strain of 0.71± 0.27%.
Rejuvenation is a disordering process which competes with the growth of quenched-in nuclei
and creation of “fresh” nuclei (ordering). Both processes - ordering and disordering - lead
to the formation of structural heterogeneities. Some regions are more ordered (quenched-in
nuclei), whereas others are more disordered (FERs). As BMGs are flash-annealed, their
structure becomes continuously more heterogeneous, since the number and size of both -
ordered and disordered - regions increase. Quenched-in nuclei grow during flash-annealing,
and become nanocrystals during subsequent uniaxial compression. Deformation-induced
nanocrystals can be only found near shear bands and their number seems to be limited,
so that it is believed that rejuvenation contributes more to the increase in plastic strain.
Flash-annealing the BMG to even higher temperatures (876K) enables the quenched-in
nuclei to grow larger, so that larger deformation-induced nanocrystals result. However, they
appear to interact only slightly with propagating shear bands, so that it is not believed, that
they contribute much to the further increase in plasticity. The BMG heated at a similar
rate to 876K exhibits a plasticity of 1.39± 0.51%. The improved plastic strain is ascribed
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to rejuvenation and to the presence of a compressive residual stress field near the surface of
the BMG specimen, which develops during quenching. The compressive stress field seems
to effectively hinder the propagation of shear bands. BMGs with a more heterogeneous
structure exhibit larger plasticity when subjected to loading. Thereby the structure can be
heterogeneous on a nano-scale (quenched-in nuclei and FERs) and / or macro-scale (residual
stress-field).
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5.4 Crystallization of BMGs during flash-annealing
BMG composites exhibit high strengths and enhanced plasticity. This is caused by crystalline
particles, which are embedded in the amorphous matrix and exert constraints on the
propagation of shear bands. Simultaneously, they stimulate the formation of multiple
shear bands [32, 33, 34, 36, 37, 38, 39, 40]. Particularly interesting are BMG composites
that contain B2 CuZr shape-memory crystals [37, 46, 266, 267]. Such composites not only
exhibit a pronounced plastic strain, but also work hardening due to a deformation-induced
martensitic transformation of the B2 crystals (section 3.4) [34, 39]. So far, it is very
challenging, if not impossible, to precipitate relatively small and uniformly dispersed B2
CuZr crystals in a reproducible manner during solidification [37, 40, 46]. The overall
crystalline volume fraction, B2CuZr particle size and interparticle distance show large
variations, due to cooling rate variations during casting [38, 39, 46] (subsection 3.3.2).
Furthermore, the maximum of the crystal growth rate is crossed as the supercooled liquid
is cooled, so that it is difficult to obtain small B2 CuZr crystals during casting.
Flash-annealing coupled with subsequent quenching presents a different approach to
obtain B2CuZr-based BMG composites. Since metallic glasses are inherent metastable,
they crystallize when heated to temperatures above Tx. Fig. 5.4.1 depicts a temperature-
time curve of a BMG which is flash-annealed at a heating rate of about 67 K/s.
Figure 5.4.1: Characteristics of a 3mm Cu44Zr44Al8Hf2Co2 BMG rod during flash-
annealing. a) A typical heating curve of a 3mm rod and its derivative (dT/dt). The
glass-transition temperature, Tg, and the crystallization temperature, Tx, are indicated.
ΔTTF indicates the temperature region at which the thermal front is observed. b) High-
energy X-ray diffraction patterns of samples in the as-cast state and flash-annealed to 730 K,
897 K and 915 K. Vertical arrows designate crystalline reflections, which correspond to the
B2 CuZr phase.
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A steep temperature increase can be observed at 895K. The HEXRD pattern of the
specimen ejected after this steep increase (Fig. 5.4.1a, 915K) and subsequently quenched,
shows crystalline reflections, which superimpose the broad maxima of the glass (Fig. 5.4.1b,
915K, black arrows). Consequently, the steep temperature increase results from the effect
of recalescence and Tx marks the beginning of crystallization of the supercooled liquid as it
is flash-annealed.
The first subsection dwells on the phase formation of Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2
BMGs as they are flash-annealed at various heating rates up to about 200K/s. The heating
rate affects the phase formation of Cu-Zr-Al-based BMGs as the work of Yamamoto et.al
[47] proves. The B2CuZr phase forms next to other phases at temperatures where it is
still metastable [278]. Following their study, one aim is to show that the B2CuZr phase
exclusively crystallizes provided the BMG is heated sufficiently fast. We are going to
explain why the formation of B2CuZr is favoured at high heating rates and construct a
CHT diagram for both Cu-Zr-Al-based BMGs. The XRD pattern of the sample heated
to temperatures above Tx (Fig. 5.4.1b, 915K) indicates partial devitrificiation of the
BMG, since crystalline reflections, which superimpose broad maxima being typical of glass,
are visible. Flash-annealing of BMGs is followed by immediate quenching, so that only
a volume fraction of the supercooled liquid crystallizes. The preparation of such BMG
composites enables to investigate various features of the microstructure, like, for instance,
the morphology of the crystalline phase at an early stage of growth, the number and size of
crystals as a function of heating rate and ejection temperature. Moreover, the uniformity
of the crystal distribution within the specimen will be studied.
Counting the number of the crystalline particles as well as analyzing their size as
a function of ejection temperature and heating rate, makes it possible to explore the
underlying crystallization kinetics. Therefore subsection 5.4.2 focuses on the nucleation and
crystal growth rate of deeply supercooled liquids as they are flash-annealed. Theoretical
studies predict that rapid heating reduces the nucleation rate [48, 121] and this shall be
proved by means of a statistical nucleation analysis.
Crystal growth follows nucleation and levitation experiments are nowadays used to
determine the steady-state crystal growth rate of supercooled liquids. A thermal front,
which corresponds to the crystal-liquid interface is visible, and its velocity is the crystal
growth rate. At a later stage of crystallization, a thermal front also transverses the specimen
during flash-annealing. The appendent temperature region, ∆TTF is indicated in Fig. 5.4.1a.
It will be clarified whether the thermal front, which can be observed during flash-annealing
experiments, also corresponds to the solid-liquid interface, and thus its velocity to the
crystal growth rate.
The last subsection (5.4.3) addresses the mechanical properties of BMG composites
prepared by flash-anneling. As-cast BMGs behave in a brittle manner as was already
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mentioned in subsection 5.2.3. First of all, it shall be investigated, whether considerable
plasticity can be achived by flash-annealing of BMGs. We want to understand how the size,
distribution, and volume fraction of the crystalline phase affects the mechanical properties
of the prepared BMG composites. However, no detailed study correlating specific material
parameters like, for instance, the yield strength and plastic strain with particle size and
volume fraction will be carried out. The last objective of this subsection is to study and
understand the deformation mechanisms. Aside the interaction of shear bands with the
crystals, deformation-induced nanocrystallization is probable [34].
5.4.1 Phase formation of Cu-Zr-Al-based BMGs
Cu44Zr44Al8Hf2Co2 and Cu46Zr46Al8 BMG specimens are flash-annealed at various heating
rates up to about 200K/s to temperatures above Tx followed by immediate quenching.
Thus, the microstructure of the partially crystallized supercooled liquid can be preserved
and it is possible to study the formation of the crystalline phase as a function of the heating
rate. Each glass-forming alloy was flash-annealed at six rates to temperatures slightly above
Tx and Fig. 5.4.2 depicts the temperature-time (T-t) curves for the Cu44Zr44Al8Hf2Co2
glass. The BMG specimens were flash-annealed at rates ranging from 16K/s to 180K/s.
Tg and Tx are indicated at each heating curve.
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Figure 5.4.2: Temperature-time curves of Cu44Zr44Al8Hf2Co2 BMG specimens, which
were flash-annealed at heating rates ranging from 16K/s to 180K/s. The glass-transition
temperature, Tg, and the crystallization temperature, Tx, are indicated by arrows.
164
CHAPTER 5. RESULTS AND DISCUSSION
Both characteristic temperatures, Tg and Tx increase systematically with rising heating
rate, as is familiar from classical Kissinger analysis of calorimetric data [159]. The phase
formation was studied for both glass-forming compositions at each heating rate. Fig. 5.4.3
displays three selected heating rates ranging from 34K/s to 232K/s for Cu44Zr44Al8Hf2Co2
and Cu46Zr46Al8 BMG specimens.
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Figure 5.4.3: Selected temperature-time curves of flash-annealed Cu44Zr44Al8Hf2Co2 and
Cu46Zr46Al8 BMG specimens. The heating rates and ejection temperatures are given.
XRD was carried out on the flash-annealed BMG specimens of both compositions (Fig.
5.4.4). Supplementary experiments were conducted at lower heating rates up to 5K/s in
a DSC. The XRD patterns of the as-cast BMGs of both compositions show the broad
maxima and no sharp reflections. The BMG specimens are fully amorphous and heating
them to temperatures beyond Tx yields crystallization. Subsequent rapid cooling preserves
the phases formed. Heating both Cu50Zr50-based BMGs at 5K/s to 873K leads to the
crystallization of the low-temperature Cu10Zr7 and CuZr2 equilibrium phases as one expects
from the binary Cu-Zr-based phase diagram [278]. In contrast, if the Cu46Zr46Al8 BMG
is flash-annealed at 34K/s to 903K and subsequently quenched, B2CuZr will crystallize
in addition to both crystalline phases. Fig. 5.4.4a depicts the appendent XRD pattern.
Sharp reflections arising from B2CuZr, Cu10Zr7 and CuZr2 superpose a still perceptible
broad maxima which corresponds to the glass. Thus, the Cu46Zr46Al8 BMG was partially
devitrified. At even faster heating (139K/s and 232K/s), the Cu46Zr46Al8 BMG partially
devitrifies into the B2CuZr phase. This finding confirms our hypothesis that if the heating
rate is high enough, only the B2CuZr phase will crystallize in a Cu50Zr50-based BMG.
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Figure 5.4.4: XRD pattern of as-cast BMGs and partially crystallized BMGs as a function
of the heating rate. The corresponding temperature-time curves are given in Fig. 5.4.3. a)
Cu46Zr46Al8 and b) Cu44Zr44Al8Hf2Co2.
For the Cu44Zr44Al8Hf2Co2 BMG, lower heating rates are sufficient to solely crystallize
B2CuZr when compared to the Cu46Zr46Al8 BMG. As the corresponding XRD pattern
(Fig. 5.4.4b) shows, already 34K/s are sufficient to obtain a BMG composite which is
comprised of B2CuZr crystals and the glass. For the Cu44Zr44Al8Hf2Co2 BMG specimen
flash-annealed at 34K/s (Fig. 5.4.4b), only the B2CuZr phase and the glass are present,
although it was heated at the same rate. Compared to the Cu46Zr46Al8 alloy, the quinery
alloy contains Co. The addition of Co enlarges the range, at which the B2CuZr phase is
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stable, to lower temperatures, as was discussed in subsection 5.2.1 and Fig. 5.2.9 illustrates
it. Consequently, the B2CuZr phase exclusively crystallizes at lower heating rates.
Both alloys show similar and characteristic crystallization regimes that shall be explained
in the following using the Cu44Zr44Al8Hf2Co2 alloy. The regime is twofold: At low heating
rates (Fig. 5.4.4b, ϕ = 5K/s), Cu10Zr7 and CuZr2 precipitate, whereas at high rates
(Fig. 5.4.4b, ϕ ≥ 34K/s) only B2CuZr forms in the first crystallization step. This finding
is quite intriguing, since Cu10Zr7 and CuZr2 are still thermodynamically stable at these
crystallization temperatures [278]. The works of Yamamoto [47] and Zhang et al. [327]
shed light on the phase formation of Cu-Zr-Al-based BMG as a function of the heating
rate. To be more prescise, Yamamoto et al. [47] studied the phase formation of the
Cu47Zr47Al6 BMG as it is heated to temperatures beyond Tx. The composition of this
ternary alloy is almost similar to Cu46Zr46Al8 used in the present work. However, they have
carried out calorimetric measurements at various heating rates up to 8 K/s (500K/min)
followed by immediate cooling at a rate of as well 8K/s. Afterwards, the devitrified
specimens were investigated by means of XRD. The phase formation changes as well at
high heating rates, where in addition to the low-temperature phases, the B2CuZr phase
crystallizes at temperatures where it is still metastable. In contrast to B2CuZr, which
crystallizes polymorphically, the low-temperature Cu10Zr7 and CuZr2 phases undergo a
eutectic crystallization and hence involve diffusion. Therefore, the crystalliation of Cu10Zr7
requires substantial incubation time to precipitate compared to B2CuZr [328]. Thus, the
formation of Cu10Zr7 is kinetically less favoured as Cu50Zr50-based BMGs are devitrified at
increasing heating rates which conform shorter annealing times [135]. Higher heating rates
accompanied by shorter annealing times hinder atomic diffusion and exert kinetic constraints
which lead to the polymorphic formation of the B2CuZr phase at temperatures where it is
metastable. If the heating rate is fast enough as in the case of Cu44Zr44Al8Hf2Co2, where
34K/s are sufficent, the formation of the low-temperature phases is completely suppressed
and exclusively B2CuZr crystallizes (Figs. 5.4.4, 34K/s).
If one compares the phase formation of the Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMGs
during their devitrification, the B2 CuZr phase will exclusively crystallize at lower heating
rates from the Cu44Zr44Al8Hf2Co2 supercooled liquid. In other words, lower heating rates are
sufficient to suppress the formation of the low-temperature phases for Cu44Zr44Al8Hf2Co2.
Eutectic crystallization of the Cu10Zr7 and CuZr2 phases entails diffusion, which seems
to be more complex as more elements are involved. Thus the incubation times for both
low-temperature phases are longer, as is the case for the Cu44Zr44Al8Hf2Co2 alloy, and
their formation can be suppressed at lower heating rates.
By identifying the phases crystallized, Tg, and Tx, as a function of the heating rate, a
continuous heating transformation (CHT) diagram can be constructed for the Cu46Zr46Al8
(red) and Cu44Zr44Al8Hf2Co2 BMGs (blue) (Fig. 5.4.5). Supplementary DSC experiments
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were carried out, in order to also include Tg, and Tx at lower heating rates, which range
from 0.08K/s to 5K/s, and to determine the liquidus temperature as well as the start
temperature of the eutectoid start temperature.
Figure 5.4.5: Continuous heating transformation (CHT) diagram for glassy Cu46Zr46Al8
(red) and Cu44Zr44Al8Hf2Co2 (blue). The glass-transition temperature, Tg, and crystalliza-
tion temperature, Tx, increase for both compositions with rising heating rate. Cu46Zr46Al8
(red) has a higher GFA and therefore the corresponding nose is shifted to lower heating rates.
Compared to that, Cu44Zr44Al8Hf2Co2 exhibits a more stable B2 CuZr, since lower heating
rates are necessary to exclusively obtain it. Due to more clarity, the ternary Cu2ZrAl phase
is not considered.
With increasing heating rate, the amorphous solid state extends over a wider temperature
window. At the same time, the supercooled liquid region (Tx–Tg) becomes larger up to a
point where the supercooled liquid does not crystallize any more [321, 376]. The lowest
heating rate necessary to circumvent the crystalline phase region is termed critical heating
rate, ϕcrit [321]. The CHT diagram depicts for the Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2
glass-forming alloys a twofold crystallization regime. If the Cu46Zr46Al8 BMG is heated
faster than about 40K/s, only the B2CuZr phase will crystallize. At lower heating rates,
the low-temperature Cu10Zr7 and CuZr2 phases will precipitate from the supercooled liquid.
In contrast, only 16K/s are necessary to exclusively obtain the B2CuZr phase in the
Cu44Zr44Al8Hf2Co2 glass.
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Aside the phase formation, the CHT diagram also indicates the GFA, which correlates
with ϕcrit. Based on the measured Tx-values as a function of the heating rate, one can
estimate ϕcrit for the Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 glass-forming alloys to be about
1000K/s and 1700K/s. The Cu44Zr44Al8Hf2Co2 alloy is a slightly worse glass-former and
its ϕcrit is almost twice as high as the one of the Cu46Zr46Al8 alloy (subsection 5.2). The
work of Johnson et al. confirms this trend. Zr41.2Ti13.8Cu12.5Ni10Be22.3 BMG specimens
have been heated at rates up to 106K/s by means of a capacitor discharge heating device
(subsection 3.5) and they have also constructed a CHT diagram. This alloy is known for its
superior GFA with a critical casting diameter of about 30mm [377, 378, 379] and already
200K/s are sufficient to circumvent the crystaline nose. They have estimated that ϕcrit is
in the range of about 104K/s for glass-forming compositions with a critical casting diameter
of just a few mm, and the results of Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 corroborate their
estimation.
If the Zr41.2Ti13.8Cu12.5Ni10Be22.3 BMG is heated at rates lower than ϕcrit, a Be-rich
phase with MgZn2-type structure will crystallize. Heating to higher temperatures leads to
the formation of a Zr2Cu-like phase. Both phases crystallize primarly and hence atomic
diffusion is required [377, 378, 379, 380]. Furthermore, the supercooled liquid separates
into two phases prior to crystallization [377, 378]. In turn, this means that the lower the
GFA of an alloy is, the higher the critical heating rate has to be. Another recent work by
Küchemann et al. [381] proves this correlation. They have constructed a CHT diagram
of the Zr64Cu28.2Al7.8 alloy, from which glassy ribbons were prepared. The ribbons were
rapidly heated up to almost 107K/s by means of capacitor discharge heating. A heating
rate in the range of 105K/s is neceassary to bypass the crystalline nose. Otherwise the
Zr2(Cu,Al) phase will form as the ribbon is heated to temperatures beyond T x .
The following paragraph is focused on the microstructure of the partially devitrified
Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMGs. Fig. 5.4.6 depicts the microstructure of a
flash-annealed and subsequently quenched Cu46Zr46Al8 specimen. It was heated at 34K/s to
903K, which is below the critical hearting rate to only obtain the B2CuZr phase. Spherical
B2 crystals seem to have nucleated uniformly. According to the corresponding XRD pattern
(Fig. 5.4.4a), the Cu10Zr7 and CuZr2 phases are also embedded in the amorphous matrix.
The SEM image depicts aside spherical B2CuZr crystals, particles with a star-shaped
morphology. These particles are enriched in Cu (red) and their surroundings are depleted
in Cu and hence are Zr-richer (blue) as can be seen from the EDX map (Fig. 5.4.6b). The
Cu-rich particles seem to correspond to the Cu10Zr7 phase and the CuZr2 phase is most
likely present at their immediate Zr-rich surrounding. As the Cu46Zr46Al8 BMG specimen
is flash-annealed at 34K/s, to temperautre of the SLR, “fresh” Cu10Zr7 and CuZr2 nuclei
form and grow afterwards to crystals once Tx is passed. The present heating rate is too low
to kinetically suppress their formation. In addition, the growth of quenched-in B2CuZr
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nuclei is stimulated during flash-annealing, particularly when temperatures of the SLR are
reached (see subsection 5.3.2). These quenched-in nuclei are subcritical in size, so that
they can dissolve or grow to crystals after crossing Tx. Although they are metastable at
these temperatures, the fast heating appears to kinetically enable their growth to crystals.
Besides, “fresh” B2CuZr nuclei could also form during flash-annealing of the Cu46Zr46Al8
BMG.
Figure 5.4.6: Microstructure of the partially crystallized Cu46Zr46Al8 BMG, which was
flash-annealed at 34 K/s to 903 K and subsequently water-quenched. a) SEM image displays
spherical B2CuZr crystals which are uniformly embedded in the amorphous matrix. In
addition Cu10Zr7 crystals, which are surrounded by the CuZr2 phase, are also present in
the glass. b) The EDX map depicts Cu-rich crystals with a star-shaped morphology and
Zr-richer regions in their direct surrounding.
The B2 particles with an average size of about 3 μm in diameter are very small (Fig.
5.4.7a and b) and their particle particle size distibution (PSD) is rather narrow, as shown
in Fig. 5.4.6b. If Cu46Zr46Al8 BMG samples are heated faster, the formation of the
low-temperature phases will be completely suppressed, and exclusively B2CuZr particles
embedded in the amorphous matrix can be found after quenching. Fig. 5.4.6c and d depict
the corresponding SEM image and PSD, respectively. Again, small B2 crystals with an
average size of about 3 μm in diameter are visible.
Flash-annealing Cu44Zr44Al8Hf2Co2 BMGs at 34K/s to 907 K, gives rise to the crystal-
lization of B2CuZr and subsequent water-quenching preserves the microstructure. The
low-temperature equilibrium phases do not crystallize owing to the above mentioned kin-
etic constraints. Fig. 5.4.8a and b depict a SEM image, which shows small B2CuZr
crystals embedded in the glass, and the histogram of the PSD of the B2 particles, respect-
ively. Their average size is again about 3 μm in diameter and the PSD is very narrow. A
Cu44Zr44Al8Hf2Co2 BMG specimen was heated at 180K/s to 948K and water-quenched.
Fig. 5.4.8c depicts the microstructure which is comprised of B2CuZr crystals with an
average size of 5 μm and the glass. The PSD is less narrow and shown in Fig. 5.4.8d.
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Figure 5.4.7: Microstructure of partly crystallized Cu46Zr46Al8 BMGs. a) SEM image of
a specimen flash-annealed at 34 K/s to 903 K and b) depicts the histogram of the particle
size distribution of solely B2CuZr crystals. They have an average size of about 3 μm. c)
SEM image of a specimen flash-annealed at 232K/s to 973K. Only B2CuZr crystallized
can be seen. d) Histogram of the PSD of the B2 CuZr crystals shown in c). Their size is in
average about 3 μm in diameter.
The final size of the B2CuZr crystals depends on the crystal growth rate and the time
given for growth. The temperature window between Tx and Tej and the heating rate
determine how long the B2 CuZr crystals can grow. In the case of the Cu44Zr44Al8Hf2Co2
BMG specimen flash-annealed at 180 K/s to 948 K, the crystal grow longer and/ or faster
than when heated at 34 /Ks to 907 K. Independent of the ejection temperature, the B2 CuZr
crystals are small and uniformly distributed compared to the relatively big (up to 200 μm)
and heterogeneously distributed B2 CuZr crystals in quenched CuZr-based melts [37, 39, 40].
The maximum of the crystal growth is crossed during melt-quenching, but not necessarily
during annealing (subsection 5.4.2).
However, the size and number of the particles yield the volume fraction of the B2 CuZr
phase. This volume fraction shall be determined from SEM images of the BMG composite
microstructure and calorimetric measurements in the following. Based on the crystallization
enthalpy, ΔHx can be obtained. ΔHx depends on the composition and volume fraction of
the glass. Since B2CuZr crystallizes polymorphically from the supercooled liquid during
171
5.4. CRYSTALLIZATION OF BMGS DURING FLASH-ANNEALING
Figure 5.4.8: Microstructure of partially crystallized Cu44Zr44Al8Hf2Co2. a) BMG samples
flash-annealed at 34 K/s to 907 K and subsequently quenched. Small B2 CuZr crystals are
emebedded in the glass. b) The histogram depicts the corresponding PSD. Their average
size is about 3 μm and their size distribution is extremely narrow. c) Glassy specimen
flash-annealed at 180K/s to 948K and subsequently water-quenched. Larger B2CuZr
particles with an average size of about 5 μm are visible, and d) depicts the histogram of the
PSD.
flash-annealing at high heating rates, its composition is not changed. That means that the
ΔHx obtained from subsequent DSC measurements only depends on the volume fraction of
the glass. Fig. 5.4.9 depicts the DSC traces of the as-cast and Cu44Zr44Al8Hf2Co2 BMG
specimens, which were flash-annealed at 34 K/s and 180 K/s to 907 and 948 K, respectively.
Their microstructure and XRD pattern are shown in Figs. 5.4.8 and 5.4.4b, respectively. All
three traces show a glass transition, marked by Tg and crystallization event, whose beginning
is indicated by Tx. Both events confirm the presence of an amorphous phase and hence
corroborate the corresponding XRD pattern. Flash-annealing of BMGs to temperatures
beyond Tx, followed by water-quenching, is capable of inducing partial crystallization and
thus enables the preparation of BMG composites.
The as-cast BMG is fully amorphous and shows a ΔHx of 57 J/g. As the BMG is
flash-annealed, a volume fraction of the supercooled liquid crystallizes into the B2CuZr
phase, and subsequent quenching leads to a vitrification of the residual volume of the
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Figure 5.4.9: DSC traces of as-cast and flash-annealed Cu44Zr44Al8Hf2Co2 BMG specimens
at a heating rate of 40K/min. The glass transition and crystallization are indicated by Tg
and Tx, respectively. The flash-annealed BMG specimens exhibit a lower crystallization
enthalpy due to previous partial crystallization.
supercooled liquid. From the ∆Hx, which is lower for BMG composites and the ∆Hx of
the fully amorphous glass, the volume fraction of the B2CuZr phase can be calculated as
follows:
VV,B2(DSC) =
∆Hx(as− cast)−∆Hx(measured)
∆Hx(as− cast)
· 100%, (5.4.1)
where VV,B2(DSC) is the volume fraction of the B2CuZr phase, ∆Hx(as-cast) is the
crystallization enthalpy of the as-cast BMG, and ∆Hx(composite) is the crystallization
enthalpy of the BMG composite. In addition, the volume fraction of the B2CuZr phase
was determined from SEM images (Fig. 5.4.9 and Table 5.4.1). The procedure is explained
in Fig. 4.6.1 (chapter 4 on experimentals). The micrographs were recorded at a region near
the surface of the BMG specimen, as Fig. 5.4.10 (edge) illustrates. The DSC sample was
taken from the same region and Table 5.4.1 lists the results.
The Tg and Tx-values of the as-cast BMG and B2CuZr-composites are identical, since the
composition of the supercooled liquid is not changed as the B2CuZr phase crystallizes, (Fig.
5.4.9 and Table 5.4.1). Although the evaluation of the SEM-images gives, strictly speaking,
an area fraction of the B2CuZr phase, the values are in agreement with the volume fraction
of the B2CuZr phase, which was determined from the crystallization enthalpies (Table
5.4.1). This finding emphasizes how uniform the crystals are distributed in the glass.
So far, the microstructure of one region near the surface was evaluated. In the following, it
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Table 5.4.1: Calorimetric data of the as-cast and Cu44Zr44Al8Hf2Co2BMG specimens,
which were flash-annealed at heating rates (ϕ) of 34 and 180K/s to ejection temperatures
(Tej) of 907 and 948K, respectively. The values of the glass-transition temperature, Tg,
crystallization temperature, Tx, and crystallization enthalpy, ∆Hx, were determined at a
heating rate of 40 K/min. Therefore, a thin sample was taken from a region near the surface
of the flash-annealed and as-cast BMG specimens. Typical errors for the determination
of Tg and Tx are ± 2K and ± 2 J/g for ∆Hx. The volume fraction of the B2CuZr phase,
VV,B2, was determined from the ∆Hx and calculated from SEM-images. Ten images of a
region near the surface of the specimens were taken and evaluated.
ϕ Tej Tg Tx ∆Hx VV,B2(DSC) VV,B2(SEM)
K/s K K K J/g Vol.% Vol.%
as-cast 713 788 57 0 0
34± 5 907± 5 712 788 54 8.4±1.0 7.6±1.0
180± 10 948± 10 714 789 53 7.7±1.0 7.1±1.0
shall be clarified how uniform the microstructure across the diameter of a BMG composite is.
Therefore, the particle size and volume fraction were evaluated as a function of heating rate
and location within the specimen. BMG specimens are heated via electromagnetic induction,
and the inherent skin effect could impair a uniform heating. The current density and thus
heating rate is largest near the surface and decreases towards the centre of the specimen.
The resulting thermal gradient is mitigated by the thermal conductivity. Thus, a specimen
with a diameter of 4.5mm, which is equivalent to twice the skin depth, should be heated
relatively uniform (subsection 5.1.2). Another factor affecting the uniform distribution of
the B2CuZr phase, is the cooling, which extracts the heat from the surface of the sample
at first. As a consequence, the centre of the specimen experiences the lowest cooling rate.
When the specimen is water-quenched, it is cooled from all sides equally fast, so that
a gradient can be only expected from the lateral surface to the centre of the specimen.
Therefore, the longitudinal section was divided into three regions: edge, intermediate (inter)
and centre (Fig. 5.4.10a). Ten micrographs of each section were taken and analyzed with
regard to area fraction and particle size of the B2 CuZr phase.
For the Cu44Zr44Al8Hf2Co2 BMG specimen heated at 41K/s to 926K, the area fraction
of the B2CuZr is 9± 1.5%, 8± 1.7%, and 6± 0.8% at the edge, at the intermediate, and
the central region, respectively (Fig. 5.4.10b and Table 5.4.2). The area fraction decreases
slightly from the edge to the central region of the specimen. This trend can be ascribed
to the skin effect, which heats the region near the lateral surface faster. The temperature
near the surface reaches Tx earlier than the central region of the specimen and B2CuZr
crystals start earlier to nucleate. The particle size shows the same trend. It decreases from
3.5± 0.85µm at the edge to 3.3± 0.82µm at the intermediate region to 3.1± 0.68µm at
the central region of the specimen (Fig. 5.4.10b and Table 5.4.2).
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Figure 5.4.10: Influence of heating rates on the distribution and size of B2 CuZr crystals of
flash-annealed Cu44Zr44Al8Hf2Co2 BMG. a) The longitudinal section of a BMG composite
specimen was divided into three regions: edge, intermediate (inter), and centre. 10 SEM-
images at different magnifications (800x and 1000x) were taken and processed from each
section. b) The plot depicts the area fraction and particle size of B2 CuZr crystals within
the longitudinal section.
Table 5.4.2: Quantitative analysis of the microstructure of BMG composites which are
comprised of B2CuZr crystals and the amorphous matrix. Area fraction and particle size
of the B2CuZr phase as a function of the heating rate and location within the specimen.
The heating rate, ϕ, and ejection temperature, Tej , are given additionally.
ϕ Tej Area fraction Particle size
[K/s] [K] [%] [µm]edge inter centre edge inter centre
41± 5 926± 5 9± 1.5 8± 1.7 6± 0.8 3.5± 0.85 3.3± 0.82 3.1± 0.68
180± 10 948± 5 7± 2.0 7± 3.7 28± 2.8 6.3± 1.28 5.3± 1.18 8.8± 2.34
The second Cu44Zr44Al8Hf2Co2 BMG sample with identical dimensions was flash-annealed
at 180K/s to 948K. The area fraction of the B2CuZr phase is constant at the edge (7± 2.0%)
and intermediate region (7± 3.7), but increases drastically at the central region, where
28± 2.8% are present. The cooling occurs from the surface to the centre of the specimen,
where the cooling rate is lower. Furthermore, the heat generated from recalescence is
released faster at higher heating rates (Fig. 5.3.9), and cannot be extracted from the centre
as fast as from the edge of the specimen. Owing to the faster released latent heat, the
microstructure of the BMG composites is less uniform, the faster the BMG is flash-annealed.
Nevertheless, compared to the BMG composites, which are prepared during casting, the
distribution of the volume fraction and particle size of the crystalline phase of the flash-
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annealed BMG is remarkably uniform. The PSD diagrams of all sections and specimens
are shown in the Appendix (Fig. 8.4.1).
The B2CuZr particles are spherical, and in the following, their interfacial morphology
will be investigated. In order to examine a B2particle at an early stage of growth, a
Cu44Zr44Al8Hf2Co2 BMG was heated at 60 K/s to 894 K. Fig 5.4.11a displays a bright-field
TEM micrograph, in which a single spherulite can be seen. The corresponding SAED
pattern confirms that it is a B2CuZr crystal (Fig. 5.4.11b). The size of this crystal is
about 500 nm across the diameter, which is below the resolution limit of the SEM. Since
the particle size distribution (PSD) of the microstructure of the B2 CuZr BMG composites
is based on SEM images, it does not consider the number of B2 crystals with a size of less
than 1μm in diameter. However, the number of such small crystals is fairly small, so that
one can expect only minor deviations from the obtained PSDs.
The structure of the small B2 CuZr crystal appears to consist of degenerated cells, which
are distinct at the crystal-glass interface as Fig. 5.4.11c depicts. Two selected cells are
indicated by a white line. The growth of both cells seems to start from one common nucleus,
and in the following, it shall be analyzed whether this spherulite is a single- or polycrystal.
The bright-field TEM image (Fig. 5.4.11) displays dark lines passing the crystal. If the
TEM sample is tilted, the zone axis changes and the pattern of the dark lines as well. Fig.
5.4.12 depicts the pattern at the [315] zone axis (Fig. 5.4.12a and b) which differs from the
one at the zone axis of [101] (Fig. 5.4.12c and d).
Figure 5.4.11: Cu44Zr44Al8Hf2Co2 BMG flash-annealed at 60K/s to 894K (≈ Tx). a)
Bright-field TEM micrograph depicts a single spherulite, and b) by means of the corres-
ponding SAED pattern the crystallographic structure can be identified as B2 CuZr. c) TEM
micrograph at higher magnification. Single degenerated cells are visible and highlighted by
the white line.
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Figure 5.4.12: B2CuZr crystal forms within the Cu44Zr44Al8Hf2Co2 supercooled liquid,
as it is flash-annealed at 60K/s to 894 K. a) Bright-field TEM image depicts the B2CuZr
crystal and a pattern of bending countours (darker lines) is visible. b) Corresponding SAED
pattern identifies the crystal as B2 CuZr phase at a zone axis of [315]. c) Bright-field TEM
image of the same B2CuZr crystal a zone axis of [101] as d) the appendent SAED shows.
Diffraction contrast is based on the orientation relationship between the lattice plane
and the incident electron beam [375]. All deviations due to lattice defects, for instance,
change locally the orientation of the lattice planes and hence a contrast results [375]. The
darker lines could be caused by (1) dislocations or (2) grain boundaries, since they induce
local lattice distortions, or by (3) precipitations, which have a different composition and
lattice parameters. But one can exclude this, since lattice distortions due to dislocations
are limited to a region near the dislocation core. Grain boundaries can be as well excluded,
since no grains are encircled and the lines cross the complete B2 CuZr crystal. Furthermore,
they do not follow the zone axis as the sample is tilted. Due to the same reason, the
linear contrast cannot originate from precipitations. They do not change the location as a
function of the zone axis. Besides, according to the SAED depicted in Fig. 5.4.12c and d,
only reflections corresponding to B2 CuZr are present.
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The thickness of the TEM sample is only about 100 nm, so that the TEM sample and
hence the spherical B2CuZr crystal, can be easily elastically bent. The lattice planes
follow this bending of the crystal. That means their orientation changes gradually and the
contrast as well. Consequently, the darker lines are most likely bending contours and result
from the slightly bent TEM sample [375]. The contours cross the sample regardless the
zone axis, so that this B2 CuZr particle must be a singlecrystal [375]. On further heating,
such a crystal maintains its spherical shape as it grows (Fig. 5.4.6). Since evey crystal
originates from exactly one nucleus, one can investigate the nucleation kinetics by counting
the crystals. This finding considerably simplifies the analysis of the devitrification kinetics
in the following [31].
The morphology of the crystalline phase sheds light on the solidification process, which is
schematically illustrated in Fig. 5.4.13: In the current case, non-directional crystalliaztion
occurs, because the melt acts as sink for the released heat [120, 135]. Since the B2CuZr
phase precipitates polymorphically, no concentration gradient is present. The planar
interface of the nucleus (Fig. 5.4.13a) is destabilized and protursions form on the interface
(Fig. 5.4.13b). Their evolution causes an even steeper temperature gradient, the local
growth rate increases and protrusions develop to cells, which grow into the supercooled
liquid [120] (Fig. 5.4.13c). As the cells grow, the radius of their tip becomes larger and
larger, so that additional cells are forming at the interface of the tip [119, 120, 135, 136]
(Fig. 5.4.13c). Such degenerated cells can be observed at the interface of the spherical
B2 CuZr single-cristal as the bright-field TEM image depicts (Fig. 5.4.11 c).
Figure 5.4.13: Schematic illustration of the growth process of a B2 CuZr single-crystal. a)
At the beginning a stable nucleus with a planar interface is present. b) The interface is
destabilized, since the supercooled liquid at the interface acts as heat sink. Protursions
form on the initial planar interface. c) The temperature gradient increases and protrusions
develop to cells. d) At a later stage of growth degenerated cells evolve. The red colour
indicates a higher temperature due to released heat as the interface propagates, and the
blue colour indicates the lower temperature of the supercooled liquid far away of the crystal.
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According to the morphological interface diagram (Fig. 3.2.14), an increasing interface
velocity destabilizes the planar front of the solid-liquid interface, giving rise to the formation
of cells, then dendrites and again cells. Pauly et al. [39] have also investigated the
morphology of the B2CuZr crystal, which forms during quenching of similar Cu-Zr-Al-
based melts. They have obtained BMG composites with B2CuZr crystals exhibitng a size
of several 100 µm in diameter and with a dendritic morphology. Since the morphology
indicates the crystal growth rate and dendrites form at higher rates than cells, one can
conclude that the B2CuZr particles grow slowlier during flash-annealing of the supercooled
liquid than during rapid cooling from the melt. This aspect on crystallization kinetics will
be elaborated in the following subsection.
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5.4.2 Crystallization kinetics of Cu-Zr-Al-based BMGs
Steady-state nucleation kinetics based on the model of Volmer and Weber [122] and crystal
growth kinetics of glasses [133] are well established. During the devitrification of metallic
glasses, crystallization occurs at large undercoolings and allows studying of nucleation
and crystal growth phenomena on a time-scale being much longer than for crystallization
of liquids on solidification of the melt at small undercoolings [133, 382]. As mentioned
in the previous subsection, BMG composites can be prepared from BMGs, as they are
flash-annealed to temperatures above Tx, and subsequently quenched. Their microstructure
is determined by the crystallization kinetics: The nucleation rate and crystal growth rate
determine the number of crystals and their size, respectively [43, 48, 113, 114, 121, 133].
If one wants to tailor BMG composites by flash-annealing, both processes have to be
understood and controlled.
The first part of this subsection dwells on the nucleation kinetics of the Cu44Zr44Al8Hf2Co2
and Cu46Zr46Al8 BMGs during flash-annealing. One main aspect to be studied is, whether
high heating rates impart transient nucleation effects as they are predicted by theoretical
studies [48, 121]. In other words, the current aim is to investigate whether the steady-state
nucleation concept is still valid at large undercoolings and high-heating rates. Both Cu-
Zr-Al-based glass-forming compositions are predestined for such an investigation, since at
sufficiently fast heating rates, exclusively the polymorphic crystallization of the B2CuZr
phase occurs. Thus, the nucleation process is not affected by any concentration gradients
in front of the solid-liquid interface, and only the relation between the interfacial energy
and driving force for crystallization, which is a function of the undercooling, determine
according to the steady-state nucleation, how many stable nuclei will form. A detailed
statistical analysis of the nucleation rate, as a function of the heating rate will be mainly
conducted on Cu44Zr44Al8Hf2Co2 BMG specimens, since the range of heating rates at which
the B2CuZr phase solely crystallizes is larger. Compared to Cu46Zr46Al8, the nucleation
kinetics can be studied already at a heating rate of about 16K/s, and hence at larger
undercoolings. In contrast, Cu46Zr46Al8 BMG samples have to be flash-annealed at a rate
of at least 40 - 50K/s to ensure the exclusive crystallization of the B2CuZr phase (see
subsection 5.4.1). Therefore, only a limited number of microstructures of Cu46Zr46Al8 BMG
composites prepared at heating rates of at least 139K/s are evaluated. The B2CuZr phase
grows sphere-like from singlecrystals (Fig. 5.4.11), facilitating the analysis of nucleation
kinetics over a wide range of heating rates, (Fig. 5.4.14). The red oval highlights the region
of interest.
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Figure 5.4.14: CHT diagram for the Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 glasses.
Crystal growth follows nucleation and is the focus of the second part of this subsection.
From the microstructure of Cu44Zr44Al8Hf2Co2 BMG composites prepared at different
heating rates, the size of the B2 CuZr particles can be determined. We calculate the crystal
growth rate as a function of the heating rate from the particle size and the given duration
for growth.
Electrostatic levitation (ESL) experiments are a common way to measure the crystal
growth rate. At a later stage of crystallization, a thermal front propagates the lateral
surface of flash-annealed specimens, and its velocity will be quantified. Does this velocity
also represent the crystal growth rate, and does it differ from the steady-state crystal
growth rate? These are the last questions, which are addressed in this subsection.
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Nucleation
Cu44Zr44Al8Hf2Co2 BMG (in the following abbreviated by BMG) specimens are flash-
annealed at four different heating rates ranging from 35 to 180K/s to temperatures above
Tx. Fig. 5.4.15 exemplary depicts temperature-time curves of BMG samples heated at three
different rates to slightly above Tx. Their microstructure is illustrated in Fig. 5.4.16.
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Figure 5.4.15: Selected temperature-time curves for Cu44Zr44Al8Hf2Co2 BMG specimens.
The heating rates and ejection temperatures are given.
The crystal size for the specimen heated at 41± 5K/s range between 1 and 5 µm in
diameter and is similar to the crystal size of the BMG composite prepared at 130K/s. The
crystal size of the BMG sample flash-annealed at the highest heating rate of 180K/s is larger
(3–9µm). Depending on the elapsed duration between Tx and Tej and the temperature at
which the sample is ejected, the crystals have more or less time for growth and hence vary
in size. The micrographs (Fig. 5.4.16) also suggest that next to the crystal size also the
number of crystals is affected by the heating rate. We carried out a statistical analysis to
confirm this hypothesis. Three to four BMG specimens were flash-annealed at four heating
rates to similar temperatures as shown in Fig. 5.4.15.
Except of two samples, the crystalline volume fraction of all BMG samples flash-annealed
ranges between 3-9 vol.% and thus is so low that impingement can be neglected (Table
5.4.3). Depending on the magnification, 4 to 15 SEM images were taken from the section
near the lateral edge of each sample (Fig. 5.4.10). Aside the particle size distribution (PSD),
the number of crystals for each specimen were determined from a multitude of micrographs
with an identical area (see subsection 4.6). After that, we obtained the number of crystals
per volume by applying a stereological transformation based on the method proposed by
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Figure 5.4.16: Microstructural analysis of Cu44Zr44Al8Hf2Co2 BMG flash-annealed at
different rates to temperatures given in Fig. 5.4.15. SEM micrographs and respective particle
size distribution (PSD) of three different microstructures obtained by flash-annealing: a)
41K/s, 926K b) 130K/s, 927K and c) 181K/s, 948K. The PSDs were obtained from
regions near the edge of the respective longitudinal cross-sections of the rods.
Møller [383]. This conversion of a quantity obtained from a two-dimensional section into a
three-dimensional quantity is a standard problem of stereology [384] and the derivation is
given in the Appendix 8.6. The calculation of the particle number per volume, NV , involves
the particle size distribution and measured area, A(W ):
NV =
2
Π·A(W )
·
n∑
1
1
ui
, (5.4.2)
where u is the diameter of the intersected particle. Table 5.4.3 lists the average sizes and
number densities of the crystals, and the crystalline volume fractions of various samples
as a function of the heating rate. The volume fraction was determined by evaluating
the SEM micrographs and from calorimetric measurements. Generally, there is a good
agreement between both data sets. In the case of the samples heated at 99 K/s and 107 K/s,
a pronounced gradient microstructure was observed, since the specimens rotated as they
fell into the water-bath. The large scattering of the crystalline volume fractions at different
locations within the rod results from this gradient.
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Table 5.4.3: Crystal densities, average crystal sizes, dave, and crystalline volume frac-
tions, VV,B2, as determined by electron microscopy (SEM) and calorimetry (DSC) for
Cu44Zr44Al8Hf2Co2 and Cu46Zr46Al8 samples heated at different rates, φ, and ejected at
different temperatures, Tej. DSC measurements have not been carried out for all samples
(n.d - not determined).
ϕ Tej log(crystal densitym-3) dave VV,B2(SEM) VV,B2(DSC)
[K/s] [K] [µm] Vol.% Vol.%
Cu44Zr44Al8Hf2Co2
35± 5 910± 10 15.36± 1.0 3.1± 1.0 8.7± 1.0 8.9± 1.0
41± 5 926± 10 15.24± 0.8 3.4± 0.9 8.1± 1.0 8.5± 1.0
32± 5 913± 10 15.52± 0.6 3.1± 1.9 12.3± 1.0 12.9± 1.0
99± 10 920± 10 14.82± 0.5 7.9± 1.4 12.6± 5.4 35.8± 3.0
93± 10 906± 10 15.15± 0.6 4.0± 0.8 5.6± 1.4 35.8± 3.0
107± 10 921± 10 14.78± 0.5 7.0± 2.2 22.5± 1.0 29.0± 1.0
130± 15 938± 15 14.73± 0.3 7.7± 1.9 20.6± 2.9 n.d.
122± 15 930± 15 14.94± 0.5 4.4± 0.9 6.7± 2.6 n.d.
135± 15 931± 15 14.74± 0.6 4.6± 1.0 7.5± 1.8 8.9± 1.0
129± 15 927± 15 14.76± 0.3 4.2± 0.9 5.3± 1.0 5.0± 1.0
176± 15 939± 15 14.74± 0.3 3.3± 0.6 2.6± 0.5 4.4± 1.0
181± 15 949± 15 14.36± 0.2 6.3± 1.3 7.4± 1.0 7.8± 1.0
188± 15 942± 15 14.40± 0.1 7.7± 1.7 9.1± 1.0 n.d.
Cu46Zr46Al8
139± 15 982± 15 14.74± 0.6 7.9± 1.9 11.2± 2.3 n.d.
215± 15 982± 15 14.28± 0.3 9.1± 1.0 7.6± 1.2 n.d.
232± 15 972± 15 14.55± 0.2 4.8± 1.3 4.1± 1.2 n.d.
Nevertheless, the number of crystals per volume is in the range of 1015m–3, which is in
reasonable compliance, with the results of Greer on devitrification kinetics of Fe-B-based
metallic glass [44]. Following his analysis, we plot the crystal density vs. the heating rate as
Fig. 5.4.17 depicts. The density of crystals depends on the heating rate, and they decrease
with increasing heating rate. More precisely, the decreasing dependence is more pronounced
for the microstructure of BMG composites, which were prepared at heating rates above
100K/s. Consequently, the plot yields two slopes indicating a change of nucleation kinetics.
In the following, we elaborate on this nucleation process by means of the steady-state
nucleation rate, ISS . As mentioned in subsection 3.2.2, two exponential terms govern
ISS [119, 126]: At high temperatures in the vicinity of the melting temperature, the
thermodynamical contribution [114, 119] dominates ISS . This term contains the activation
energy for the formation of critical nuclei, ∆G∗, which strongly depends on the undercooling
(subsection 3.2.2). In contrast to that, the kinetic contribution determines ISS at high
undercoolings. It reflects atomic diffusion and can be described as a function of the
inverse of the shear viscosity, η−1, by means of the Stokes-Einstein relation [129]. Thus a
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Figure 5.4.17: Crystal population density of the microstructure of Cu44Zr44Al8Hf2Co2 and
Cu46Zr46Al8 BMG composites as a function of the heating rate. Less crystals precipitate
with increasing heating rate and two slopes are apparent. They indicate a complex nucleation
process that is rendered in more detail in the present paragraph.
viscosity-dependent expression of ISS [66, 119] follows (Eq. 3.2.5):
ISS =
A
η
·e
(− ∆G
∗
kB ·T
)
,
where A is constant. If crystals nucleated at a steady-state rate as the supercooled liquid
is heated, the number of crystals would be inversely proportional to the heating rate and
the plot (Fig. 5.4.17) should yield a slope of -1 (Eq. 3.2.9) [44]. In contrast, two slopes
are present and both differ from -1. At low heating rates, the slope is -0.64± 0.32 and the
number of nuclei is only weakly dependent on ϕ. At higher heating rates, the linear fit
yields a slope of -1.67± 0.43. Thus, nucleation during the flash-annealing of BMGs does
not follow steady-state nucleation kinetics (Fig. 5.4.17). A slope being more positive than
-1 indicates that more nuclei are present at a given temperature than produced during
steady state nucleation [44]. Nuclei form during rapid cooling and are then quenched-in as
the liquid vitrifies. Their population becomes larger as the temperature is lowered (Fig.
3.2.9, ISS), because the driving force for crystallization is higher at larger undercoolings
[43]. Subsequent heating of the BMG leads to the activation of quenched-in and to the
formation of “fresh” nuclei. Both nuclei are subcritical in size, so that they will dissolve,
until they are stable and continue to grow. The statistical analysis shows that due to the
growth of quenched-in nuclei, more crystals form at Tx than expected from the ISS as the
185
5.4. CRYSTALLIZATION OF BMGS DURING FLASH-ANNEALING
BMG is flash-annealed at rates below 100K/s.
The second linear fit yields a slope of -1.67± 0.43, which is more negative than -1. If the
BMG is heated faster than about 90K/s, less crystals precipitate than expected from ISS .
A theoretical study by Shneidman et al. [48] has predicted such a nucleation regime, which
has its origin in transient effects [44]. In the following, their work shall be briefly introduced.
A nucleus can only continuously grow, if its radius exceeds the critical radius, r∗, and grows
fast enough to exceed it in future [121]. r∗ decreases as the liquid is supercooled, and its
temperature-dependence is given by (Eq. 3.2.10 and Fig. 3.2.11) [134]:
r∗ =
2·σ·Tm
∆Hm
·
1
Tm − T
,
where σ is the interfacial energy between the liquid and solid, Tm is the melting temper-
ature, and ∆Hm is the heat of fusion. In turn, this means that r∗ rises with increasing
temperature at a rate, dr
∗
dt . Only when the nucleus grows faster than
dr∗
dt , it will remain
supercritical (r > r∗), and continues to grow [48, 121]. In other words, the crystal growth
rate has to exceed dr
∗
dt . At large undercoolings, the growth rate, u, of the supercooled liquid
is proportional to η−1 and most probably lower than dr
∗
dt , so that nucleation is hindered.
u increases more rapidly with temperature than dr
∗
dt , and both rates become equal at a
certain temperature, the cut-off temperature, T0, which marks the start of nucleation [48].
The nucleation is suppressed at temperatures below T0 which is a function of ϕ (see Fig.
3.2.12b in subsection 3.2.2). dr
∗
dt increases as the supercooled liquid is heated faster, and so
does T0(ϕ). The number of nucleated particles as a function of ϕ can be defined as follows
[48]:
N = N0 +
1
ϕ
ˆ Tej
T0(ϕ)
ISSdT, (5.4.3)
where N0 is the number of quenched-in nuclei, and Tej is the ejection temperature. If one
assumes that two identical BMG specimens are heated at two different heating rates ϕ1 and
ϕ2, where ϕ1< ϕ2 is valid, then the supercooled liquid of the specimen, which is heated
faster (ϕ2) crystallizes at a higher temperature. The nuclei forming at this higher heating
rate must have a larger critical radius r∗(ϕ2) to be able to grow continuously. Furthermore,
they have less time to achieve r∗(ϕ2), since they are heated faster: (dt = dT/ϕ). Therefore,
less particles nucleate during faster heating (Eq. 5.4.3). Analytical solutions, based on
the Becker-Döring equation, show that the nucleation rate is effectively reduced with
increasing heating rate (subsection 3.2.2, Fig. 3.2.12) [48]. Shneidman et al. [48] have
termed this phenomenon that can only be encountered during fast heating of glass, “choking”
of nucleation. The present transient nucleation phenomenon obviously cannot be described
using the steady-state nucleation rate, and we therefore introduce the effective nucleation
rate, Ieff . Fig. 5.4.23 schematically depicts the Ieff for two different heating rates.
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Figure 5.4.18: Schematic illustration of the steady-state nucleation rate, ISS , of a super-
cooled liquid as a function of the temperature. As the supercooled liquid is flash-annealed
at high heating rates, effective nucleation rates, Ieff , have to be considered.
As Cu44Zr44Al8Hf2Co2 and Cu46Zr46Al8 supercooled liquids are flash-annealed at rates
higher than about 90K/s, this transient nucleation phenomenon affects the number of
supercritical nuclei, which form during heating. Fig. 5.4.17 reveals that fewer quenched-in
nuclei should survive and also the number of “fresh” formed nuclei should be significantly
reduced. Therefore, the number of nuclei is much lower than expected from steady-state
nucleation. In contrast, at heating rates lower than 90K/s, quenched-in nuclei largely
survive.
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Crystal growth
Once Cu44Zr44Al8Hf2Co2 BMGs are flash-annealed at a heating rate of at 35K/s to
temperatures above Tx, B2CuZr crystals grow, and their final size depends on the crystal
growth rate and the time available for growth. Conversely, one should be able to calculate
the growth rate from this duration, which follows from T-t curves, and the observed B2CuZr
particle size. Four Cu44Zr44Al8Hf2Co2 BMG samples were flash-annealed at two heating
rates of about 37K/s and 180K/s to slightly different ejection temperatures above Tx. Figs.
5.4.19 and 5.4.20 depict the corresponding T-t-curves and microstructures, respectively.
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Figure 5.4.19: Selected T-t curves for Cu44Zr44Al8Hf2Co2 specimens. The heating rates
and ejection temperatures are given.
Flash-annealing Cu44Zr44Al8Hf2Co2 BMG specimens at 35± 5 and 41± 5K/s to 910± 5
and 926± 5K, respectively, followed by quenching, leads to the preparation of B2CuZr
BMG composites. The B2 particles only slightly grow from 3.1± 0.99 to 3.4± 0.89µm as
the ejection temperature, Tej, is increased by 16± 5K at a heating rate of about 37± 5K/s
(Fig. 5.4.20). In contrast, if they are flash-annealed at about 180K/s from 939± 5 to
948± 5K, their particle size will double from 3.3± 0.64 to 6.4± 1.29µm. Owing to the
faster heating, the crystallization temperature is higher, so that the B2CuZr crystals seem
to grow faster. The crystal growth rate appears to be higher at lower undercoolings [153]
and shall be estimated from the T-t curves and particle size in the following.
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Figure 5.4.20: Microstructure of Cu44Zr44Al8Hf2Co2 BMG specimens flash-annealed at
different rates to temperatures given in Fig. 5.4.15. SEM micrographs and respective
particle size distribution (PSD) of four different microstructures: a) 35 K/s, 910 K, b) 41 K/s,
926 K c) 178 K/s, 939 K and c) 181 K/s, 948 K. The PSDs were obtained from regions near
the edge of the respective longitudinal cross-section of the rods.
The growth rate, u, is estimated from the average particle size, dave, and the time for
growth, Δt, as follows [119, 120]:
u =
dave
Δt
. (5.4.4)
When Tx is passed, the B2 crystals start to grow within the specimen, which falls into
the water-bath after being ejected at Tej. It is assumed that the crystals stop to grow
when the sample is surrounded by water. From the T-t-curve and the heating rate, one can
calculate the time for growth prior to ejection, Δtp,ej =
Tej−Tx
ϕ . The duration during which
the sample is falling into the water-bath, Δta,ej , is estimated using a high-speed-camera.
After leaving the clamping fingers, the sample falls for about 12 ms until it is enshrouded in
water (Fig. 5.4.21). Then, it is immediately cooled, and hence the crystals should stop to
grow. The growth rate can be estimated as follows:
u =
dave
Δt
=
dave
Δtp,ej +Δta,ej
. (5.4.5)
Table 5.4.4 lists the heating rate, ϕ, the crystallization temperature, Tx, the ejection
temperature, Tej , the average diameter of the B2CuZr crystals, dave, and the calculated
crystal growth rate, ucalc for all specimens investigated. It is quite unambiguous to see that
the error of the calculated growth rate, Δucalc, is at least one magnitude higher than the
actual value of ucalc. Δucalc was determined according to the law of error propagation and
its derivation as well as final equation can be found in the Appendix (Section 8.5, Eq. 8.5.2).
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Figure 5.4.21: The duration after the sample leaves the clamping fingers can be estimated
from images recorded by a high-speed camera. 0 ms: The specimen is still in the measurement
area of the pyrometer, 8 ms: The sample is falling into the water-bath, 10 ms: The sample
touches the water-surface, 12ms: The specimen is enshrouded by water.
The errors of the input parameters are simply too large to obtain reliable growth rates.
One reason is the difficulty in exactly determining Tx. It is very difficult, to determine the
instant at which the stable nuclei begin to grow from the recorded T-t curves. Therefore, it
is impossible to extract reliable growth rates from the quantification of crystal sizes and
calculated time for growth.
Table 5.4.4: Estimation of growth rate based on the observed particle size of the B2 CuZr
particles and the duration for growth, which is calculated from the heating rate, ϕ, the
crystallization temperature, Tx, the ejection temperature, Tej , and the duration during
the sample is falling into the water-bath, Δta,ej . All values and errors are given. Δta,ej is
12 ms and the corresponding error is 2 ms. The error of the estimated growth rate, ucalc, is
obtained using the law of error propagation.
ϕ Tx Tej dave ucalc
[K/s] [K] [K] [μm] [μm/s]
35± 5 908± 10 910± 5 3.1± 0.99 45± 118.9
41± 5 903± 10 926± 5 3.4± 0.89 6± 0.5
45± 5 908± 10 918± 5 2.51± 0.50 11± 4.6
47± 5 904± 10 907± 5 2.85± 0.84 38± 63.0
176± 10 939± 10 939± 5 3.3± 0.64 275± 24767.5
181± 10 937± 10 949± 5 6.4± 1.29 82± 26.8
184± 10 940± 10 940± 5 5.3± 1.37 441± 37970.4
188± 10 936± 10 942± 5 4.5± 1.03 102± 88.1
Nonetheless, the data shown in table 5.4.4 can be discussed at least in a qualitative
way. A plot of crystal size of Cu44Zr44Al8Hf2Co2 BMG specimens heated at comparable
heating rates as a function of the reduced ejection temperature shows a distinct trend as
displayed in Fig. 5.4.22. The ejection temperatures are normalized with respect to the
melting temperature. The crystals continue to grow with increased ejection temperature,
which means a longer duration for growth. As Fig. 5.4.20 already implies, the crystals grow
faster when the specimens are flash-annealed faster at a rate of about 180 K/s.
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Figure 5.4.22: Crystal size as a function of the reduced ejection temperature Tej/Tm for
ϕ1 ≈ 42K/s and ϕ2 ≈ 183K/s. The crystal size increases more rapidly at higher heating
rates. Trx indicates the reduced crystallization temperature.
When a BMG is heated faster, its crystallization temperature is increased as in the
present case (Trx(ϕ = 42± 6K/s) = 0.77± 0.009, Trx(ϕ = 183± 5K/s) = 0.80± 0.009).
Thus, the crystals grow at a higher temperature, or equivalently at lower undercoolings (Fig.
5.4.22, red data points). It seems that the crystal growth rate of the Cu44Zr44Al8Hf2Co2
supercooled liquid is faster at a lower undercooling and this shall be verifed in the following.
Electrostatic levitation (ESL) represents nowadays a standard method for measuring the
crystal growth rate of supercooled liquids (subsection 3.2.3). Fig. 5.4.23 displays the rate,
uESL, at which B2CuZr crystals grow in the supercooled Cu44Zr44Al8Hf2Co2 liquid as a
function of the temperature, which is normalized with respect to the melting temperature.
For comparison the crystal growth rate of Cu50Zr50 (dashed grey curve) is plotted, too.
The growth curve for the Cu50Zr50 supercooled liquid shows a pronounced maximum
at 0.023m/s located around a reduced temperature of 0.83, as is typical for diffusion-
limited growth [141, 385]. The maximum results from the interaction of the thermal and
kinetic contributions of the crystal growth rate. The crystal growth rate, u, augments with
increasing undercooling, since the driving force for crystallization becomes larger. At further
undercooling, u begins to decrease at a reduced temperature of 0.80 due to deteriorating
atomic mobility in the liquid. Thus, the kinetic contribution starts to dominate the crystal
growth process and finally leads to a continous decrease of the crystal growth rate until Tg
is reached.
The growth curve of Cu44Zr44Al8Hf2Co2 also exhibits a broad maximum at a reduced
temperature of 0.85. The degree of undercooling is limited and thus one has to assume
that the growth rate decreases in a similar manner like for Cu50Zr50, when the temperature
is lowered further (dashed blue curve in Fig. 5.4.23). This appears reasonable, since for
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Figure 5.4.23: Growth rate as a function of the temperature which is normalized with
respect to the melting temperature, Tm. The growth rate, uESL is determined for the
Cu50Zr50 [141] and Cu44Zr44Al8Hf2Co2 supercooled liquids by means of electrostatic levita-
tion (ESL). A thermal front develops within the supercooled liquid as it is flash-annealed.
The velocity of this heat front (FA) was quantified for Cu44Zr44Al8Hf2Co2 and Cu46Zr46Al8
and plotted, too. The thermal front moves about ten times faster during FA than during
ESL.
the Cu50Zr50 [148] as well as for the supercooled Cu44Zr44Al8Hf2Co2 liquid the B2CuZr
phase crystallizes. The identical crystallization process should lead to a similar temperature
dependence of the crystal growth rate. In addition to that, the plot of the crystal size
of BMG composites as a function of the reduced ejection temperature suggests that the
growth rate at a reduced temperature of 0.77 is lower than at 0.80 (Fig. 5.4.22).
Besides, the crystal growth rate of Cu44Zr44Al8Hf2Co2 (umax = 0.0037m/s ) is approxim-
ately an order of magnitude lower than the one of Cu50Zr50. While the binary alloy can be
cast fully amorphous up to a rod diameter of about 1.5mm [276], for Cu44Zr44Al8Hf2Co2,
the equivalent critical diameter is about 5mm. This dramatic increase in glass-forming
ability seems to be reflected in the crystal growth rates. This correlation finds some support
in literature on molecular glass formers. A good glass former, o-terphenyl, has a maximum
growth rate of the order of 10-6m/s [153], whereas poor glass formers like for instance,
succininitrile, exhibit growth rates up to 5m/s [386]. Tang et al. have carried out MD
simulations of the crystal growth of CuZr and NiAl and found significant differences between
the growth rates of both alloys. The maximum growth rate of NiAl, which is a very poor
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glass former, is about 20 times higher than for CuZr [386]. The structure of the solid-liquid
interface appears to be responsible for the crystal growth rate, and thus GFA. In the case of
NiAl, there is a considerable pre-ordering of the liquid in advance of the propagating front,
which gives rise to a high crystal growth rate. In contrast, the solid-liquid interface of the
CuZr is poorly structured [386]. Consequently, umax of the supercooled liquid is determined
by the structure of the solid-liquid interface. If it is more ordered, the crystal will grow
faster, and crystallization will be more likely. Higher cooling rates are necessary to suppress
the crystallization of the supercooled liquid in order to vitrify it. Thus, supercooled liquids
which have a lower GFA, generally also exhibit a lower umax.
The ESL technology exploits the presence of a temperature gradient ahead of the
solid-liquid interface to determine the crystal growth rate [141, 142]. The high-speed
camera detects a thermal front, which is just the solid-liquid interface, and records its
propagation [141, 143]. At a later stage of crystallization during flash-annealing of a BMG
specimen, a similar thermal front develops as well and advances over the surface of the
specimen. Following the ESL measurement technology, the advancement of the thermal
front was recorded by means of a high-speed camera. Fig. 5.4.24a depicts two T-t curves
of Cu44Zr44Al8Hf2Co2 BMG specimens, which were flash-annealed at about 24K/s and
141K/s. In addition to Tg and Tx, the start temperature at which the thermal front starts
to propagate the lateral surface of the specimen, TTF,S, and the temperature at which the
front passed the lateral surface, TTF,F, are indicated. The thermal front is observed in a
temperature range, ∆TTF , which is much smaller than the temperature jump caused by
recalescence. When the BMG is heated faster, the thermal front starts at lower temperatures
with respect to Tx. Fig. 5.4.24b and c depict snapshots of specimens flash-annealed at
24K/s and 141K/s, respectively. The snapshots were taken during the propagation of the
thermal front. Depending on the heating rate of the specimen, distinct differences in the
propagation and emissivity of the thermal front can be observed. The specimen crystallizes
at higher temperatures under faster release of latent heat when heated at the higher heating
rate (ϕ = 141K/s). The heat front is much sharper and brighter due to the faster heat
release and propagates at higher velocity. The snapshots of both heating rates show that
the thermal front advances faster along the cylinder axis than perpendicular to it. This
feature is more distinct for specimens heated faster.
The progress and position of the thermal front as a function of time were quantified
for three samples per heating rate as is depicted in Fig. 5.4.25. The slope is constant
and corresponds to the velocity at which the front sweeps over the sample. The data
of at least three samples per heating rate was evaluated. At an average heating rate of
ϕave = 22± 4K/s the thermal front moves with a velocity of vave = 0.017± 0.003m/s,
whereas at ϕave = 152± 13K/s its speed is vave = 0.032± 0.002m/s. The thermal front
was observed during flash-annealing of Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 specimens.
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Figure 5.4.24: A thermal front evolves at a later stage of crystallization. a) T-t curves of
BMG specimens heated at 24± 5K/s and 41± 10K/s. The glass-transition temperature,
Tg, crystallization temperature, Tx, and start and finish temperature of the thermal front,
TTF,S, and TTF,F, respectively, are indicated. b) and c) depict a series of snapshots from the
surface of BMG specimens which were flash-annealed at 24K/s and 141K/s, respectively.
The specimens have a diameter of 4.5 mm and height of 4 mm. The dashed lines highlight
its edges and a part of the lateral surface is masked by the clamping fingers. The arrows
point into the directions the heat front propagates. The thermal front is detected at higher
temperatures and it is much less diffuse at the higher heating rate. The front moves
vertically much faster than horizontally.
194
CHAPTER 5. RESULTS AND DISCUSSION
0.02 0.04 0.06 0.08 0.10
0.5
1.0
1.5
2.0
2.5
3.0
3.5
4.0
4.5
ave = 152 ± 13 K/s
TTF,S= 937 ± 11 K
TTF,F= 959 ± 10 K
ave = 22 ± 4 K/s
TTF,S= 897 ± 8 K
TTF,F= 926 ± 18 K
vave = 0.032 ± 0.001 m/s
 
C
ry
st
al
liz
at
io
n 
fr
on
t [
m
m
]
Time [s]
vave = 0.017 ± 0.003 m/s
Figure 5.4.25: Position of the heat front for six different flash-annealed samples. The
heating rate stated is averaged over three experiments with similar heating rates (ϕave =
22± 4K/s and ϕave = 152± 13K/s). TTF,S and TTF,F indicate the temperatures at which
the front could be observed and had swept over the lateral surface, respectively. The
temperatures are also averaged over three independent measurements with a comparable
heating rate.
Three samples of each composition have been heated at four different heating rates,
which cover a range from about 20K/s to about 150K/s, so that an average velocity of the
thermal front at each heating rate can be determined. Table 5.4.5 lists the specifications
concerning ϕave, Ts, Tf and vave.
The slope in Fig. 5.4.25 is constant in the observed temperature regime. Though the
pyrometer detects a drastic temperature rise due to the released latent heat, the velocity of
the heat front is not or only marginally affected (Fig.5.4.24a). The front velocities from the
flash-annealing (FA) experiments are about an order larger than the steady-state crystal
growth rate determined from ESL at similar temperatures (Fig. 5.4.23).
In the following, it shall be discussed whether the velocity of the thermal front, which
is observed during flash-annealing, corresponds to the crystal growth rate obtained from
ESL measurements. Furthermore, it shall be discussed why the velocity of the thermal
front is one magnitude faster than the steady-state crystal growth rate. Let us assume
that the velocity of the observed thermal front is the crystal growth rate. According
to literature, several phenomena can cause an increase of the crystal growth rate [119].
Different phases can precipitate from the supercooled liquid as it is heated or cooled. ESL
and flash-annealing use different experimental setups. This difference could be another
reason for the measurement of different growth rates. The influence of both, phase formation
and experimental setup will be discussed in what follows.
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Table 5.4.5: Quantification of the crystallization front of BMG flash-annealed at various
heating rates. Three BMG specimens were heated at comparable rates. The front during
crystallization is recorded by means of a high-speed camera, and the temperature is measured
simultaneously during the advancement of the front. The temperature, at which the analysis
of the front starts and finishes, is given by TTF,S and TTF,F, respectively. Typical errors
are in the range of 5K. The speed of the front, v, is determined from a linear fit of the
position vs. time and typical errors for Cu44Zr44Al8Hf2Co2 and Cu46Zr46Al8 are in the
range of 0.0001 and 0.0004m/s, respectivley.
Cu44Zr44Al8Hf2Co2 Cu46Zr46Al8
ϕ TTF,S TTF,F v ϕ Ts Tf v
[K/s] [K] [K] [m/s] [K/s] [K] [K] [m/s]
24 ± 5 892 913 0.020 25 ± 5 880 932 0.016
24 ± 5 897 905 0.017 21 ± 5 894 939 0.015
17 ± 5 901 937 0.015 23 ± 5 895 939 0.015
90 ± 10 914 937 0.032 92 ± 10 932 940 0.030
95 ± 10 934 942 0.028 — — — —
89 ± 10 918 938 0.034 96 ± 10 940 968 0.024
120 ± 10 933 952 0.030 113 ± 10 934 946 0.033
107 ± 10 920 933 0.033 112 ± 10 934 946 0.038
119 ± 10 938 967 0.028 113 ± 10 934 946 0.031
166 ± 10 948 970 0.032 151 ± 10 937 1009 0.021
141 ± 10 927 952 0.031 147 ± 10 910 1006 0.023
150 ± 10 937 955 0.031 147 ± 10 937 954 0.038
Literature tells that during crystallization of the liquid different phases can precipitate
when cooled (ESL) or heated (FA). A different phase formation affects the speed of the
crystallization front. Therefore, Cu44Zr44Al8Hf2Co2 specimens were fully crystallized and
the phases formed were investigated by means of XRD. The ESL sample solidified at
an undercooling of 200K. Due to recalescence, it was heated at 32K/s to 1100K, and
afterwards cooled at about 3K/s to room temperature (RT). Two BMG specimens of the
same composition, were flash-annealed at 32 and 160K/s to 971 and 1038K, respectively,
and subsequently water-quenched at a cooling rate of at leaast 103K/s. Once Tx was
passed, recalescence sets in and heats the specimens. Fig. 5.4.26 depicts the XRD patterns.
Although the heating and cooling conditions of all three Cu44Zr44Al8Hf2Co2 samples differ
greatly, identical phases, which are B2CuZr, Cu10Zr7 and Cu2ZrAl, formed.
B2CuZr crystallizes first from the Cu50Zr50 supercooled liquid regardless of the under-
cooling [148]. Thus, one can expect that B2CuZr also precipitates from the supercooled
Cu44Zr44Al8Hf2Co2 liquid. The XRD results corroborate this assumption (Fig. 5.4.26).
All crystallized samples consist of mainly B2CuZr, since its reflections have the highest
intensity. At the later stage of crystallization, Cu10Zr7 and Cu2ZrAl appear. Since the
B2CuZr phase seems to crystallize at first from the Cu44Zr44Al8Hf2Co2 supercooled liquid,
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Figure 5.4.26: XRD pattern of fully crystallized Cu44Zr44Al8Hf2Co2 after ESL measure-
ments and after FA at two different heating rates (20K/s and 150K/s). The temperature
at which the crystallization started was Trx= 0.81 for the ESL specimen and Trx= 0.76
and Trx= 0.81 for the specimens after FA at a rate of 23K/s and 150K/s, respectively. All
crystallized samples exhibit identical phases.
regardless if it is heated or cooled, most likely another effect is responsible for the different
velocities of the thermal front.
A different experimental setup is used during ESL and flash-annealing: During ESL
measurements the supercooled liquid is levitated by means of the electrostatic field and
radiative cooling leads to a temperature decrease of the liquid specimen until crystallization
sets in. In contrast, the specimen is continuously heated during flash-annealing. Several
works [387, 388, 389, 390] suggest that an alternating magnetic field causes magnetic steering
within the supercooled liquid and hence can enhance the crystal growth rate. However,
an influence of the front velocity could be only detected when a magnetic field with an
amplitude of at least 10T was used [387, 388, 389]. The present flash-annealing setup
provides a relatively small magentic field with an amplitude of 10mT. Furthermore, Galenko
et al. have estimated that the convective flow due to the magnetic field is on the order of
1m/s for pure Ni at relatively small undercoolings [391]. Since this is comparable to the
dendrite growth speed of Ni, it distinctly increases the growth rate. Nevertheless, one can
neglect the effect of magnetic steering on the growth rate for pure Ni at an undercooling
larger than of 100K due to the increasing viscosity of the supercooled liquid [391]. The
viscosity of pure Ni at an undercooling of 100K is 5.7mPa·s [392], whereas the viscosity of
a Zr-based multicomponent alloy similar to the present Cu-Zr-Al-based is expected to be
about two magnitudes higher at a similar undercooling [393, 394]. Magnetic steering, thus,
197
5.4. CRYSTALLIZATION OF BMGS DURING FLASH-ANNEALING
cannot increase the front velocity during flash-annealing.
In levitation experiments one assumes that the thermal front represents the solid-liquid
interface and its speed is taken to be the actual growth rate [119, 135, 136, 141, 142, 143, 395].
If this is the case, then a crystallization mechanism must be present, which is only active
on fast heating and results in significantly faster growth rates. Cu44Zr44Al8Hf2Co2 is a
glass-forming composition, whose crystallization mechanism is diffusion-controlled at large
undercoolings [141, 385] and according to literature, there is no sign of a change during
heating.
Reheating a BMG yields a larger number of crystals than during solidification as the
paragraph on nucleation has shown. Therefore, it is plausible that the uniform distributed
crystals are responsible for the higher interface velocity and this aspect is in the focus of what
follows. In ESL experiments, the solidification front velocity is taken as the crystal growth
rate. The recorded thermal front is approximated by the envelope of dendrite tips, which
start to grow from one nuclei at the surface [119, 143]. When the Cu-Zr-Al-based samples
are flash-annealed, uniformly distributed B2CuZr crystals precipitate in the supercooled
liquid as Tx is passed. The thermal front was always observed at higher temperatures,
regardless the heating rate (Fig. 5.4.24a and Table 5.4.5). In other words, a substantial
number of crystals is already precipitated uniformly within the heated specimen by the
time the thermal front creates. Otherwise the uniform B2CuZr BMG composites cannot
result. Fig. 5.4.27 depicts this process schematically.
Crystals begin to grow faster at the bottom-corner of the rod or near to it, most likely
due to a thermal gradient caused by the skin effect and due to a slightly inhomogeneous
magnetic flux density within the coil (Fig. 5.4.27a). Since the spatial resolution of the
present high-speed camera is limited, it cannot distinguish between the envelope of each
crystal. Thus, the camera perceives an overall envelope of all crystals big enough to release
sufficient and hence detectable latent heat. The boundary of the overall envelope can be
described by a thermal front, which consequently emerges at the corners of the rod or
near to it. The released heat is dissipated towards the colder top region of the rod and its
interior, due to the thermal gradient of the specimen. The dissipated heat stimulates the
growth of various crystals located in the vicinity of the thermal front, which again release
heat during their growth accompanied by an overall temperature increase of the specimen.
The thermal front advances through the sample (Fig. 5.4.27b).
The front, which the camera records, is caused by thermal diffusion resulting from the
growth of multiple crystals and is obviously faster than atomic diffusion. In other words, the
thermal front propagates faster than B2CuZr crystals grow. Therefore, the thermal front
measured during the flash-annealing experiments has a significantly higher velocity. Crystals
continue to grow behind this thermal front, impinge, and ultimately form a fully crystalline
microstructure. With increasing time, the crystalline areas coalesce. In addition, one should
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Figure 5.4.27: Schematic illustration of the microstructural evolution of flash-annealed
specimens as the crystallize. When the heat front appears, many crystals (light grey filled
circle) have already formed from quenched-in nuclei and are uniformly distributed within
the glass. a) Localized growth commences in opposite corners of the rod. The temperature
increases in their vicinity (light red) due to heat release, which entails faster crystal growth.
b) Owing to fast thermal diffusion, the heat front moves faster than the solid-liquid interface
of each crystal. c) At a later stage of crystallization, the crystals impinge in a large volume,
and the heat front has almost crossed the sample.
observe a gradient microstructure ahead of the fully crystalline region (Fig. 5.4.27c). In
order to verify this phenomenon, a specimen is quenched during the propagation of the
thermal front. The specimens had a height of 4 mm (Fig. 5.4.24). Since the thermal front
advances at a relatively high speed through the sample and a certain duration is required
until the sample is quenched, it is impossible to freeze-in such a gradient microstructure.
Therefore, to avoid complete crystallization of the sample, a sufficiently long rod (40 mm in
height) with an identical diameter was flash-annealed. Consequently, more time is available
to freeze-in such a gradient microstructure caused by the propagating thermal front. Fig.
5.4.28 depicts an optical micrograph of the longitudinal section of the corresponding rod.
The bottom part of the rod is fully crystalline and spherical crystals are abundantly
present ahead of the closed solid-liquid interface. The crystals become smaller and sparser
towards the top of the quenched sample. Moreover, the diffuse region with a higher volume
content of the crystals moves faster near the surface of the rod (v-shape profile) as a result
of the skin effect. Fig. 5.4.28 proves that the growth of crystals in the flash-annealed glass
occurs already a few hundred micrometers ahead of the diffuse region that separates the
fully crystalline region from the composite region. The thermal front observed during the
crystallization of flash-annealed BMGs results from the fast release of heat, which is caused
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Figure 5.4.28: Optical micrograph of the longitudinal section of a Cu44Zr44Al8Hf2Co2 rod
with a diameter of 4.5 mm and a height of 40 mm. It was quenched when the heat front (Fig.
5.4.24) had not fully traversed the sample length (ϕ = 206± 20K/s, Tej = 1080± 20K).
A black dashed line highlights a pronounced microstructural gradient. The bottom is fully
crystalline and above this region a diffuse transition zone consisting of impinged crystals
can be observed. Crystals which are present farther away from the fully crystalline region
are smaller (inset).
by the collective growth of crystals in confined volumes. These crystals stimulate the growth
of further crystals which are located in their immediate surrounding. The measured velocity
of the thermal front depends on the number and distribution of crystals, thermal gradients
and of course the steady-state growth velocity of the crystals themselves. At the reduced
temperatures T1 = 0.78, indicated in Fig. 5.4.23, the growth rate of B2CuZr crystals is
lower than at T2 = 0.82 and seems to be reflected in the velocity of the thermal front.
The larger B2CuZr crystals depicted in Fig. 5.4.20d originate from the higher ejection
temperature, which is equal to a longer duration for growth, and the corresponding higher
growth rate measured by ESL. Thus, by selecting the heating rate, one determines how
fast the crystals will grow (Fig. 5.4.20). The heat front measured in the flash-annealing
experiments is faster and does not equal the crystal growth rate as it is measured in ESL
experiments.
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5.4.3 Mechanical behaviour of Cu44Zr44Al8Hf2Co2 BMG composites
Introducing a crystalline phase into BMGs is a suitable measure to increase its plasticity
or to even generate ductility in tension. A ductile crystalline phase is incorporated
into a glass to maximize the increase in ductility of the composite while minimizing
the associated decrease in its yield stress. If the volume fraction of the crystalline phase
is sufficiently high, the resulting BMG composites can exhibit both benefits, which are
required for a structural application material: high strength originating from the glass and
plasticity caused by ductile crystalline particles [32, 33, 266]. Cu-Zr-based BMG composites
are of high interest in that respect, since they exhibit in addition to high strength and
plasticity, a distinct work-hardening behaviour [266, 267]. The B2CuZr shape-memory
phase undergoes a deformation-induced martensitic transformation from the cubic B2CuZr
to the monoclinic B19’CuZr structure (subsection 3.4), which imparts a work-hardening
capability [33, 34, 36, 37, 38, 39, 40].
As a first step in designing the mechanical properties of BMG composites, it shall
be clarified, whether BMG composites prepared by flash-annealing, show a considerable
improvement in plasticity. Only Cu44Zr44Al8Hf2Co2 BMG composites are prepared and
mechanically tested in the course of the current work. The potential to tailor BMG
composites and hence design their mechanical properties by means of flash-annealing shall
be unraveled. BMG composites with different size and volume fraction of the B2CuZr
crystals are prepared and their mechanical properties are determined.
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Figure 5.4.29: Characteristics of Cu44Zr44Al8Hf2Co2 BMG specimens flash-annealed at
two different heating rates (40K/s and 180K/s) to various temperatures above Tx. a)
Temperature-time curves with indicated heating rates and ejection temperatures. b) XRD
pattern of the as-cast BMG prior to flash-annealing, partially and almost fully crystallized
samples.
Cu44Zr44Al8Hf2Co2 BMG specimens with a diameter of 4.5mm and a height of 9mm
were flash-annealed at two heating rates (≈ 38K/s and ≈ 180K/s) to various temperatures
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and Fig. 5.4.29a depicts the temperature-time curves. Both heating rates are sufficiently
high and the ejection temperatures are above Tx, so that B2CuZr crystallizes, which
is metastable at these temperatures (subsection 5.4.1). Fig. 5.4.29b depicts the XRD
patterns of the corresponding specimens. All patterns, except for the fully amorphous
as-cast specimen, show sharp crystalline reflections of B2 CuZr which superpose the broad
diffraction maxima of the glass. B2 CuZr BMG composites were prepared by flash-annealing.
Higher ejection temperatures lead to a higher volume fraction of the crystalline phase.
Thus, the broad diffraction maxima of samples heated to higher ejection temperatures is
less pronounced (Fig. 5.4.29b).
The microstructure of the B2 CuZr BMG composites prepared at a heating rate of about
37 K/s is shown in Fig. 5.4.30.
Figure 5.4.30: Microstructure of flash-annealed Cu44Zr44Al8Hf2Co2 BMGs. They were
heated at similar rates to different ejection temperatures, Tej above Tx. a) SEM-image
shows the microstructure of the BMG flash-annealed at 43K/s to 882K. Small B2CuZr
particles with an average size of about 2 μm in diameter are pesent as b) the corresponding
particle size distribution (PSD) depicts. c) Bigger crystals are present when the BMG
was flash-annealed at 33K/s to 908K. They have a size of about 3 μm, according to the
appendant PSD (d). The SEM images and PSDs were obtained from the edge regions near
the surface of the sample (Fig. 5.4.10a). The volume fraction and average particle size in
diameter are given in Table 5.4.7.
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Finely dispersed B2CuZr particles with a size of about 2 µm in diameter crystallize as
the BMG specimen is flash-annealed at 43K/s to 882K, which is directly near Tx (Figs.
5.4.30a and b). If the ejection temperature, Tej, is higher than Tx, larger B2CuZr crystals
can grow as in the case of the specimen flash-annealed 33K/s to 908K (Figs. 5.4.30c).
The corresponding particle size distribution (PSD) shows that that their average size is
about 3 µm across the diameter. As mentioned in subsection 5.4.2, the ejection temperature
determines the size of the B2CuZr crystals. If Cu44Zr44Al8Hf2Co2 BMGs are flash-annealed
at about 180K/s, higher temperatures leading to faster crystal growth rates are accessed.
Fig. 5.4.31a displays the microstructure of the B2CuZr BMG composite prepared at a
heating rate and Tej of 215K/s and 941K, respectively. Small crystals with an average size
of about 2 µm precipitate from the supercooled liquid (Fig. 5.4.31b), since Tej is very near
to Tx. In contrast, flash-annealing of the same specimen at 167K/s to 948K leads to the
crystallization of larger B2CuZr particles with an average size of 9 µm in diameter (Figs.
5.4.31c and d).
The number and particularly the size of the crystals determine the volume fraction,
which was determined from SEM images and from calorimetric measurements. Fig. 5.4.32
shows the DSC curves of the as-cast and the flash-annealed BMGs, and the characteristic
temperatures, Tg and Tx are indicated by arrows.
Table 5.4.6: Calorimetric data of as-cast and flash-annealed Cu44Zr44Al8Hf2Co2 specimens.
The glass-transition temperature, Tg, crystallization temperature, Tx, and crystallization
enthalpy, ∆Hx, were determined at a heating rate of 40 K/min. Typical errors for the
determination of Tg and Tx are ± 2K and ± 2 J/g for ∆Hx. The volume fraction of the
B2CuZr phase, VV,B2, was determined from the ∆Hx and calculated from SEM images. 15
images of a region near the surface of the specimens were taken and evaluated.
ϕ Tej Tg Tx ∆Hx VV,B2(DSC) VV,B2(SEM)
K/s K K K J/g vol.% vol.%
as− cast 713 788 58 0 —
43± 5 882± 5 715 791 57 1.7± 1.0 1.0± 0.3
33± 5 908± 5 714 789 55 5.2± 1.0 7.3± 2.1
215± 10 941± 5 711 792 57 1.7± 1.0 0.9± 0.3
167± 10 948± 5 716 789 52 10± 1.0 13.7± 10.9
182± 10 1036± 5 — — 0 — —
The volume fraction was determined from the crystallization enthalpy, ∆Hx. Table 5.4.6
lists the characteristic temperatures, the heating rate, ϕ, ejection temperature, Tej, ∆Hx,
and volume fraction of the B2CuZr phase, VV,B2 for the as-cast and flash-annealed BMGs.
As the BMG is flash-annealed to higher ejection temperatures, an increasing volume fraction
of the B2CuZr phase crystallizes from the supercooled liquid. Therefore, BMG composites
prepared at a higher Tej have a lower volume fraction of the amorphous phase which is
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Figure 5.4.31: Microstructure of flash-annealed Cu44Zr44Al8Hf2Co2 BMGs. They were
heated at rates of 215 and 167K/s to different ejection temperatures above Tx. a) SEM-
image shows the microstructure of the BMG flash-annealed at 215K/s to 941K. Small
B2CuZr particles with an average size of about 2 μm in diameter are pesent as b) the
corresponding particle size distribution (PSD) depicts. c) Larger crystals are present when
the BMG was flash-annealed at 167 K/s to 948 K. They have a size of about 9 μm, according
to the appendant PSD (d). The SEM images and PSDs were obtained from the edge regions
near the surface of the sample (Fig. 5.4.10a). The volume fraction and average particle size
in diameter are given in Table 5.4.7.
reflected in a lower ΔHx.
The volume fraction of the B2 CuZr phase affects the mechanical properties of the BMG
composite as will be discussed in the following. The true stress-strain curves of the flash-
annealed BMG samples, which were subjected to uniaxial compression, are shown in Fig.
5.4.33. The as-cast state is inherently brittle and the glass fails immediately after the elastic
stage (fracture strength in compression, σf,c = 1850 ± 50MPa). The specimen heated
at 43K/s to 882K has about 1 vol.% of B2CuZr crystals with an average size of 2 μm in
diameter. The crystalline volume fraction of the specimen is extremely low, so that the
yield strength is only marginal reduced and almost no plastic strain (0.11 ± 0.01%) can
be observed during compression testing [46]. The true stress-strain curve merely begins to
buckle before the specimen fractures, since the crystals are too small and too widely spaced.
204
CHAPTER 5. RESULTS AND DISCUSSION
650 700 750 800 850
 
Ex
ot
he
rm
ic
 h
ea
t f
lo
w
 [a
.u
.]
Temperature [K]
882 K
908 K
1036 K
948 K
941 K
as-cast
TxTg
Figure 5.4.32: DSC traces of as-cast and flash-annealed Cu44Zr44Al8Hf2Co2 BMG speci-
mens at a heating rate of 40K/min. The glass-transition temperature, Tg, and crystallization
temperature, Tx, are indicated. The ejection temperature of the flash-annealed BMGs,
which exhibit a lower or no crystallization enthalpy due to previous partial or complete
crystallization of B2CuZr crystals, respectively, is also given.
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Figure 5.4.33: True stress-strain curves of flash-annealed Cu44Zr44Al8Hf2Co2 BMGs.
They were heated at two major rates to various temperatures above Tx (Fig. 5.4.29), so
that B2CuZr crystals can form. Samples heated to higher ejection temperatures show
enhanced plastic strain due to an increasing crystalline volume fraction of B2CuZr. The
sample heated to 1036K shows pronounced work-hardening.
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In contrast, about 7 vol.% of B2CuZr is present in the composite, which was prepared at
a heating rate and Tej of 33K/s and 908 K, respectively. It exhibits more than 2.5% plastic
strain and a high yield strength (σy,c = 1657 ± 50MPa) under compressive loading. The
specimen flash-annealed at 215K/s to 941K contains B2 crystals with an average diameter
of 2 µm and a resulting volume fraction of the B2CuZr phase of 1 vol.%. Similar to the
specimen heated at 43K/s, the corresponding true stress-strain curve shows lower plastic
strain of about 2% and a high yield strength (σy,c = 1667 ± 50MPa). Flash-annealing a
BMG specimen at 167K/s to 948K leads to a composite microstructure with about 14 vol.%
of B2CuZr crystals with average sizes of about 9 µm. In that case, a plastic strain of more
than 10% and a high yield strength of σy,c = 1630 ± 50MPa result. Table 5.4.7 lists the
heating rate, ejection temperature, volume fraction and average size of the B2CuZr crystals,
the yield and fracture strength, and the plastic strain of the as-cast and the flash-annealed
Cu44Zr44Al8Hf2Co2 BMGs.
Table 5.4.7: The microstructure of BMG specimens heated at different heating rates to
temperatures above Tx. The heating rate, ϕ, ejection temperature, Tej , yield strength, σy,c,
fracture strength, σf,c, pastic strain, εpl, the average diameter, dave, and volume fraction
of the B2CuZr crystals, VV,B2, are given. The volume fraction is determined from SEM
images and calorimetric measurements.
ϕ Tej dave VV,B2 σy,c σf,c εpl
[K/s] [K] [µm] [vol.%] SEM [MPa] [MPa] [%]
as− cast — — — — 1850± 50 —
43± 5 882± 5 2.5± 0.2 1.0± 0.3 1823± 50 1860± 50 0.11± 0.01
33± 5 908± 5 3.9± 0.7 7.3± 2.1 1657± 50 1831± 50 2.52± 0.01
215± 10 941± 5 2.1± 0.1 0.9± 0.3 1667± 50 1861± 50 1.89± 0.01
167± 10 948± 5 8.7± 3.9 13.7± 10.9 1630± 50 1853± 50 10.49± 0.01
182± 10 1036± 5 — — 1040± 50 1883± 50 4.09± 0.01
The volume fraction determines the plastic strain and yield strength [39, 40]. Furthermore,
the size of the B2CuZr crystals affects additionally the plastic strain, as the present results
show. If the particles are sufficiently large to interact effectively with propagating shear
bands and to stimulate the formation of new ones, plastic strain results as in the case of
the BMG composite prepared at 167K/s. The larger and less widely-spaced B2 crystals
are capable of deflecting and even blocking shear bands or microcracks. In contrast, the
microstructure of the specimen flash-annealed at 33K/s is comprised of B2CuZr crystals,
which are still too small to effectively hinder the propagation of shear bands and stimulate
the formation of multiple shear bands (Fig. 5.4.34). Several microcracks, which developed
from shear bands, are deflected by the B2 particles and pass them. Multiple secondary shear
bands branch from the microcracks and are blocked by the B2 particles (Fig. 5.4.34b-d).
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Figure 5.4.34: Interaction of shear bands and microcracks with B2 CuZr particles. A BMG
specimen was heated at 33K/s to 911K and the B2 particle size and crystalline volume
fraction are comparable to the specimen flash-annealed at 33 K/s to 908 K. a) Microcracks
propagate through the composite volume. They are deflected and only insufficiently blocked.
b) Multiple shear bands and microcracks are deflected and blocked by B2 particles. c)
Microcracks bypass B2 particles and are blocked which is indicated by the red arrows. d)
Two B2 particles deflect microcracks and block secondary shear bands.
Fig. 5.4.35a and b depict SEM images of the lateral surface of the as-cast and the BMG
composite prepared at 167K/s, respectively. While the surface of the as-cast specimen is
smooth and only one shear band is visible, the surface of the BMG composite with 14 vol.%
B2CuZr is heavily jointed due to the formation of a high density of shear bands (Fig.
5.4.35b).
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Figure 5.4.35: Lateral surfaces of as-cast and BMG previously flash-annealed at 167 K/s
to 948 K after compression. The surface of the as-cast BMG is smooth and only one primary
shear-band, whose propagation most likely leads to catastrophic faillure, can be observed.
In contrast, the surface of the flash-annealed BMG shows an array of parallel primary
shear-bands. The corresonding specimen has a volume fraction of about 14 vol.% B2 CuZr
crystals with an anverage size of about 10 μm. The high density of shear bands proves the
plastic deformation.
Secondary shear bands intersect the array of primary shear bands, as Fig. 5.4.36 depicts.
Crystalline particles do not only confine the propagation of shear bands, but also facilitate
their formation at the crystal-glass interface [32, 35]. In this way, energy is consumed and
the stress in front of the shear band is reduced, so that more shear bands can be formed,
which causes large macroscopic plastic strain.
Although the BMG composite prepared at 167K/s exhibits relatively large plasticity
when subjected to compressive loading, instead of the expected work-hardening overall
work-softening occurs. The volume fraction of B2CuZr precipitates does not seem to be
sufficiently uniformly distributed within the specimen, as Fig 5.4.37 illustrates. At one side
of the lateral section (edge1), only 2± 1.3 vol.% of the B2 CuZr crystals, with a an average
size of 3.6± 0.74 μm are present. In contrast, at the opposite side (edge2) 13± 5.8 vol.% of
precipites with an average size of 10.2± 2.85 μm can be found. The cooling rate is lowest
in the centre of the sample, and thus the highest VV,B2 of 27± 12.5 vol.% follows. The
particles have an average size of about 12± 4.3 μm. Table 5.4.8 lists the volume fraction
and particle size for all regions, and Fig. 5.4.38 depicts SEM images of the corresponding
microstructure and histograms of the PSD. It seems that the overall volume fraction is not
high enough to cause a pronounced work-hardening behaviour. This specimen represents
one exception to the otherwise uniform composites.
208
CHAPTER 5. RESULTS AND DISCUSSION
Figure 5.4.36: High density of shear bands formed at the lateral surface after compressive
fracture of the Cu44Zr44Al8Hf2Co2 BMG specimen flash-annealed at 167K/s to 948K. a)
Heavily jointed and even corrugated lateral surface, which shows an array of primary shear
bands. b and c) Multiple secondary shear bands intersect previously formed primary shear
bands.
Figure 5.4.37: Area fraction determined from SEM images, and particle size of B2 CuZr
crystals within the longitudinal section of the Cu44Zr44Al8Hf2Co2 BMG flash-annealed
at 167K/s to 948K. The area fraction is addressed as volume fraction in the text of this
paragraph. The longitudinal section of the specimen is divided into regions as displayed in
Fig. 5.4.10.
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Table 5.4.8: Overview of the volume fraction of B2CuZr crystals, VV,B2 , and their
average particle size, dave, as a function of the location within the lateral section of a
Cu44Zr44Al8Hf2Co2 BMG flash-annealed at 167 K/s to 948K.
edge1 intermediate1 centre intermediate2 edge2
VV,B2 [vol.%] 2.3± 1.25 3.9± 1.79 26.7± 12.45 22.3± 7.95 13.2± 5.81
dave [μm] 3.6± 0.74 5.5± 1.68 12.1± 4.28 12.0± 4.00 10.2± 2.85
Figure 5.4.38: SEM micrographs and histograms of the coresponding PSD of different
regions of the longitudinal section of the Cu44Zr44Al8Hf2Co2 BMG flash-annealed at 167 K/s
to 948 K. The size of the B2 CuZr crystals is clearly dependent on the location within the
specimen. a), b), and c) depict SEM images from the edge1-, centre-, and edge2-region. d),
e), and f) show the appendant PSDs.
Pauly et al. [39] have studied the the mechanical properties of Cu47.5Zr47.5Al5 B2CuZr
BMG composite as a function of the volume fraction. In their case B2CuZr crystal with
a size in the range of hundreds μm are present. BMG composites with a volume fration
of about 30 vol.% show the largest plastic strain of 13% and high fracture stress of about
1250MPa. The present BMG composite which only consists of 14 vol.% of the B2CuZr
crystals, shows a comparable plastic strain and a much higher yield strength of 1630 MPa.
This is quite remarkable, especially when one considers the gradient microstructure. In
other words, although the B2CuZr particles are not perfectly distributed in a uniform
fashion, considerable plastic strain can be achieved. The present results prove the potential
of designing the mechanical properties of BMG composites by means of flash-annealing.
Flash annealing of a Cu44Zr44Al8Hf2Co2 BMG specimen at a comparable rate of 182 K/s
to an even higher temperature of 1036K leads to its complete crystallization. The whole
volume fraction of the supercooled liquid crystallized to B2 CuZr as the XRD pattern (Fig.
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5.4.29b) and DSC curve (Fig. 5.4.32 and Table 5.4.6) show. Since no glassy phase is present
after the specimen was quenched, there is no glass transition and crystallization event
during subsequent heating. Fig. 5.4.39 depicts the microstructure of the B2 CuZr-composite,
which consists of crystals with a size of about 10 μm.
Figure 5.4.39: SEM image of the microstructure of a Cu44Zr44Al8Hf2Co2 BMG flash-
annealed at 182K/s to 1036K. The microstructure is fully crystalline and consists of
B2 CuZr crystals, which have a uniform size.
The yield stress (σy,c = 1040 ± 50MPa) of the fully crystalline specimen is significantly
lower than the BMG composites, but pronounced work-hardening can be observed. It
results from the deformation-induced martensitic transformation of the B2CuZr phase
[41, 46, 266]. The yield and fracture strength are dramatically higher than known from
crystalline counterparts, which show a yield strength of about 490 MPa [39]. More crystals
emerge due to the higher nucleation rate and grow more at a lower crystal growth rate.
Thus, a relatively fine-grained microstructure results (Fig.5.4.40). Due to the higher volume
fraction of the grain boundary, dislocation movement is effectivelly hindered and the high
yield strength results, as is known from the Hall-Patch relationship [9].
In the following, it shall be furthermore demonstrated that BMG composites obtained
by flash-annealing show ductility in tension. Therefore, a thin tensile test specimen with
a thickness of about 120 μm was prepared from a flash-annealed BMG rod and subjected
to tension. Fig. 5.4.41a displays the tensile true stress-strain curve. The BMG rod was
flash-annealed at 140 K/s to 897 K prior to testing. The obtained composite microstructure
consists of uniformly dispersed B2 particles (Fig. 5.4.41b). Their average diameter is about
9 μm and the resulting volume fraction of about 22 vol.% are in a range where significant
ductility and work-hardening should be observed (Fig. 5.4.41c) [39]. Unfortunately, the
true stress-strain curve (Fig. 5.4.41a) is not complete, since the measurement had to be
terminated after the tensile specimen began to slip in the grips.
The true stress-strain curve of the as-cast glassy specimen is inherently brittle, yet it
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Figure 5.4.40: Schematic illustration depicts how nucleation and crystal growth rates
affect the resulting crystalline microstructure. a) During solidification of the melt, low
nucleation rates, I, and large crystal growth rates, u, are present. b) Flash-annealing of
BMGs leads to the preparation of very-fine grained crystalline microstructures, owing to
high I and low u. Blue and green coulour indicates the liquid and solid phase, respectivley.
buckles slightly, before fracture occurs at about 1440 MPa. This buckling can be ascribed to
the comparatively low machine stiffness of the testing device. The stiffness is not sufficient
at loads above about 100 MPa, and also affects the true stress-strain curve of the B2 CuZr
BMG composite, which begins to slip at 1295MPa for a short duration. From 1362MPa
up to 1671MPa, there is no slipping and the specimen deforms plastically. Fig. 5.4.42a
depicts SEM images of the lateral surface of the tensile specimen. A high density of parallel
shear bands proves the plastic deformation. They propagate perpendicular to the loading
direction and are arrested by spherical B2 particles. In addition new shear bands seem to
initiate at the crystal-glass interface (Fig. 5.4.42b, red arrow).
After a plastic strain of 4.72%, continued slipping occurs and the measurement was
aborted. Despite the testing obstacles, work-hardening and ductility can be observed from
the true stress-strain curve (Fig. 5.4.41a). This preliminary result proves that ductility can
be achieved by flash-annealing BMGs.
So far, the deformation mechanism of BMG composites has been discussed. Crystalline
particles are incorporated into the glass to constrain the shear band propagation. Shear
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Figure 5.4.41: Tensile properties of a Cu44Zr44Al8Hf2Co2 BMG specimen flash-annealed
at 140 K/s to 897 K. a) Computer-tomographical scan of a tensile specimen. The geometry
can be found in the experimental section. b) True stress-strain curves of an as-cast and the
flash-annealed specimens with a thickness of about 120 μm. The specimens were prepared
from 4.5 mm BMG rods with a length of 40 mm. One rod was previously flash-annealed at
140 K/s to 897 K. c) SEM depicts the uniform microstructure of the BMG composite with
22.1± 2.2 vol.% of B2 CuZr crystals. d) The histogram shows that the average size of the
particles is 9± 2.2μm in diameter. The flash-annealed tensile specimen continued to slip
above 1660 MPa and the measurement was aborted. Nevertheless ductility, coupled with a
high yield strength, and even work-hardening can be observed.
bands branch when propagating towards a crystal. They can be also deflected or even
arrested by precipitates [32, 33, 266]. Ductile crystals like B2CuZr crystals additionally
facilitate the initiation of new shear bands, enabling their proliferation, which indicates
plasticity [9]. Crystals can be seen as heterogeneties on a μm-scale. As already mentioned in
subsection 5.4.3, heterogeneities also exist on a nm-scale. Following the results of subsection
5.3.2 on deformation-induced nanocrystallization of sub-Tx flash-annealed BMGs, one could
also expect nanocrystals in the amorphous matrix of B2 BMG composites after deformation.
BMG composites prepared at a higher heating rate should exhibit larger nanocrystals, since
the corresponding BMG was flash-annealed to higher ejection temperatures. The glass
should then contribute more to larger plasticity of the BMG composite.
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Figure 5.4.42: Lateral surfaces of a Cu44Zr44Al8Hf2Co2 MG previously flash-annealed at
140K/s to 897K after tension. a) A high density of shear bands marked by a horizontal
black arrow can be observed. They propagate perpendicular to the loading direction,
interact with the darker spherical B2 particles (vertical black arrow), and prove the plastic
deformation of the BMG composite. b) B2 particles arrest propagating shear bands and
new shear bands (red arrow) initiate due to their plastic deformation at the crystal-glass
interface.
In the following, two BMG composites with different volume fractions of the B2CuZr
phase are deformed and subsequently investigated by means of TEM. In order to rule out
which deformation mechanism contributes to which extent to the plasticity, the B2CuZr
BMG composite prepared at the higher heating rate, has a lower volume fraction of the
B2 CuZr phase.
Fig. 5.4.43a and b depict the microstructure and corresponding PSD of a Cu44Zr44Al8Hf2Co2
BMG specimen flash-annealed at 39 K/s to 909 K. Small B2 CuZr particles with an average
size of 3 μm in diameter crystallized. Flash-annealing a BMG specimen of identical compos-
ition at 172 K/s to 945 K leads to the preparation of a composite which is comprised of B2
particles with identical size (Fig. 5.4.43c and d).
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Figure 5.4.43: Microstructure of flash-annealed Cu44Zr44Al8Hf2Co2 BMGs. a) SEM-image
shows the microstructure of the BMG flash-annealed at 39K/s to 909K. Small B2CuZr
particles with an average size of about 4 μm in diameter are pesent as b) the corresponding
particle size distribution PSD depicts. c) Microstructure of a BMG composite prepared
at 172K/s and 945K. d) They have an average size of about 3 μm in diameter as the
appendant PSD proves.
Although both BMG composites consist of similarly large B2 CuZr crystals embedded in
the glass, the crystalline volume fraction differs considerably. Owing to transient nucleation
(see subsection 5.4.2), the specimen heated at 172 K/s shows less crystals, so that a VV,B2
of only 0.4 vol.% results. In contrast, the BMG composite prepared at 39 K/s has a higher
number of B2CuZr crystals, which results in a VV,B2 of 3 vol.%. The plastic strain and
yield strength correlate with the crystalline volume fraction as mentioned above. Fig. 5.4.44
shows the true stress-strain curves of both BMG composites. The specimen prepared at
172K/s has a lower volume fraction of the B2CuZr phase, so that its plastic strain of
0.99% is less and yield strength of 1670 MPa is higher than the one of the BMG specimen
flash-annealed at 39K/s (1.49%, 1655MPa). Table 5.4.9 lists the heating rate, ejection
temperature, average size and volume fraction of the B2 CuZr crystals, yield and fracture
strengths, and plastic strain of both BMG composites.
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Figure 5.4.44: Section of the true stress-strain curves of Cu44Zr44Al8Hf2Co2 BMGs flash-
annealed at 39K/s and 172K/s to 909K and 945K. The BMG specimen heated at the
lower rate has a lower yield strength but larger plastic strain (1655MPa, 1.49%) than the
one heated at 172K/s (1670MPa, 0.99%).
Table 5.4.9: Overview of the heating rate, ϕ, ejection temperature, Tej , average size, dave,
and volume fraction of B2CuZr crystals, VV,B2 , the yield and fracture strength, and plastic
strain of two BMG composite samples subjected to compression.
ϕ Tej dave VV,B2 σy,c σf,c εpl
[K/s] [K] [µm] [vol.%] SEM [MPa] [MPa] [%]
39± 5 909± 5 2.5± 0.5 3.0± 0.5 1655± 50 1590± 50 1.49± 0.01
172± 10 945± 10 2.0± 0.3 0.4± 0.3 1670± 50 1915± 50 0.99± 0.01
We could show that B2CuZr nanocrystals precipitate as flash-annealed Cu44Zr44Al8Hf2Co2
BMG specimens are deformed. These specimens were heated to temperatures of the SLR.
B2CuZr BMG composites are prepared by flash-annealing to temperatures above Tx, and
thus one could also expect deformation-induced nanocrystallization.
Fig. 5.4.45a depicts a HEXRD pattern of a Cu44Zr44Al8Hf2Co2 BMG composite which
was prepared at a heating rate and ejection temperature of 67K/s and 916K, respectively.
Sharp reflections, which can be attributed to the B2CuZr phase, superimpose the broad
diffraction maxima. Thus, the BMG composite is comprised of B2CuZr crystals and the
glass. The amorphous matrix of this BMG composite is fully amorphous (Fig. 5.4.45b). No
nanocrystals are visible from the corresponding bright-field TEM image and SAED pattern,
which only shows diffuse diffraction rings (Fig. 5.4.45b, inset).
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Figure 5.4.45: Structural analysis of a Cu44Zr44Al8Hf2Co2 BMG composite which was
prepared at a heating rate and ejection temperature of 67K/s and 916K, respectively. a)
HEXRD pattern shows reflections of the B2CuZr phase, which superimpose the broad
amorphous diffraction peak. b) Bright-field TEM image of the amorphous matrix and the
respective SAED pattern confirm that the matrix is fully amorphous. No nanocrystals are
visible.
Fig. 5.4.46a depicts a bright-field TEM micrograph of the specimen flash-annealed at
39K/s to 909K and subsequently subjected to compression until fracture. The TEM
specimens of the deformed BMG composites are taken from regions far away of the fracture
surface. Darker entities, which are highlighted by blue arrows, and no shear bands are
visible. Two HRTEM images show the detailed structure of the darker entities (Fig. 5.4.46b
and c). One can clearly see lattice fringes. FFTs cannot be obtained due to the small size
of the crystals. The nanocrystals are clearly deformation-induced, since no nanocrystals
were present in the amorphous matrix prior to compression testing (Fig. 5.4.45). It is
interesting to note that the deformation-induced nanocrystals do form far away from the
shear bands. This is in contrast to deformed BMG samples, which were flash-annealed to
temperatures below Tx. There, B2 CuZr nanocrystals can be only found along shear bands
and in its near surrounding (section 5.3).
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Figure 5.4.46: TEM micrographs of the amorphous matrix of a Cu44Zr44Al8Hf2Co2 BMG
composite, which was prepared by flash-annealing at 39K/s to 909K. Afterwards it was
deformed in compression to fracture. a) Low-resolution TEM micrograph shows darker
entities with an average size (dave) of 5 ± 1.2nm in diameter. They are highlighted by
arrows. No shear bands are present. b) and c) depict HRTEM images of the former
highlighted regions. One can cleraly see ordered structures, which imply the presence of
nanocrystals.
This direct observation answers the previously addressed question of what forms first
during deformation: the shear band or nanocrystal. As Fig. 5.4.46 shows, the initiation and
propagation of shear bands does not cause the formation of nanocrystals. Local softening
of the shear modulus is the reason for the precipitation of deformation-induced nanocrys-
tals. This local softening causes atomic displacements, which entail the precipitation of
nanocrystals [34]. The nanocrystals grow from quenched-in nuclei (subsection 5.3.2). Pauly
et al. have observed B2 CuZr nanocrystals in a Cu47.5Zr47.5Al5 BMG subjected to tension
until fracture. Moreover B2 CuZr nanocrystals precipitate during the deformation of BMGs
of the same composition, which were flash-annealed to temperatures in the SLR. Therefore,
it is reasonable assume that the nanocrystals observed in Fig. 5.4.46 are as well of B2 CuZr.
Fig. 5.4.47a displays the bright-field TEM image of the composite, which was prepared
at a heating rate and ejection temperature of 172 K/s and 945 K, respectively, after fracture.
Again only nanocrystals are visible. Thus, they precipitated independent of shear bands
(Fig. 5.4.47a, marked by arrows).
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Figure 5.4.47: TEM micrographs of the amorphous matrix of a Cu44Zr44Al8Hf2Co2
BMG sample, which was flash-annealed at 172K/s to 945K, and afterwards deformed in
compression until fracture occurred. a) Low-resolution TEM micrograph shows multiple
elongated darker region with an average size of 18.9 ± 6.31nm in diameter. They are
highlighted by arrows. No shear bands are present. b) and c) depict HRTEM images of the
darker regions, which are nanocrystals. Some of these nanocrystals show a contrast typical
of twins.
They are perceptibly larger than the nanocrystals of the BMG flash-annealed to 909K
and in addition their number is higher. Quenched-in B2CuZr nuclei serve as sites for
the growth of nanocrystals during deformation. As the BMG is flash-annealed to higher
temperatures larger quenched-in nuclei result, which again give rise to larger nanocrystals
during subsequent deformation.
More nanocrystals precipitate during the deformation of the BMG composite, which was
prepared at the higher heating rate (172K/s). As already addressed in subsection 5.4.2,
less crystals grew from quenched-in and “fresh” nuclei, owing to transient nucleation, which
arises during flash-annealing at heating rates above 90K/s.
Thus, more subcritical nuclei remain in the amorphous matrix of the BMG composite,
and hence more nanocrystals can precipitate during deformation. The nanocrystals are
highlighted by red arrows, and Figs. 5.4.47b and c depict two selected ones at a higher
magnification. Both nanocrystals show a contrast which is typical of twins [34]. Twinning
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proves that the nanocrystals participated in the deformation of the BMG composite. Energy
is absorbed by twinning of deformation-induced CuZr nanocrystals and hence the shear
band and ultimately crack propagation can be hindered [258].
The present results also allow us to speculate which deformation mechanism contributes
more to plasticity: (1) deformation-induced nanocrystallization, or (2) interaction between
shear-bands and crystalline particles, which are incorporated into the glass. The BMG
composite, which was prepared at a heating rate and ejection temperature of 172K/s and
945K, respectively, has a lower volume fraction of B2CuZr crystals and more pronounced
deformation-induced nanocrystallization than the BMG composite prepared at 39K/s.
The composite which exhibits a more pronounced deformation-induced nanocrystallization
shows a lower plastic strain (0.99 ± 0.01%) than the specimen flash-annealed at 39K/s
(1.49± 0.01%). Consequently, it seems that the interaction between crystalline particles
and the shear bands contributes more to an increase in plasticity than deformation-induced
nanocrystallization. Of course, more specimens have to be tested to verify this assumption.
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6 Summary
The aim of the current thesis is to investigate structural changes of Cu-Zr-Al-based BMGs,
which arise when they are rapidly heated. For this purpose, a flash-annealing device
was succesfully developed. The flash-annealing process is comprised of rapid heating of
BMGs to a preset temperature followed by immediate quenching. The heating is caused by
electromagnetic induction and the current setup of the device is optimized for BMG rod
specimens with diameters up to 4.5mm. Relatively uniform and fast heating at rates ranging
between 16K/s and 200K/s precedes immediate quenching in a water bath. The effective
cooling rate is of the order of 103K/s and was estimated from solidification experiments
with the eutectic Al82.7Cu17.3 alloy. The quenching rate enables freezing-in of the structural
state of the specimens obtained and is absolutely vital for the investigation of the respective
changes, which occur as the BMG specimen is flash-annealed.
Heating of metallic glass transforms it to a supercooled liquid, which finally crystallizes.
Different structural states of the glass arise during flash-annealing and depend on the
temperature to which it is heated. Mainly two regimes can be distinguished: (1) sub-
Tx annealing and (2) crystallization. Two glass-forming compositions, Cu46Zr46Al8 and
Cu44Zr44Al8Hf2Co2 were selected to investigate the structural change during flash-annealing.
The as-cast state and different structural states of specimens, which were flash-annealed
to various temperatures below Tx, were thoroughly characterized. All specimens are
fully amorphous as was confirmed by means of HEXRD, DSC and TEM. However the
structural state of the glass changes during heating. Flash-annealing to temperatures below
the glass-transition temperature leads to structural relaxation accompanied by complete
embrittlement. DSC measurements show that the relaxation enthalpy, which is a measure
of the free volume or the disordering of the glass, was reduced with respect to the as-cast
BMG. Specimens rejuvenate as they are flash-annealed to temperatures of the supercooled
region (SLR) and subsequently quenched at higher rates than during the preparation of
the as-cast BMG. Consequently, they have a higher free volume content and thus are more
disordered. It seems that the free volume is concentrated in regions, whose size is less than
1 nm. They are termed free volume enhanced regions (FERs) and are prone to structural
reconfiguration. Therefore, FERs serve as initiation sites for shear bands, which are the
carrier of plastic deformation. As a consequence, BMGs flash-annealed to temperatures of
the SLR show an improved room-temperature plasticity, due to the presence of more FERs
giving rise to a proliferation of shear bands. Flash-annealing enables not only to probe the
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“free volume” or “disordering” in bulk metallic glasses (BMGs) for the first time, but also
allows us to understand how the MRO of Cu-Zr-Al-based metallic glasses develops during
flash-annealing:
The present results show that B2CuZr nuclei are quenched-in during the preparation of
BMGs (melt-quenching) and that flash-annealing stimulates their growth, which represents
an ordering process. Both processes, the ordering and disordering (rejuvenation), compete
as BMGs are continuously flash-annealed to temperatures below Tx. Quenched-in nuclei,
which are subcritical, can dissolve during heating at temperatures below Tg. However, the
majority seems to grow during heating, so that the MRO of flash-annealed BMGs can be
characterized by a “B2-like” clustering. With increasing heating duration, the ordering
intensifies, since, in contrast to as-cast BMGs, flash-annealed specimens exhibit deformation-
induced nanocrystallization. Nuclei transform to B2CuZr nanocrystals as flash-annealed
BMGs are deformed and contribute as well to an improved plasticity. Flash-annealing to
temperatures within the SLR leads to larger quenched-in nuclei and hence entails larger
deformation-induced nanocrystals. Due to the limited number of nanocrystals, which can
be only found in the near surrounding of shear bands, rejuvenation seems to contribute
more to the increased plasticity.
Flash-annealing of BMGs to higher temperatures does not lead to a higher degree
of rejuvenation, as calorimetric measurements show. Yet, the plastic strain increased.
Microhardness maps of the cross-section of BMGs, which were flash-annealed to sufficiently
high temperatures and subsequently quenched, indicate that the free volume is distributed
in a non-uniform manner on a macroscale. Compared to the as-cast BMG, whose hardness
map is rather uniform, BMGs flash-annealed to temperatures just below Tx, show a harder
central region and a softer region near the surface. Owing to the quenching, the region near
the surface is cooled faster than the central region of the specimen. Thus the central region
is relaxed, whereas the region near the surface is rejuvenated. The different free volume
contents of both regions seem to result in the formation of a compressive residual stress
field near the surface of the BMG specimens. This stress field hinders the propagation of
shear bands and hence appears to improve the plasticity.
BMGs with more structural heterogeneities, regardless whether they are on a nm-scale
(FERs and quenched-in nuclei) or µm-scale (residual stress field), exhibit larger plasticity,
since more shear bands are initiated and their propagation is also hindered.
If glasses are heated to temperatures above Tx, crystallization occurs. Flash-annealing
coupled with immediate quenching enables to induce partial crystallization and hence
the preparation of BMG composites. Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMGs were
flash-annealed at various heating rates, which range from 16K/s to about 200K/s. Tg and
Tx and the phases crystallized were identified for every heating rate, so that a continuous
heating transformation (CHT) diagram for both glass-forming compositions was success-
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fully constructed. The crystallization process changes with increasing heating rate from
eutectic (Cu10Zr7 and CuZr2) to polymorphic (B2CuZr) due to kinetic constraints. The
crystallization of the eutectic phases involves diffusion, which entails substantial incubation
time to precipitate compared to B2CuZr. Thus, the formation of the eutectic phase is
kinetically less favoured, so that the B2CuZr phase crystallizes from the flash-annealed
supercooled liquid at temperatures where it is still metastable. If the heating rate is high
enough, the formation of the low-temperature phases will be completely suppressed and
B2CuZr exclusively crystallizes. When the Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 BMGs
were flash-annealed above a critical heating rate of 40K/s and 16K/s, respectively, small
B2CuZr crystals uniformly distributed in the amorphous phase precipitate. The quinary
alloy, which was developed in the present work, shows a very stable B2CuZr phase region.
Counting of B2CuZr crystals enabled to investigate the nucleation kinetics. A compre-
hensive statistical analysis was carried out and it reveals that two nucleation regimes are
evident, neither of them obeying steady-state nucleation kinetics. At heating rates lower
than about 90K/s more crystals nucleate than predicted by the steady state nucleation
rate. Aside the formation of “fresh” nuclei, the growth of a large population of quenched-in
nuclei is activated on flash-annealing. At higher heating rates, transient effects arise,
which effectively slow down the nucleation kinetics. Flash-annealing of BMGs allows us to
investigate transient nucleation phenomena for the first time.
Once supercritical nuclei formed, crystal growth being diffusion-limited, sets in. The
crystallization temperature, which depends on the heating rate, determines how fast crystals
grow. A thermal front traverses the flash-annealed samples as is known from solidification
experiments of levitated supercooled liquids. Thereby, a thermal front, which is equivalent
to the solid-liquid interface, is observed. The thermal front velocity measured during flash-
annealing is one magnitude higher than the corresponding velocity of the front determined
from levitation experiments. Therefore, it is not the solid-liquid interface and results from
the heat release caused by the concerted growth of crystals in confined volumes. These
crystals stimulate growth in adjacent volumes owing to thermal diffusion. So far, no current
theory or heat flow model considers these unique phenomena arising during reheating of
metallic glass. It is especially of interest for systems containing a large number of crystals.
Nowadays the most common technique used to prepare BMG composites is melt-quenching.
Thereby, temperature gradients prevail, which make it very difficult, if not impossible to
obtain BMG composites consisting of uniformly distributed crystals and the glass. Flash-
annealing discloses new possibilities in the synthesis of BMG composites and design of
their mechanical properties. By selecting the heating rate and ejection temperature, the
crystallizing phase, its particle density, and size can be reproducibly tailored. Except
of a tedious re-melting treatment, no other procedure is capable of preparing uniform
BMG composites. Results on the mechanical properties of B2CuZr BMG composites
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obtained from flash-annealed Cu44Zr44Al8Hf2Co2 BMG specimens show that high strength,
significant plasticity, and even work-hardening can be obtained. Furthermore, nanocrystals
precipitate from stimulated quenched-in nuclei as BMG composites, which are prepared by
flash-annealing, are deformed.
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7 Outlook
The results of this work have not only contributed to the understanding of structural
changes within metallic glass arising from rapid heating, but also led to new questions,
which are addressed in the following. At the end of this thesis, BMG specimens were
crystallized and subjected to compression. The yield and fracture strength are much higher
than known from solidified crystalline counterparts. More crystals emerge due to the higher
nucleation rate and fine-grained microstructures can be designed.
At relativelty low heating rates, nanocrystalline materials could be prepared by flash-
annealing of the respective BMGs. The growth rate of different crystalline phases varies, so
that one future aspect could be the design of nanocrystalline materials with a bimodal size
distribution. However, this is only possible when the resistivity of the BMGs is sufficiently
high for rapid heating. Thus, the tedious synthesis associated with deformation and
subsequent recrystallization could be circumvented. Next to glasses, materials consisting of
completely metastable phases can be synthesized [325, 329].
Furthermore, flash-annealing experiments should be conducted for additional glass-forming
compositions like Ti-, Zr, Fe- or Ni-based alloys. The gained insights of flash-annealed
Cu-Zr-Al-based BMGs on crystallization kinetics should be also applicable for BMGs, which
devitrify in a different crystallization sequence. Therefore, it would be interesting to repeat,
for instance, the statistical nucleation analysis for BMGs in which quasicrystals, eutectics,
or just primary crystals form first during heating.
Flash-annealing represents a reproducible method to adjust the size and volulme fraction
of crystalline phases, so that the microstructure of BMG composites can be tailored. Thus
mechanical properties of BMG composites can be designed. A comprehensive investigation
correlating mechanical properties and microstructural parameters like the crystal size and
volume fraction should be carried out. Such a study could also contribute to enhance the
understanding of modeling the deformation behaviour of BMG composites.
Fluctuation electron microscopy (FEM) is a powerful tool to investigate the medium-
range order (MRO) of glasses [396]. Flash-annealing of Cu44Zr44Al8Hf2Co2 BMG specimens
stimulates the growth of quenched-in B2CuZr nuclei, which can grow to crystals during
subsequent deformation. Thus, FEM should corroborate the “B2-clustering” of the MRO of
flash-annealed BMGs.
Indeed, first results [397] are promising. Fig. 7.0.1 presents the normalized variation of
the intensity as a function of the wave vector, k, obtained from dark field fluctuation electron
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microscopy images of as-cast and flash-annealed Cu44Zr44Al8Hf2Co2 BMG specimens. k
is defined as Q/(2π). The flash-annealed BMG specimen was heated at 67K/s to 896K,
which is below the respective Tx, and Fig. 5.3.1 depicts the corresponding T-t-curve. The
seven strongest reflections of the B2CuZr structure are superposed additionally in Fig.
7.0.1. They were obtained from the XRD pattern of a fully crystallized Cu44Zr44Al8Hf2Co2
BMG specimen (Fig. 5.4.29b, 182K/s, 1036K).
Compared to the as-cast BMG specimen, the normalized variance curve of the flash-
annealed specimen shows higher values and hence indicates a larger degreee of structural
fluctuations [396]. In addition, two pronounced peaks located at 4.5 nm-1 and 7.5 nm-1
(highlighted by arrows) can be seen. The k -values of both peaks correspond to the k -values
of the two strongest reflections of the B2CuZr structure. Both, a high normalized variance
and the presence of pronounced peaks hence indicate that B2CuZr-like clusters on the scale
of the MRO are present in the flash-annealed BMG specimen.
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Figure 7.0.1: Normalized variance of the intensity as a function of the wave vector,
k, obtained from dark field fluctuation electron microscopy images of as-cast and flash-
annealed Cu44Zr44Al8Hf2Co2 BMG specimens. The seven strongest reflections of the
B2CuZr structure are superposed. They were obtained from the XRD pattern of a fully
crystallized Cu44Zr44Al8Hf2Co2 BMG specimen (Fig. 5.4.29b, 182K/s, 1036K). The peaks
located at 4.5 nm-1 and 7.5 nm-1 (marked by arrow) indicate the presence of a B2CuZr-like
MRO. Data obtained from Müller et al. [397].
In the following, further ideas and suggestions for possible future experiments are listed:
A) Flash-annealing of BMGs to temperatures below the crystallization temperature:
• Thorough investigation of deformation-induced nanocrystallization of flash-annealed
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BMGs. How do the heating rate and ejection temperature affect the number and size
of deformation-induced crystals?
• Adjustment of the free volume content of sub-Tx flash-annealed BMGs by varying the
cooling rate. Different cooling media could be used to vitriy the supercooled liquid.
The plastic strain of the resulting BMGs could be correlated with the free volume
content.
• Cryogenic treatment, which also rejuvenates metallic glass could be coupled with
flash-annealing [52].
• Compressive residual stresses form at the surface of BMGs heated slightly below the
crystallization temperature. The residual stresses could be determined from a strain
analysis calculated from high-energy XRD pattern [398].
B) Flash-annealing of BMGs to temperatures above their crystallization temperature:
• A flash-annealing device with a capacitor discharge heating unit provides heating
rates being magnitudes higher than the ones in the present thesis [321, 381]. Thus,
one could study the critical heating rate beyond no crystallization occurs and correlate
it with the glass-forming ability of the investigated compositions.
• Since the glass transition, which is defined by a vicosity of 1012 Pa·s, increases with
rising heating rates, one could suspect that rapid heating leads to incipient “retarded”
viscosity in the vicinity of Tg. This issue could be tackled by developing a “flash-
thermomechanical analysis” device [322].
• Investigate the advancement of the diffuse thermal front more in detail. One should
correlate the position of thermal front on the lateral surface with the temperature
measured at several positions along the direction at wich the front propagates. The
whole lateral surface can be monitored by an array of several pyrometers. The
position of the thermal front can be then allocated to several temperatures and
possible temperature gradients can be probed.
• Two deformation mechanisms are present during the plastic deformation of B2CuZr
BMG composites prepared by flash-annealing: (1) deformation-induced nanocrystal-
lization and (2) interaction between B2CuZr crystals and shear bands. Preliminary
results suggest that deformation-induced nanocrystallization seems to contribute not
as much as the other mechanism to plasticity. An ensuing stastistical analysis could
verify this assumption.
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8.1 Chemical analysis
Pre-alloys of Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2 were prepared from high-purity elements
(purity 99.99%) by arc-melting in a Ti-gettered Ar-atmosphere. The chemical composition of
randomly selected pre-alloy ingots of both compositions was verified by means of inductively-
coupled plasma atomic emisson spectrometry (ICP-OES). Table 8.1.1 confirms the reliability
of the preparation method used. The chemical compositions are given in at.%.
Table 8.1.1: Chemical composition of pre-alloy ingots obtained by means of ICP-OES.
Pre-alloy Specimen Cu Zr Al Hf Co[at.%] [at.%] [at.%] [at.%] [at.%]
Cu46Zr46Al8
1 46.2 45.8 8.0 — —
2 46.1 45.8 8.0 — —
3 46.2 45.9 8.0 — —
4 46.1 45.9 8.0 — —
5 46.1 45.9 8.0 — —
average 46.1±0.1 45.9±0.1 8.0±0.0 — —
Cu44Zr44Al8Hf2Co2
1 44.4 43.7 8.0 1.9 1.9
2 44.3 43.6 8.0 2.0 2.0
3 44.0 44.1 8.0 1.8 2.0
4 44.0 44.1 7.9 1.9 2.0
5 44.1 44.1 8.0 1.9 2.0
average 44.2±0.2 43.9±0.3 8.0±0.1 1.9±0.1 2.0±0.0
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8.2 Device development
8.2.1 Temperature control
The lateral surface temperature of the BMG specimen during flash-annealing is monitored
by a high-speed pyrometer. Radiation thermometry represents a contact-free measurement
method and to verify the results, the temperature of the specimens was verified by means of a
thermocouple type K (Ni-NiCr, measurement range: 300K - 1573K) for temperatures below
the melting point and by means of a coldfinger semi-solid casting device for temperature
at the melting temperature. Fig. 8.2.1a depicts the temperature vs. time of a specimen
heated at about 63K/s and held at 673K.
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Figure 8.2.1: Verification of the measurement accuracy of the high-speed pyrometer. a)
Temperature-time curves of the pyrometer and a thermocouple type K are superimposed. b)
The melting temperature determined from the temperature-time curve of the pyrometer (red
curve) is almost identical with the melting temperature obtained from the corresponding
high-temperature DSC trace (inset, blue curve).
The pyrometer starts to measure at 573K and the temperature scatters at the begin-
ning due to the alignment of the pyrometer with regard to the water-cooled coil. The
temperature signal is stable after approximately 2 s and superimposes the temperature
curve of the thermocouple, which confirms the accuracy of the temperature reading of the
pyrometer below the melting point. In addition, it shall be verified whether the current
pyrometer measures accurately at temperatures in the vicinity of the melting point of the
Cu44Zr44Al8Hf2Co2 alloy. A specimen of this alloy was molten in the cold-finger device
and its temperature was monitored using the same high-speed pyrometer as the liquid was
cooled. The cold-finger device basically consists of a water-cooled Cu-finger, on which the
sample is placed, an airtight glass tube, and an inductive coil enshrouding the tube. The
tube is evacuated up to 10-6mbar and flushed with Ar-gas before the alloy is molten and
kept above the liquidus temperature. Fig. 8.2.1b depicts the temperature vs. the time of
the molten Cu44Zr44Al8Hf2Co2 liquid as it is cooled. The inductive coil stops heating at
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156 s and the temperature decreases almost constantly until the liquidus temperature is
reached after 158.5 s. The melt starts to solidify and recalescence occurs. The released heat
decreases the slope of the T-t curve and the temperature is kept constant. The temperature
continues to decrease when the solidification is completed at the melting point being 1118K
according to the pyrometer. This temperature value is almost identical to the melting
temperature for the same alloy obtained from the corresponding high-temperature DSC
measurements being 1119K (Fig. 8.2.1b, inset). To conclude, the pyrometer measures
accurately temperatures ranging from 573K to the melting point.
8.2.2 Inductive heating - derivation of the skin depth
In this subsection, the formula for the skin depth, s, is deduced from the macroscopic
Maxwell equations. We start from the following Maxwell laws [331, 399]:
rot ~E +
d ~B
dt
= 0, (8.2.1)
rot ~H +
d ~D
dt
= j (8.2.2)
and
div ~B = 0 (8.2.3)
where ~E is the electric field density, ~B is the magnetic flux density, ~H is the magnetic field
strength, ~D is the electric flux density and t is the time. The displacement current can
be neglected since the inductive heating takes place in the medium frequency range, and
metallic glass is electrically conductive so that 8.2.2 reduces to:
rot ~H u j (8.2.4)
The constitutive relation between magnetic flux density and magnetic field strength is given
by:
~B = µr·µ0· ~H (8.2.5)
where µr is the relative permeability and µ0 is the permeability of vacuum. The BMG is
homogeneous and isotropic, so that the electrical conductivity, σ , can be approximated as
a scalar:
~j = σ· ~E (8.2.6)
From Eqs. 8.2.1 to 8.2.6, one can obtain the following differential equation, which describes
the partial and temporal distribution of the magnetic field strength and the electric current
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density:
1
σ
·∆H =
dH
dt
·µr·µ0, (8.2.7)
which becomes:
dHy
dx2
=
2i
s2
Hy, (8.2.8)
with
s =
1√
µr·µ0·σ·Π·f,
(8.2.9)
where f is the frequency of the present RCL-circuit.
8.2.3 Estimation of the cooling rate
The starting point for estimating the cooling rate is the heat balance of the system [339, 341]:
qe·
A
V
= −cp · dT
dt
+
∆Hf · dfs
Vm · dt
, (8.2.10)
where qe is the external heat flux density at the surface, A, is the surface area, V , is the
volume, cp, is the heat capacity, dTdt , is the cooling rate, ∆Hf , is the heat of fusion, Vm,
is the molar volume and dxdt is the change of the crystalline volume fraction. We assume
completely spherical droplets with the radius R and that the solidification starts at the
surface of the spherical liquid, where R = Rs is valid. Rs is the position of the solid-liquid
interface within the sphere and fs is the corresponding solidified volume fraction. The
freezing rate [339] dfsdt and the solidification front velocity [339]
dRs
dt = ν are related according
to:
dfs
dt
= −3·ν·Rs
2
R3
. (8.2.11)
The temperature is constant during solidification (dT = 0). From 8.2.10 and 8.2.11, a
relationship between the cooling rate, dTdt , and the solidification front velocity, ν, can be
obtained. Furthermore, we replace the solidification front velocity by the interlamellar
spacing, λ, according to the Jackson-Hunt relation [340] Eq. 8.2.12 and receive the final
equation 8.2.13 between the experimentally determined λ and the cooling rate, where
∆Hf
Vm·cp = 440K and K = 27.5·10
−12 cm3s−1 are valid for Al82.7Cu17.3 [339].
λ2·ν = K, (8.2.12)
dT
dt
=
∆Hf ·3K
Vm·cp ·R · λ2
. (8.2.13)
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The average lamellar spacing is λave = 93±15 nm and hence the calculated cooling rate
according to (Eq. 8.2.13) is about 7·103K/s.
Table 8.2.1: Ten eutectic islands of three solidified droplets have been evaluated. The
number of lamellae of each eutectic island, and values for the interlamellar spacing λ, the
estimated cooling rate, dTdt , and the respective errors are given.
sample island number of lamellae λ λave λerr
dT
dt ave
dT
dt err
[nm] [nm] [nm] [K/s] [K/s]
EutA
1 18 119
119 11 4106 801
2 14 141
3 15 132
4 20 115
5 19 120
6 19 119
7 27 116
8 19 125
9 14 100
10 15 111
EutB
1 26 137
105 30 5323 2341
2 14 175
3 12 111
4 12 107
5 13 85
6 14 91
7 15 81
8 17 86
9 23 91
10 20 86
EutC
1 12 100
93 15 6868 1072
2 10 92
3 21 85
4 16 98
5 21 77
6 11 84
7 10 80
8 15 76
9 10 117
10 12 116
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8.3 Calorimetric analysis
8.3.1 Isochronal transformation kinetics (Kissinger)
In this subsection, we derive the Kissinger-equation from which the activation energy for
crystallization can be calculated. We start from a first-rate reaction rate [159]:
r(α, T ) =
dα
dt
, (8.3.1)
where r is the transformation rate, α is the fractional extent of crystallization, T is the
absolute temperature, and t is the time. The reaction rate can be expressed by the rate
constant, k, and the function of the transformed volume, f(α), describing the reaction
kinetic:
dα
dt
= k(T )·f(α). (8.3.2)
Crystallization is a first-order reaction and therefore f(α) = 1− α is valid [158, 159]. The
reaction rate has an Arrhenian temperature dependence as follows:
k(T ) = A·e−
Ea
R·T , (8.3.3)
being A a pre-exponentiel factor also known as the frequency factor, Ea the activation
energy for crystallization, and R the gas constant. From Eqs. 8.3.3 and 8.3.2 one obtains:
dα
dt
= A·e−
Ea
R·T ·f(α). (8.3.4)
Partial differentiation after time of Eq. 8.3.4 leads to the following expression. The
temperature increases at a constant heating rate (isochronal) and is therefore time-dependent,
as well [46]:
d
dt
(
dα
dt
) = A·e−
Ea
R·T {f(α)· Ea
R·T 2
·ϕ+
d[f(α)]
dt
}. (8.3.5)
The transformation rate reaches its maximum at the peak temperature of crystallization,
Tp and the change of the rate is: ddt(
dx
dt ) = 0. This boundary condition yields:
f(α)·
Ea
R·T 2p
·ϕ+
d[f(α)]
dt
= 0. (8.3.6)
In consideration of Eq.8.3.4 and that d[f(α)]dt equals
f ′dα
dt Eq. 8.3.6 results in:
Ea
R·T 2p
·ϕ+A·e−
Ea
R·T ·f ′(α) = 0. (8.3.7)
With f ′(α) = −1 and solving equation for − EaR·Tp leads to the Kissinger-equation:
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− Ea
R·Tp
= ln
ϕ
T 2p
+ Const. (8.3.8)
8.3.2 Isothermal transformation kinetics
(Johnson-Mehl-Avrami-Kolmogorov)
At first, we derive the Johnson-Mehl-Avrami-Kolmogorov (JMAK) equation, and afterwards,
we describe the determination of the incubation time from the isothermal DSC curves. At last
results on incubation time and Avrami exponent of Cu46Zr46Al8 and Cu44Zr44Al8Hf2Co2
BMGs depending on the calorimetric annealing temperature and ejection temperature
caused by flash-annealing prior calorimteric investigation are presented.
JMAK equation
Several requirements have to be met by a system to apply the JMAK analysis [125, 158]:
• isothermal crystallization
• homogeneous nucleation or heterogeneous nucleation at randomly distributed stable
nuclei
• the growth rate of the crystallizing phase is temperature-controlled and independent
of time
The formation of nuclei occurs in the untransformed and transformed volume, Va and
Vb, respectively. The whole volume, in which nuclei form, is termed extended volume,
Vext = Va + Vb [156]. The fraction of the transformed volume, α, is defined as follows
[156, 400, 401]:
α =
Vα
Vtotal
, (8.3.9)
where Vα is the transformed volume, and Vtotal is the transformed and untransformed
volume. The incremental increase of the transformed volume, dV , and of the fraction of
the transformed volume, dα, in the exclusively not-transformed volume is given by:
dV = dVext·(1− α), (8.3.10)
dα = dαext·(1− α). (8.3.11)
Equation 8.3.12 shows that for a spherical particle, nucleated at time τ , the volume at time
t is given by (t = τ):
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V =
4
3
·Π·ν3·(t− τ)3, (8.3.12)
where ν is the rate at which the volume of the particle increases and τ is the so-called
incubation time. Multiplication of Eq. 8.3.12 with the number of particles per unit volume,
N , leads to αext, which is defined as the fraction of Vext in respect to the total volume:
αext = −4·τ ·Π·ν3·(t− τ)2·N. (8.3.13)
The incremental change of the fraction of the extended volume, dαext, with time is given
by:
dαext = −4·τ ·Π·ν3·(t− τ)2·N ·dt, (8.3.14)
and applying latter equation to Eq.8.3.11 yields:
dα
1− α
= −4·τ ·Π·ν3·(t− τ)2·dt, (8.3.15)
− ln(1− α) = 4·Π·ν3·(t− τ)
3
3
. (8.3.16)
Solving latter equation for α with k = 4·Π·ν
3
3 leads to the JMAK equation:
α = 1− e−k(t−τ)n . (8.3.17)
In the following, it will be briefly described how the incubation time from an isothermal
DSC curve was determined. Fig. 8.3.1 depicts an isothermal DSC curve (purple) and the
corresponding integrated curve (green). The BMG specimen is heated at 300K/min to
the respective annealing temperature and then isothermally held for 15min. Due to the
switchover from isochronal to isothermal mode, the DSC curve decreases at first and an
overshoot can be observed. After that, the annealing temperature is kept constant and the
BMG crystallizes under exothermic heat release after an incubation time. We define the end
of the incubation time when a crystalline volume fraction of 0.5% is reached. The corres-
ponding time duration results from the addition of the time duration prior to integration, ta,
and after integration to the time value corresponding to 0.5% crystalline volume fraction, tb.
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Figure 8.3.1: Schematic to the determination of the incubation time, τ , of a
Cu44Zr44Al8Hf2Co2 BMG specimen at 740K from an isothermal DSC curve.
Results of the incubation time and Avrami exponent of Cu46Zr46Al8 and
Cu44Zr44Al8Hf2Co2 specimens
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Figure 8.3.2: Incubation times for Cu46Zr46Al8 specimen depending on calorimetric
annealing temperature and flash-annealing ejection temperature including the as-cast state.
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Figure 8.3.3: Incubation times for Cu44Zr44Al8Hf2Co2 specimen depending on calorimetric
annealing temperature and flash-annealing ejection temperature including the as-cast state.
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Figure 8.3.4: Avrami exponent for Cu46Zr46Al8 specimen depending on calorimetric
annealing temperature and flash-annealing ejection temperature including the as-cast state.
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Figure 8.3.5: Avrami exponent for Cu44Zr44Al8Hf2Co2 specimen depending on calorimetric
annealing temperature and flash-annealing ejection temperature including the as-cast state.
8.3.3 Fragility
The Vogel-Fulcher-Tammann (VFT) equation (subsection 5.3.1) [402] describes the temper-
ature dependence of the viscosity, η, of liquids and supercooled liquids:
η(T ) = η0·e
B
T−T0 , (8.3.18)
where B is a constant with the dimensions of a temperature, T0 the Fulcher-temperature
and η0 the viscosity at infinite temperature. The steepness index or parameter, m, is
defined as the slope of the viscosity-temperature curve at the glass-transition temperature
in an Angell plot (subsection 3.2.5) [88, 357]:
m =
d log10 η
d (
Tg
T )
∣∣∣∣
T=Tg
, (8.3.19)
where T is the temperature. With
d(
1
T
) = −dT
T 2
, (8.3.20)
m can be expressed as:
m = −Tg·d log10 η
dT
∣∣∣∣
T=Tg
. (8.3.21)
Considering that log10 η = ln ηln 10 , Eq. 8.3.18 can be converted to:
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log10 η = log10 e·(ln η0 +
B
T − T0
). (8.3.22)
Inserting Eq. 8.3.22 in Eq. 8.3.21 results in the final expression:
m = −
d[log10 e · (ln η0 + BT−T0 )]T=Tg
Tg(
1
T 2g
)dT
, (8.3.23)
m = − Tg
ln 10
·
d(ln η0 +
B
T−T0 )]T=Tg
dT
. (8.3.24)
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8.4 Uniformity of partially crystallized BMG
The skin depth roughly matches the sample radius and hence relatively uniform heating can
be anticipated. To verify this, the entire cross-section of all rods were cut in half along their
cylinder axis and afterwards thoroughly analyzed. This procedure was conducted for samples
heated at different rates. Particle size distributions (PSDs) of Cu44Zr44Al8Hf2Co2BMG
samples discussed at subsections 5.4.1 and 5.4.3 are shown in the following.
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Figure 8.4.1: Particle size distributions of Cu44Zr44Al8Hf2Co2BMG flash-annealed at 41
and 180K/s of three regions along the longitudinal section of specimens with 4.5mm in
diameter and 4mm in length.
The longitudinal section was divided into three sections (edge, intermediate (inter), and
centre) for BMG specimens with a height of 4mm. For each section ten images were taken
by SEM from top to bottom and processed by the analysis software in order to get a PSD.
The influence of two different heating rates (34K/s and 180K/s) on the distribution of
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B2CuZr particles of samples with a length of 4mm are presented.
8.5 Crystal growth rate
In subsection 5.4.2, the crystal growth rate is calculated from the heating rate, ϕ, the
crystallization temperature, Tx, the ejection temperature, Tej , and the average diameter
of the B2CuZr crystals, dave, of the BMG-composites. In the following, the error of the
calculated crystal growth rate, ucalc, is determined by means of the law of error propagation.
The starting point for the deduction of ∆ucalc is the function by which ucalc was determined:
ucalc =
dave
∆ta,ej +
Tej−Tx
ϕ
, (8.5.1)
where ∆ta,ej is the duration, needed for the sample to fall into the water-bath after it
was ejected. It was measured by means of a high-speed-camera to be about 12± 2ms. In
the next step, Eq. 8.5.1 must be partially differentiated with respect to each parameter:
∂ucalc
∂dave
=
1
∆ta,ej +
Tej−Tx
ϕ
,
∂ucalc
∂∆ta,ej
= − dave
(∆ta,ej +
Tej−Tx
ϕ )
2
,
∂ucalc
∂Tx
= − dave
ϕ(∆ta,ej +
Tej−Tx
ϕ )
2
,
∂ucalc
∂Tej
=
dave
ϕ(∆ta,ej +
Tej−Tx
ϕ )
2
,
∂ucalc
∂ϕ
=
dave · (Tej − Tx)
ϕ2(∆ta,ej +
Tej−Tx
ϕ )
2
.
According to the the law of error propagation, the error of the calculated crystal growth
rate, ∆ucalc, is as follows:
∆ucalc =
∂ucalc
∂dave
·∆d+ ∂ucalc
∂∆ta,ej
·∆ta,ej +
∂ucalc
∂Tx
·∆Tx+
∂ucalc
∂Tej
·∆Tej +
∂ucalc
∂ϕ
·∆ϕ. (8.5.2)
8.6 Stereology
The number of particels per volume is estimated from the recorded number of cut particles,
obtained from the polished surface of the partially crystallized B2CuZr BMG composites. By
means of stereology, one can estimate the particle number per volume from the corresponding
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distribution of the diameter of the cut particle. In other words, we transform the number
of particles from 2D to 3D, by applying the stereologic transformation method after Møller
[383]. The following derivation of the equation after Møller, which estimates the particle
number per volume is taken from Ohser et al. [384]. The starting point is the stereological
equation:
NA = 1− FA(u) = NV ·
ˆ ∞
u
√
v2 − u2dFV (v); (8.6.1)
u ≥ 0,
where u is the diameter of the cut particle, FA is the distribution function of the diameter
of the cut particles, NA is the number of cut particles per area, v is the spherical particle
diameter, FV is the distribution function of the corresponding diameter, and NV is the
particle number per volume. FA and NA can be determined from the polished surface
and FV as well as NV are estimated from them. Møller solves eq. 8.6.1 for the spatial
parameter:
NV ·[1− FV (u)] =
2 ·NA
Π
·
ˆ ∞
u
dFA(v)√
v2 − u2
. (8.6.2)
In the following step, Møller replaces the integral with a sum consisting of the measured
diameter of the cut particles. In doing so, one has to measure a sufficiently large number of
cut particles in the measuring field, W , with the area, A(W ). Afterwards Møller replaces
NV ·[1 − FV (u)] with an estimation and in addition FA with an empirical distribution
function of the measured diameters of the cut particles u1 . . . un:
NV ·[1− FV (u)] =
1
A(W )
·
n∑
1
2
Π·
√
v2 − u2i
. (8.6.3)
From Eq. 8.6.3, the number of particles per volume Nv can be deduced [384]:
NV =
2
Π·A(W )
·
n∑
1
1
ui
. (8.6.4)
Eq. 8.6.4 is valid, provided following requirements are fulfilled:
• Isomteric microstructure: all particles have to be equiaxed.
• Møller does not request any specific requirements from the distribution function
of the diameter of the cut particles. However, the function should have a normal
distribution.
• FV (0) = 0.
242
Acknowledgements
I would like to express my gratitude to Prof. Dr.-Ing. habil. Dr. h.c. Jürgen Eckert
for giving me the opportunity to carry out my Ph.D. study at the Institute for Complex
Materials at the IFW Dresden and, of course, the topic of this thesis. He allowed me to
participate in international workshops and conferences, which encouraged my scientific
development. Furthermore, I would like to thank Prof. Dr.-Ing. Andrés Fabián Lasagni for
his willingness to act as the second referee for this thesis.
I could have not succeeded in the development of the flash-annealing device without the
untiring commitment of my department leader Dr.-Ing. Uta Kühn and my group leader
and direct supervisor Dr.-Ing. Simon Pauly. I thank both of them for the extensions of my
contract of employment and the financial support for the development of the flash-annealing
device. Uta, you always had an open ear for me. Particularly, I have to thank you, Simon.
A few words do not suffice to acknowledge your indefatigable support, inspiring discussions
and all your patience. Owing to your advice and in the end, very helpful corrections, you
teased out the best performance I am capable of!
Besides various people at the IFW and from abroad supported me during this past years
and I am very grateful to all of them:
• The experts of the research and development department of the IFW. It had not been
possible to develop and built the flash-annealing device without their commitment.
Particularly I want to thank, Karsten Peukert, Marek Ullbrich, David Becker, Ronald
Kuhl und Katharina Niesyto ( all department of electrical engineering and electronics),
Dr.-Ing. Ralf Voigtländer, Steffen Ziller, Uwe Biscop and Alexander Horst (all
department of engineering and design), Steffen Grundkowski, Felix Rothe, Olaf Weber
und Knut Ulbrich (all mechanical workshop).
• Sven Donath, Harald Merker and Michael Frey for their help in the casting and
hot-pressing laboratories. It is always worth to talk to you. I really enjoyed the
pleasant working atmosphere.
• Kerstin Schröder, Christiane Mix, Nicole Geißler and Birgit Bartusch (DSC laboratory)
for the help in the metallography lab and mechanical testing.
• Brit Präßler-Wüstling and Janette Schuster, our ladies at the secretariat.
243
8.6. STEREOLOGY
• Dr. Sergio Scudino, Dr. Mihai Stoica, Dr. Wolfgang Löser, Dr. Olga Shuleshova, Dr.
Junhee Han, Dr. Daniel Sopu, Dr. David Ehinger, Dr. David Geißler, Dr. Thomas
Gemming and especially Prof. Alan Lindsay Greer (Cambridge University) for very
fruitful and encouraging discussions. I have learned a lot!
• Prof. Gang Wang (Shanghai University), Prof. Christian Rentenberger, Christoffer
Müller (both University of Vienna) and Dr. Long Zhang (Shenyang, Chinese Academy
of Sciences) for the preparation and investigation of my TEM specimens.
• Dr. Raphael Kobold, Stefanie Koch and Prof. Herlach (DLR Cologne) for the ESL
measurements and analysis of the data.
• Dr. Horst Wendrock for his help with the evaluation of my SEM micrographs.
• I supervised two students, Marco Schmidt and Abhra Chakrabotry, during my Ph.D.
studies. I learned a lot from both of you and I have mentally grown, especially, due
to you, Abhra!
• My office colleagues: Benjamin Escher, Frank Silze and Steffen Bickel. I enjoyed the
nice and quiet atmosphere in our office.
• Many further members of the Institute for Complex Materials helped me: Kaikai
Song, Piter Gargarella, Tobias Gustmann, Josephine Zeißig, Parthiban Ramasamy,
Hans Weber, Dr. Ivan Kaban, Holger Schwab, Dr. Julia Hufenbach, Dr. Matthias
Bönisch, Dr. Markus Klose, Dr. Martin Zier, Dr. Lars Giebeler, Dr. Annett Gebert,
Dr. Petre Flaviu Gostin, Dr. Veronika Hähnel...
I want to thank my parents Roman and Johanna, my brother Paul and the family of my
wife Maria for the support during the last years.
Die letzen Worte nun auf deutsch: Maria, danke für deine unermüdliche Unterstützung
während der letzten Jahre. Dank dir und unserem Sohn Lauren konnte ich die zahlreichen
Rückschläge wegstecken. Vielen Dank!
244
Eidesstattliche Erklärung
Hiermit versichere ich, dass ich die vorliegende Arbeit ohne unzulässige Hilfe Dritter und
ohne Benutzung anderer als der angegebenen Hilfsmittel angefertigt habe; die aus fremden
Quellen direkt oder indirekt übernommenen Gedanken sind als solche kenntlich gemacht.
Bei der Auswahl und Auswertung des Materials sowie bei der Herstellung des Manuskripts
habe ich Unterstützungsleistungen von folgenden Personen erhalten: Dr.-Ing. Simon Pauly
und Prof. Dr.-Ing. habil. Dr. h.c. Jürgen Eckert. Weitere Personen waren an der geistigen
Herstellung der vorliegenden Arbeit nicht beteiligt. Insbesondere habe ich nicht die Hilfe
eines kommerziellen Promotionsberaters in Anspruch genommen. Dritte haben von mir
keine geldwerten Leistungen für Arbeiten erhalten, die in Zusammenhang mit dem Inhalt
der vorgelegten Dissertation stehen. Die Arbeit wurde bisher weder im Inland noch im
Ausland in gleicher oder ähnlicher Form einer anderen Prüfungsbehörde vorgelegt und ist
auch noch nicht veröffentlicht worden. Die Promotionsordnung vom 01.07.2001 der Fakultät
Maschinenwesen der Technischen Universität wird anerkannt.
Dipl.-Ing. Konrad Kosiba
245
Bibliography
[1] Greer, A. L. ; Ma, E.: Bulk metallic glasses: At the cutting edge of metals research.
MRS Bulletin 32 (2007), S. 611
[2] Greer, A.L.: Metallic glasses...on the treshold. Materials Today 12 (2009), S. 14
[3] Inoue, A.: New bulk metallic glasses for applications as magnetic-sensing, chemical,
and structural materials. MRS Bulletin 32 (2007), S. 651
[4] Greer, A.L.: Metallic glasses. Science 267 (1995), S. 1947
[5] Chen, H.S.: Glassy metalls. Reports on Progress in Physics 43 (1980), S. 23
[6] Plummer, J.: Is metallic glass poised to come of age? Nature Materials 14 (2015), S.
553
[7] Schuh, C.A.: Mechanical behaviour of amorphous alloys. Acta Materialia 55 (2007),
S. 4067
[8] Leamy, H.J. ; Chen, H.S. ; Wang, T.T.: Plastic flow and fracture of metallic glasses.
Metallurgical Transactions 3 (1972), S. 699
[9] Greer, A.L. ; Cheng, Y.Q. ; Ma, E.: Shear bands in metallic glasses. Materials
Science and Engineering R 74 (2013), S. 71
[10] Deng, Q.: Uniform tensile elongation in framed submicron metallic glass specimen in
the limit of suppressed shear banding. Acta Materialia 59 (2011), S. 6511
[11] Bharathula, A.: Compression testing of metallic glass at small length scales: Effects
on deformation mode and stability. Acta Materialia 58 (2010), S. 5789
[12] Jang, D.C. ; Greer, J.R.: Transition from a strong-yet-brittle to a stronger-and-ductile
state by size reduction of metallic glasses. Nature Materials 9 (2010), S. 215
[13] Dubach, A.: Micropillar compression studies on a bulk metallic glass in different
structural states. Scripta Materialia 60 (2009), S. 567
[14] Masumoto, T. ; Maddin, R.: Structural stability and mechanical properties of
amorphous metals. Materials Science and Engineering 19 (1975), S. 1
246
Bibliography
[15] Takayama, S.: Drawing of Pd77.5Cu6Si16.5 metallic glass wires. Materials Science
and Engineering 38 (1979), S. 41
[16] Scudino, S. ; Jerliu, B. ; Surreddi, K.B. ; Kühn, U. ; Eckert, J.: Effect of cold rolling
on compressive and tensile mechanical properties of Zr52.5Ti5Cu18Ni14.5Al10 bulk
metallic glass. Journal of Alloys and Compounds 509 (2011), S. 128
[17] Scudino, S. ; Surreddi, K.B. ; Khoshkhoo, M.S. ; Sakaliyska, M. ; Wang, G. ; Eckert,
J.: Improved room temperature plasticity of Zr41.2Ti13.8Cu12.5Ni10Be22.5 bulk
metallic glass by channel-Die compression. Advanced Engineering Materials 12 (2010),
S. 1123
[18] Liu, Y.H. ; Wang, G. ; Wang, R.J. ; Zhao, D.Q. ; Pan, M.X. ; Wang, W.H.: Super
plastic bulk metallic glasses at room temperature. Science 315 (2007), S. 1385
[19] Cao, Q.P. ; Liu, J.W. ; Yang, K.J. ; Xu, F. ; Yao, Z.Q. ; Minkow, A. ; Fecht,
H.J. ; Ivanisenko, J. ; Chen, L.Y. ; Wang, X.D. ; Qu, S.X. ; Jiang, J.Z.: Effect of
pre-existing shear bands on the tensile mechanical properties of a bulk metallic glass.
Acta Materialia 58 (2010), S. 1276
[20] Lee, S.C. ; Lee, C. ; Yang, Y.W. ; Lee, Y.C.: Microstructural evolution of an
elastostatically compressed amorphous alloy and its influence on the mechanical
properties. Scripta Materialia 58 (2008), S. 591
[21] Packard, C.E. ; Homer, E.R. ; Al-Aqeeli, N. ; Schuh, C.A.: Cyclic hardening of
metallic glasses under Hertzian contacts: Experiments and STZ dynamics simulations.
Philosophical Magazine 90 (2010), S. 1373
[22] Zhang, Y. ; Wang, W. H. ; Greer, A. L.: Making metallic glasses plastic by control of
residual stress. Nature Materials 5 (2006), S. 857
[23] Scudino, S. ; Jerliu, B. ; Pauly, S. ; Surreddi, K.B. ; Kühn, U. ; Eckert, J.: Ductile
bulk metallic glasses produced through designed heterogeneities. Scripta Materialia
65 (2011), S. 815
[24] Zhang, J. L. ; Yu, H. B. ; Lu, J. X. ; Bai, H. Y. ; Shek, C. H.: Enhancing plasticity
of Zr46.75Ti8.25Cu7.5Ni10Be27.5 bulk metallic glass by precompression. Applied
Physics Letters 95 (2009), S. 071906
[25] Chen, B. ; Pang, S. ; Han, P. ; Li, Y. ; Yavari, A.R. ; Vaughan, G. ; Zhang, T.:
Improvement in mechanical properties of a Zr-based bulk metallic glass by laser
surface treatment. Journal of Alloys and Compounds 504 (2010), S. 45
247
Bibliography
[26] Chen, H.S. ; Krause, J.T. ; Coleman, E.: Elastic constants, hardness and their
implications to flow properties of metallic glasses. Journal of Non-Crystalline Solids
18 (1975), S. 157
[27] Schroers, J. ; Johnson, W.L.: Ductile bulk metallic glass. Phys. Rev. Lett. 93 (2004),
S. 255506
[28] Zhang, Y. ; Greer, A.L.: Correlations for predicting plasticity or brittleness of metallic
glasses. Journal of Alloys and Compounds 434 (2007), S. 2
[29] Cheng, Y.Q. ; Cao, A.J. ; Ma, E.: Correlation between the elastic modulus and the
intrinsic plastic behavior of metallic glasses: The roles of atomic configuration and
alloy composition. Acta Materialia 57 (2009), S. 3253
[30] Zhang, L. ; Cheng, Y.Q. ; Cao, A.J. ; Xu, J. ; Ma, E.: Bulk metallic glasses with
large plasticity: Composition design from the structural perspective. Acta Materialia
57 (2009), S. 1154
[31] Drehman, A.J. ; Greer, A.L.: Kinetics of crystal nucleation and growth in
Pd40Ni40P20 glass. Acta Metallurgica 32 (1984), S. 323
[32] Hays, C.C. ; Kim, C.P. ; Johnson, W.L.: Microstructure controlled shear band
pattern formation and enhanced plasticity of bulk metallic glasses containing in situ
formed ductile phase dendrite dispersions. Physical Review Letters 84 (2000), S. 2901
[33] Hofmann, D.C. ; Suh, J.Y. ; Wiest, A. ; Duan, G. ; Lind, M.L. ; Demetriou, M.D. ;
Johnson, W.L.: Designing metallic glass matrix composites with high toughness and
tensile ductility. Nature 451 (2008), S. 1085
[34] Pauly, S. ; Gorantla, S. ; Wang, G. ; Kühn, U. ; Eckert, J.: Transformation-mediated
ductility in CuZr-based bulk metallic glasses. Nature Materials 9 (2010), S. 473
[35] Szuecs, F. ; Kim, C.P. ; Johnson, W.L.: Mechanical properties of
Zr56.2Ti13.8Nb5.0Cu6.9Ni5.6Be12.5 ductile phase reinforced bulk metallic glass
composite. Acta Materialia 49 (2001), S. 1507
[36] Wu, F.F. ; Chan, K.C. ; Jiang, S.S. ; Chen, S.H. ; Wang, G.: Bulk metallic glass
composite with good tensile ductility, high strength and large elastic strain limit.
Scientific Reports 4 (2014), S. 1
[37] Wu, Y. ; Xiao, Y. ; Chen, G. ; Chain, T.L. ; Lu, Z.P.: Bulk metallic glass composites
with transformation-mediated work-hardening and ductility. Advanced Materials 22
(2010), S. 2770
248
Bibliography
[38] Song, K.K. ; Pauly, S. ; Zhang, Y. ; Li, R. ; Gorantla, S. ; Narayanan, N. ; Kühn, U. ;
Gemming, T. ; Eckert, J.: Triple yielding and deformation mechanisms in metastable
Cu47.5Zr47.5Al5 composites. Acta Materialia 60 (2012), S. 6000
[39] Pauly, S. ; Liu, G. ; Wang, G. ; Kühn, U. ; Mattern, N. ; Eckert, J.: Microstructural
heterogeneities governing the deformation of Cu47.5Zr47.5Al5 bulk metallic glass
composites. Acta Materialia 57 (2009), S. 5445
[40] Liu, Z. ; Li, R. ; Gang, L. ; Song, K. ; Pauly, S. ; Zhang, T. ; Eckert, J.: Pro-
nounced ductility in CuZrAl ternary bulk metallic glass composites with optimized
microstructure through melt adjustment. AIP Advances 2 (2012), S. 032176
[41] Pauly, S. ; Das, J. ; Bednarcik, J. ; Mattern, N. ; Kim, K.B. ; Kim, D.H. ; Eckert, J.:
Deformation-induced martensitic transformation in Cu-Zr-(Al,Ti) bulk metallic glass
composites. Scripta Materialia 60 (2009), S. 431
[42] Ma, E.: Nanocrystalline materials: Controlling plastic instability. Nature Materials
2 (2003), S. 7
[43] Greer, A.L.: Crystallization of Amorphous Alloys. Metallurgical and Materials
Transactions A 27 (1996), S. 549
[44] Greer, A.L.: Crystallisation kinetics of Fe80B20 glass. Acta Metallurgica 30 (1982),
S. 171
[45] Nicholls, A.W. ; Harris, I.R.: Identification of phases resulting from the transformation
of the intermetallic phase ZrCu. Journal of Materials Science Letters 5 (1986), S. 217
[46] Pauly, S. ; Liu, G. ; Wang, G. ; Das, J. ; Kim, K. B. ; Kühn, U. ; Kim, D. H. ; Eckert,
J.: Modeling deformation behavior of Cu-Zr-Al bulk metallic glass matrix composites.
Applied Physics Letters 95 (2009), S. 101906
[47] Yamamoto, T. ; Yokoyama, Y. ; Ichitsubo, T. ; Kimura, H. ; Matsubara, E. ; Inoue,
A.: Precipitation of the ZrCu B2 phase in Zr50Cu50-xAlx (x = 0, 4, 6) metallic
glasses by rapidly heating and cooling. Journal of Materials Research 25 (2010), S.
793
[48] Shneidman, V.A.: Time-dependent nucleation during reheating of a rapidly quenched
glass. The Journal of Chemical Physics 102 (1995), S. 1791
[49] Liu, Y.H. ; Wang, D. ; Nakajima, K. ; Zhang, W. ; Hirata, A. ; Nishi, T. ; Inoue, A. ;
Chen, M.W.: Characterization of nanoscale mechanical heterogeneity in a metallic
glass by dynamic force microscopy. Physical Review Letters 106 (2011), S. 125504
249
Bibliography
[50] Wagner, H. ; Bedorf, D. ; Küchemann, S. ; Schwabe, M. ; Zhang, B. ; Arnold, W. ;
Samwer, K.: Local elastic properties of a metallic glass. Nature Materials 10 (2011),
S. 439
[51] Ding, J. ; Patinet, S. ; Falk, M.L. ; Cheng, Y. ; Ma, E.: Soft spots and their structural
signature in a metallic glass. Proceedings of the National Academy of Sciences 111
(2014), S. 14052
[52] Ketov, S.V. ; Sun, Y.H. ; Nachum, S. ; Lu, Z. ; Checchi, A. ; Beraldin, A.R. ;
Bai, H.Y. ; Wang, W.H. ; Louzguine-Luzgin, D.V. ; Carpenter, M.A. ; Greer, A.L.:
Rejuvenation of metallic glasses by non-affine thermal strain. Nature 524 (2015), S.
200
[53] Sarac, B. ; Zhang, L. ; Kosiba, K. ; Pauly, S. ; Stoica, M. ; Eckert, J.: Towards the
better: Intrinsic property amelioration in bulk metallic glasses. Scientific Reports 6
(2016), S. 27271
[54] Elliot, S.R: Physics of Amorphous Materials. 2nd. Longman Scientific, London, 1990
[55] Suryanarayana, C. ; Inoue, A.: Bulk Metallic Glasses. CRC Press Taylor & Francis
Group, 2011
[56] Klement, W. ; Willens, R. H. ; Duwez, P.: Non-crystalline structure in solidified
gold-Silicon alloys. Nature 187 (1960), S. 869
[57] Inoue, A. ; Ohtera, K. ; Kita, K. ; Masumoto, T.: New amorphous Mg-Ce-Ni alloys
with high strength and good ductility. Japanese Journal of Applied Physics 27 (1988),
S. 2248
[58] Inoue, A.: Stabilization of metallic supercooled liquid and bulk amorphous alloys.
Acta Materialia 48 (2000), S. 279
[59] Miracle, D.B.: A structural model for metallic glasses. Nature Materials 3 (2004), S.
697
[60] Scott, G.D.: Radial Distribution of the Random Close Packing of Equal Spheres.
Nature 194 (1962), S. 956
[61] Bernal, J. D. ; Mason, J.: Packing of Spheres: Co-ordination of Randomly Packed
Spheres. Nature 188 (1960), S. 910
[62] Ma, E.: Tuning order in disorder. Nature Materials 14 (2015), S. 547
[63] Ediger, M.D.: Spatially heterogeneous dynamics in supercooled liquids. Annual
Review of Physical Chemistry 51 (2000), S. 99
250
Bibliography
[64] Wei, S. ; Stolpe, M. ; Gross, O. ; Evenson, Z. ; Gallino, I. ; Hembree, W. ; Bednarcik, J.
; Kruzic, J.J. ; Busch, R.: Linking structure to fragility in bulk metallic glass-forming
liquids. Applied Physics Letters 106 (2015), S. 181901
[65] Tracht, U. ; Wilhelm, M. ; Heuer, A. ; Spiess, H.W.: Combined reduced 4D 13C
exchange and 1H spin diffusion experiment for determining the length scale of dynamic
heterogeneities. Journal of Magnetic Resonance 140 (1999), S. 460
[66] Turnbull, D.: Under what conditions can a glass be formed? Contemporary Physics
10 (1969), S. 473
[67] Chen, M. ; Inoue, A. ; Zhang, W. ; Sakurai, T.: Extraordinary plasticity of ductile
bulk metallic glasses. Physical Review Letters. 96 (2006), S. 245502
[68] Cotterhill, R.: The Cambridge guide to the material world. 1st. Cambridge University
Press, 1985
[69] Cheng, Y.Q. ; Ma, E.: Atomic-level structure and structure-property relationship in
metallic glasses. Progress in Materials Science 56 (2011), S. 379
[70] Barnett, R.N. ; Cleveland, C.L. ; Landman, U.: Structure and dynamics of a metallic
glass: Molecular-dynamics simulations. Physical Review Letters 55 (1985), S. 2035
[71] Hufnagel, T.C. ; Schuh, C.A. ; Falk, M.L.: Deformation of metallic glasses: Recent
developments in theory, simulations, and experiments. Acta Materialia 109 (2016), S.
375
[72] Miracle, D.B.: A physical model for metallic glass structures: An introduction and
update. The Journal of The Minerals, Metals & Materials Society (TMS) (JOM) 64
(2012), S. 846
[73] Miracle, D.B.: The efficient cluster packing model - An atomic structural model for
metallic glasses. Acta Materialia 54 (2006), S. 4317
[74] Sheng, H.W. ; Luo, W.K. ; Alamgir, F.M. ; Bai, J.M. ; Ma, E.: Atomic packing and
short-to-medium-range order in metallic glasses. Nature 439 (2006), S. 419
[75] Shen, Y.T. ; Kim, T.H. ; Gangopadhyay, A.K. ; Kelton, K.F.: Icosahedral order,
frustration, and the glass transition: Evidence from time-dependent nucleation and
supercooled liquid structure studies. Physical Review Letters 102 (2009), S. 057801
[76] Hirata, A. ; Guan, P. ; Fujita, T. ; Hirotsu, Y. ; Inoue, A. ; Yavari, A.R. ; Sakurai,
T. ; Chen, M.: Direct observation of local atomic order in a metallic glass. Nature
Materials 10 (2011), S. 28
251
Bibliography
[77] Hirata, A. ; Kang, L.J. ; Fujita, T. ; Klumov, B. ; Matsue, K. ; Kotani, M. ; Yavari,
A.R. ; Chen, M.W.: Geometric frustration of icosahedron in metallic glasses. Science
341 (2013), S. 376
[78] Liu, A.C.Y. ; Neish, M.J. ; Stokol, G. ; Buckley, G.A. ; Smillie, L.A. ; Jonge, M.D.
de ; Ott, R.T. ; Kramer, M.J. ; Bourgeois, L.: Systematic Mapping of Icosahedral
Short-Range Order in a Melt-Spun Zr36Cu64 Metallic Glass. Physical Review Letters
110 (2013), S. 205505
[79] Cheng, Y.Q. ; Ma, E. ; Sheng, H.W.: Atomic level structure in multicomponent bulk
metallic glass. Physical Review Letters 102 (2009), S. 245501
[80] Li, M. ; Wang, C.Z. ; Hao, S.G. ; Kramer, M.J. ; Ho, K.M.: Structural heterogeneity
and medium-range order in ZrxCu100-x metallic glasses. Physical Review B 80 (2009),
S. 184201
[81] Ding, J. ; Cheng, Y.-Q. ; Ma, E.: Full icosahedra dominate local order in Cu64Zr34
metallic glass and supercooled liquid. Acta Materialia 69 (2014), S. 343
[82] Liu, X. ; Demetriou, M.D. ; Kaltenboeck, G. ; Schramm, J.P. ; Garrett, G.R. ;
Johnson, W.L.: Description of millisecond Ohmic heating and forming of metallic
glasses. Acta Materialia 61 (2013), S. 3060
[83] Dmowski, W. ; Iwashita, T. ; Chuang, C.-P. ; Almer, J. ; Egami, T.: Elastic
heterogeneity in metallic glasses. Physical Review Letters 105 (2010), S. 205502
[84] Angell, C. A.: Formation of glasses from liquids and biopolymers. Science 267 (1995),
S. 1924
[85] Dyre, J.C.: Colloquium: The glass transition and elastic models of glass-forming
liquids. Reviews of Modern Physics 78 (2006), S. 953
[86] Busch, R. ; Schroers, J. ; Wang, W. H.: Thermodynamics and kinetics of bulk
metallic glass. MRS Bulletin 32 (2007), S. 620
[87] Debenedetti, P.G.: Metastable liquids: concepts and principles. Princeton University
Press, Princeton, NJ., 1996
[88] Angell, C.A. ; Ngai, K.L. ; McKenna, G.B. ; McMillan, P.F. ; Martin, S.W.: Relaxation
in glassforming liquids and amorphous solids. Journal of Applied Physics 88 (2000),
S. 3113
[89] Goldstein, M.: Glass and other relaxations in liquids. Faraday Symposia of the
Chemical Society 6 (1972), S. 7–13
252
Bibliography
[90] Yu, H.B. ; Wang, W.H. ; Samwer, K.: The beta relaxation in metallic glasses: An
overview. Materials Today 16 (2013), S. 183
[91] Kauzmann, W.: The nature of the glassy state and the behavior of liquids at low
temperatures. Chemical Reviews 43 (1948), S. 219
[92] Johari, G.P. ; Goldstein, M.: Viscous liquids and the glass transition. II. secondary
relaxations in glasses of rigid molecules. The Journal of Chemical Physics 53 (1970),
S. 2372
[93] Capaccioli, S. ; Paluch, M. ; Prevosto, D. ; Wang, L.M. ; Ngai, K.L.: Many-body
nature of relaxation processes in glass-forming systems. The Journal of Physical
Chemistry Letters 3 (2012), S. 735
[94] Stevenson, J.D. ; Wolynes, P.G.: A universal origin for secondary relaxations in
supercooled liquids and structural glasses. Nature Physics 6 (2010), S. 62
[95] Polk, D.E ; Turnbull, D.: Flow of melt and glass forms of metallic alloys. Acta
Metallurgica 20 (1972), S. 493
[96] Cohen, M.H. ; Turnbull, D.: Molecular Transport in Liquids and Glasses. The Journal
of Chemical Physics 31 (1959), S. 1164
[97] Cohen, M.H. ; Grest, G.S.: Liquid-glass transition, a free-volume approach. Physical
Review B 20 (1979), S. 1077
[98] Doolittle, A.K.: Studies in newtonian flow. III. The dependence of the viscosity of
liquids on molecular weight and free space (in homologous series). Journal of Applied
Physics 23 (1952), S. 236
[99] Tammann, G.: Glasses as supercooled liquids. Journal of the Society of Glass
Technology 9 (1925), S. 166
[100] Kivelson, D. ; Kivelson, S.A. ; Zhao, X. ; Nussinov, Z. ; Tarjus, G.: A thermodynamic
theory of supercooled liquids. Physica A: Statistical Mechanics and its Applications
219 (1995), S. 27
[101] Beukel, A van d. ; Sietsma, J.: The glass transition as a free volume related kinetic
phenomenon. Acta Metallurgica et Materialia 38 (1990), S. 383
[102] Kumar, G. ; Rector, D. ; Conner, R.D. ; Schroers, J.: Embrittlement of Zr-based
bulk metallic glasses. Acta Materialia 57 (2009), S. 3572
[103] Concustell, A. ; Méar, F.O. ; Surinachch, S. ; Baró, M.D. ; Greer, A.L.: Structural
relaxation and rejuvenation in a metallic glass induced by shot-peening. Philosophical
Magazine Letters 89 (2009), S. 831
253
Bibliography
[104] Chen, H.S.: Stored energy in a cold-rolled metallic glass. Applied Physics Letters 29
(1976), S. 328
[105] Meng, F. ; Tsuchiya, K. ; I., Seiichiro ; Yokoyama, Y.: Reversible transition of
deformation mode by structural rejuvenation and relaxation in bulk metallic glass.
Applied Physics Letters 101 (2012), S. 121914
[106] Magagnosc, D.J. ; Ehrbar, R. ; Kumar, G. ; He, M.R. ; Schroers, J. ; Gianola, D.S.:
Tunable tensile ductility in metallic glasses. Scientific Reports 3 (2013), S. 1096
[107] Hufnagel, T.C.: Metallic glasses: cryogenic rejuvenation. Nature Materials 14 (2015),
S. 867
[108] Wei, R. ; Wang, X.L. ; Yang, S. ; Jiang, F. ; He, L.: Formation of CuZr-based bulk
metallic glass composites containing nanometer-scale B2-CuZr phase through sub-Tg
annealing. Journal of Alloys and Compounds 617 (2014), S. 699
[109] Hilliard, J.E. ; Cahn, J.W.: On the nature of the interface between a solid metal and
its melt. Acta Metallurgica 6 (1958), S. 772
[110] Cahn, J.W.: Theory of crystal growth and interface motion in crystalline materials.
Acta Metallurgica 8 (1960), S. 554
[111] Cahn, J.W. ; Hillig, W.B. ; Sears, G.W.: The molecular mechanism of solidification.
Acta Metallurgica 12 (1964), S. 1421
[112] Greer, A.L. ; Laughlin, D.E. (Hrsg.) ; Hono, K. (Hrsg.): Physical metallurgy. Bd. 1.
5th. Elsevier Publishing Group, 2014
[113] Greer, A.L.: Crystallization of metallic glasses. Materials Science and Engineering:
A 179 (1994), S. 41
[114] Kelton, K.F. ; Greer, A.L.: Chapter 2 - The classical theory. In: Kelton, K.F. (Hrsg.)
; Greer, A.L. (Hrsg.): Nucleation in condensed matter: applications in materials and
biology Bd. 15. Pergamon, 2010. S. 19
[115] Cahn, R. ; Liu, C. ; Sauthoff, G. ; Yamaguchi, M.: Editorial. Intermetallics 1 (1993),
S. 1
[116] Pound, G.M. ; La Mer, V.K.: Kinetics of crystalline nucleus formation in supercooled
liquid tin. Journal of the American Chemical Society 74 (1952), S. 2323
[117] Kelton, K.F. ; Greer, A.L. ; Thompson, C.V.: Transient nucleation in condensed
systems. The Journal of Chemical Physics 79 (1983), S. 6261
254
Bibliography
[118] Kelton, K.F.: Transient nucleation in glasses. Materials Science and Engineering: B
32 (1995), S. 145
[119] Herlach, D.M. ; Galenko, P. ; Holland-Moritz, D. ; Cahn, R. (Hrsg.): Pergamon
Materials Series. Bd. 10: Metastable solids from undercooled melts. Pergamon, 2007
[120] Kurz, W. ; Fisher, D.J.: Fundamentals of solidification. 1176–1176 S
[121] Shneidman, V.A. ; Weinberg, M.C.: Crystallization of rapidly heated amorphous
solids. Journal of Non-Crystalline Solids 194 (1996), S. 145
[122] Volmer, M. ; Weber, A.: Keimbildung in übersättigten Gebilden. Zeitschrift für
Physikalische Chemie 119 (1926), S. 227
[123] Becker, R. ; Döring, W.: Kinetische Behandlung der Keimbildung in übersättigten
Dämpfen. Annual of Physics 24 (1935), S. 719
[124] Frenkel, J.: Kinetic theory of liquids. Dover Publications, Inc., 1955
[125] Christian, J.W. (Hrsg.): The Theory of Transformations in Metals and Alloys. 529 S
[126] Turnbull, D. ; Fisher, J.C.: Rate of nucleation in condensed systems. The Journal of
Chemical Physics 17 (1949), S. 71
[127] Turnbull, D. ; Cech, R.E.: Microscopic observation of the solidification of small metal
droplets. Journal of Applied Physics 21 (1950), S. 804
[128] Ediger, M.D. ; Harrowell, P. ; Yu, L.: Crystal growth kinetics exhibit a fragility-
dependent decoupling from viscosity. The Journal of Chemical Physics 128 (2008), S.
034709
[129] Einstein, A. ; Fürth, R. (Hrsg.): Investigations on the theory of brownian movement.
Dover Publications, Inc., 1956
[130] Köster, U. ; Blank-Bewersdorff, M.: Transient nucleation in Co-Zr metallic glasses.
In: Symposium I - Phase Transitions in Condensed Systems -Experiments and Theory
Bd. 57, S. 115
[131] Kelton, K.F. ; Greer, A.L.: Chapter 3 - Time-dependent effects within the classical
theory. In: Kelton, K.F. (Hrsg.) ; Greer, A.L. (Hrsg.): Nucleation in condensed
matter: Applications in materials and biology Bd. 15. Pergamon, 2010. S. 55
[132] Fokin, V.M. ; Kalinina, A.M. ; Filipovich, V.N.: Nucleation in silicate glasses and
effect of preliminary heat treatment on it. Journal of Crystal Growth 52 (1981), S.
115
255
Bibliography
[133] Kelton, K.F. ; Greer, A.L.: Chapter 8 - Crystallization in glasses. In: Kelton,
K.F. (Hrsg.) ; Greer, A.L. (Hrsg.): Nucleation in condensed matter: Applications in
materials and biology Bd. 15. Pergamon, 2010. S. 279
[134] Porter, D.A. ; Easterling, K.E.: Phase transformations in metals and alloys. 3. Boca
Raton : CRC Press Taylor & Francis Group, 2009
[135] Herlach, D.M.: Non-equilibrium solidification of undercooled metallic metls. Materials
Science and Engineering R 12 (1994), S. 177
[136] Herlach, D.M.: Dendrite growth kinetics in undercooled melt of intermetallic com-
pounds. Crystals 5 (2015), S. 355
[137] Vicsek, T.: Fractal growth phenomena. 2. Singapore : World Scientific, 1992
[138] Tiller, W.A. ; Jackson, K.A. ; Rutter, J.W. ; Chalmers, B.: The redistribution of
solute atoms during the solidification of metals. Acta Metallurgica 1 (1953), S. 428
[139] Meister, T. ; Werner, H. ; Lohoefer, G. ; Herlach, D.M. ; Unbehauen, H.: Gain-
scheduled control of an electrostatic levitator. Control Engineering Practice 11 (2003),
S. 117
[140] Given, E.: NASA experiments validate 50-year-old hypothesis. http://www.nasa.
gov/centers/marshall/multimedia/photos/2003/photos03-104.html
[141] Wang, Q. ; Wang, L.M. ; Ma, M.Z. ; Binder, S. ; Volkmann, T. ; Herlach, D.M. ;
Wang, J.S. ; Xue, Q.G. ; Tian, Y.J. ; Liu, R.P.: Diffusion-controlled crystal growth
in deeply undercooled melt on approaching the glass transition. Physical Review B
83 (2011), S. 014202
[142] In:Herlach, D.M. (Hrsg.) ; Matson, D.M. (Hrsg.): Solidification of containerless
undercooled melts. 2012
[143] Assadi, H. ; Reutzel, S. ; Herlach, D.M.: Kinetics of solidification of B2 intermetallic
phase in the NiAl system. Acta Materialia 54 (2006), S. 2793
[144] Kobold, R.: Untersuchungen zur Erstarrungsdynamik von Cu-Zr Legierungen, Fak-
ultät für Physik und Astronomie der Ruhr-Universität-Bochum, Diplomarbeit, 2011
[145] Lipton, J. ; Glicksman, M.E. ; Kurz, W.: Dendritic growth into undercooled alloy
metals. Materials Science and Engineering 65 (1984), S. 57
[146] Trivedi, R. ; Lipton, J. ; Kurz, W.: Effect of growth rate dependent partition
coefficient on the dendritic growth in undercooled melts. Acta Metallurgica 35 (1987),
S. 965
256
Bibliography
[147] Sahm, P.R. (Hrsg.) ; Egry, I. (Hrsg.) ; Volkmann, T. (Hrsg.): Schmelze, Erstarrung,
Grenzflächen: eine Einführung in die Physik und Technologie flüssiger und fester
Metalle. Braunschweig, Wiesbaden : Friedr. Vieweg & Sohn Verlagsgesellschaft mbH,
1999
[148] Gegner, J. ; Shuleshova, O. ; Kobold, R. ; Holland-Moritz, D. ; Yang, F. ; Hornfeck,
W. ; Bednarcik, J. ; Herlach, D.M.: In situ observation of the phase selection from
the undercooled melt in Cu-Zr. Journal of Alloys and Compounds 576 (2013), S. 232
[149] Ivantsov, G.P.: Temperature field around a spherical, cylindrical, and needle-shaped
crystal, growing in a pre-cooled melt / Akademiya Nauk SSR. 1947 (58). – Doklady
[150] Wilson, H.W.: On the velocity of solidification and viscosity of super-cooled liquids.
Philosophical Magazine Series 5 50 (1900), S. 238
[151] Frenkel, J.: Note on a relation between the speed of crystallization and viscosity.
Physikalische Zeitung der Sowjetunion 1 (1932), S. 498
[152] Köster, U. ; Schünemann, U. ; Liebermann, H.H. (Hrsg.): Rapidly solidified alloys:
Processes structures properties applications. CRC Press Taylor & Francis Group, 1993
(2)
[153] Orava, J. ; Greer, A.L.: Fast and slow crystal growth kinetics in glass-forming melts.
The Journal of Chemical Physics 140 (2014), S. 214504
[154] Zhong, L. ; Wang, J. ; Sheng, H. ; Zhang, Z. ; Mao, S.X.: Formation of monatomic
metallic glasses through ultrafast liquid quenching. Nature 512 (2014), S. 177
[155] Herold, U. ; Köster, U. ; Cantor, B. (Hrsg.): Rapidly quenched metals III. Bd. 1.
Metals Society, London, 1978
[156] Avrami, M.: Kinetics of phase change. I general theory. The Journal of Chemical
Physics 7 (1939), S. 1103
[157] Malek, J.: Kinetic analysis of crystallization processes in amorphous materials.
Thermochimica Acta 355 (2000), S. 239
[158] Malek, J.: The applicability of Johnson-Mehl-Avrami model in the thermal analysis
of the crystallization kinetics of glasses. Thermochimica Acta 267 (1995), S. 61
[159] Kissinger, H. E.: Reaction kinetics in differential thermal analysis. Analytical
Chemistry 29 (1957), S. 1702
[160] Tanaka, H.: Relation between thermodynamics and kinetics of glass-Forming liquids.
Physical Review Letters 90 (2003), S. 055701
257
Bibliography
[161] Perera, D.N.: Compilation of the fragility parameters for several glass-forming metallic
alloys. Journal of Physics: Condensed Matter 11 (1999), S. 3807
[162] Brüning, R. ; Samwer, K.: Glass transition on long time scales. Physical Review B
46 (1992), S. 11318
[163] Greaves, G.N. ; Greer, A.L. ; Lakes, R.S. ; Rouxel, T.: Poisson’s ratio and modern
materials. Nature Materials 10 (2011), S. 823
[164] Rouxel, T.: Elastic properties and short-to medium-range order in glasses. Journal
of the American Ceramic Society 90 (2007), S. 3019
[165] Mauro, N.A. ; Blodgett, M. ; Johnson, M.L. ; Vogt, A.J. ; Kelton, K.F.: A structural
signature of liquid fragility. Nature Communications 5 (2014), S. 1
[166] Duval, E. ; Mermet, A.: Inelastic x-ray scattering from nonpropagating vibrational
modes in glasses. Physical Review B 58 (1998), S. 8159
[167] Peker, A. ; Johnson, W.L.: A highly processable metallic glass:
Zr41.2Ti13.8Cu12.5Ni10.0Be22.5. Applied Physics Letters 63 (1993), S. 2342
[168] Kui, H.W. ; Greer, A.L. ; Turnbull, D.: Formation of bulk metallic glass by fluxing.
Applied Physics Letters 45 (1984), S. 615
[169] Inoue, A. ; Nishiyama, N.: Extremely low critical cooling rates of new Pd-Cu-P base
amorphous alloys. Materials Science and Engineering: A 226-228 (1997), S. 401
[170] Park, E.S. ; Na, J.H. ; Kim, D.H.: Correlation between fragility and glass-forming
ability/ plasticity in metallic glass-forming alloys. Applied Physics Letters 91 (2007),
S. 031907
[171] Senkov, O.N.: Correlation between fragility and glass-forming ability of metallic
alloys. Physical Review B 76 (2007), S. 104202
[172] Laws, K.J. ; Gun, B. ; Ferry, M.: Influence of casting parameters on the critical
casting size of bulk metallic glass. Metallurgical and Materials Transactions A 40
(2009), S. 2377
[173] Park, E.S. ; Kim, D.H.: Formation of Ca-Mg-Zn bulk glassy alloy by casting into
cone-shaped copper mold. Journal of Materials Research 19 (2004), S. 685
[174] Senkov, O.N. ; Scott, J.M.: Glass forming ability and thermal stability of ternary
Ca-Mg-Zn bulk metallic glasses. Journal of Non-Crystalline Solids 351 (2005), S.
3087
258
Bibliography
[175] Lu, Z.P. ; Liu, C.T.: A new glass-forming ability criterion for bulk metallic glasses.
Acta Materialia 50 (2002), S. 3501
[176] Lu, Z.P. ; Liu, C.T.: Glass formation criterion for various glass-Forming systems.
Physical Review Letters 91 (2003), S. 115505
[177] Long, Z. ; Wei, H. ; Ding, Y. ; Zhang, P. ; Xie, G. ; Inoue, A.: A new criterion for
predicting the glass-forming ability of bulk metallic glasses. Journal of Alloys and
Compounds 475 (2009), S. 207
[178] Lu, Z.P. ; Bei, H. ; Liu, C.T.: Recent progress in quantifying glass-forming ability of
bulk metallic glasses. Intermetallics 15 (2007), S. 618
[179] Guo, S. ; Lu, Z.P. ; Liu, C.T.: Identify the best glass forming ability criterion.
Intermetallics 18 (2010), S. 883
[180] Lu, Z.P. ; Shen, J. ; Xing, D. W. ; Sun, J. F. ; Liu, C.T.: Binary eutectic clusters
and glass formation in ideal glass-forming liquids. Applied Physics Letters 89 (2006)
[181] Egami, T.: Universal criterion for metallic glass formation. Materials Science and
Engineering: A 226-228 (1997), S. 261
[182] Egami, T ; Waseda, Y.: Atomic size effect on the formability of metallic glasses.
Journal of Non-Crystalline Solids 64 (1984), S. 113
[183] Oliveira, M.F. de ; Pereira, F.S. ; Bolfarini, C. ; Kiminami, C.S. ; Botta, W.J.:
Topological instability, average electronegativity difference and glass forming ability
of amorphous alloys. Intermetallics 17 (2009), S. 183
[184] Greer, A.L.: Metallic glasses: Damage tolerance at a price. Nat Mater 10 (2011),
S. 88
[185] Braeck, S. ; Podladchikov, Y. Y.: Spontaneous thermal runaway as an ultimate
failure mechanism of materials. Physical Review Letters 98 (2007), S. 095504
[186] Yavari, A.R. ; Lewandowski, J.J. ; Eckert, J.: Mechanical properties of bulk metallic
glasses. MRS Bulletin 32 (2007), S. 635
[187] Spaepen, F.: A microscopic mechanism for steady state inhomogeneous flow in
metallic glasses. Acta Metallurgica 25 (1977), S. 407
[188] Argon, A.S.: Plastic deformation in metallic glasses. Acta Metallurgica 27 (1979),
S. 47
259
Bibliography
[189] Heggen, M. ; Spaepen, F. ; Feuerbacher, M.: Creation and annihilation of free volume
during homogeneous flow of a metallic glass. Journal of Applied Physics 97 (2005), S.
033506
[190] Argon, A.S. ; Kuo, H.Y.: Plastic flow in a disordered bubble raft (an analog of a
metallic glass). Materials Science and Engineering 39 (1979), S. 101
[191] Falk, M.L. ; Langer, J.S.: Dynamics of viscoplastic deformation in amorphous solids.
Physical Review E 57 (1998), S. 7192
[192] Schuh, C.A. ; Lund, A.C.: Atomistic basis for the plastic yield criterion of metallic
glass. Nature Materials 2 (2003), S. 449
[193] Argon, A.S. ; Shi, L.T.: Development of visco-plastic deformation in metallic glasses.
Acta Metallurgica 31 (1983), S. 499
[194] Eastgate, L.O. ; Langer, J.S. ; Pechenik, L.: Dynamics of large-scale plastic deform-
ation and the necking instability in amorphous solids. Physical Review Letters 90
(2003), S. 045506
[195] Manning, M.L. ; Langer, J.S. ; Carlson, J.M.: Strain localization in a shear trans-
formation zone model for amorphous solids. Physical Review E 76 (2007), S. 056106
[196] Langer, J.S.: Shear-transformation-zone theory of plastic deformation near the glass
transition. Physical Review E 77 (2008), S. 021502
[197] Falk, M. L.: Molecular-dynamics study of ductile and brittle fracture in model
noncrystalline solids. Physical Review B 60 (1999), S. 7062
[198] Wang, J.G. ; Pan, Y. ; Song, S.X. ; Sun, B.A. ; Wang, G. ; Zhai, Q.J. ; Chan, K.C. ;
Wang, W.H.: How hot is a shear band in a metallic glass? Materials Science and
Engineering: A 651 (2016), S. 321
[199] Zink, M. ; Samwer, K. ; Johnson, W.L. ; Mayr, S.G.: Plastic deformation of metallic
glasses: Size of shear transformation zones from molecular dynamics simulations.
Physical Review B 73 (2006), S. 172203
[200] Mayr, S.G.: Activation energy of shear transformation zones: a key for understanding
rheology of glasses and liquids. Physical Review Letters 97 (2006), S. 195501
[201] Pan, D. ; Inoue, A. ; Sakurai, T. ; Chen, M. W.: Experimental characterization of
shear transformation zones for plastic flow of bulk metallic glasses. Proceedings of the
National Academy of Sciences 105 (2008), S. 14769
260
Bibliography
[202] Wakeda, M. ; Shibutani, Y. ; Ogata, S. ; Park, J.: Relationship between local geomet-
rical factors and mechanical properties for Cu-Zr amorphous alloys. Intermetallics 15
(2007), S. 139
[203] Delogu, F.: Identification and characterization of potential shear transformation
zones in metallic glasses. Physical Review Letters 100 (2008), S. 255901
[204] Han, Z. ; Li, Y.: Cooperative shear and catastrophic fracture of bulk metallic glasses
from a shear-band instability perspective. Journal of Materials Research 24 (2009),
S. 3620
[205] Cao, A.J. ; Cheng, Y.Q. ; Ma, E.: Structural processes that initiate shear localization
in metallic glass. Acta Materialia 57 (2009), S. 5146
[206] Han, Z. ; Wu, W.F. ; Li, Y. ; Wei, Y.J. ; Gao, H.J.: An instability index of shear
band for plasticity in metallic glasses. Acta Materialia 57 (2009), S. 1367
[207] Liu, C.T. ; Heatherly, L. ; Horton, J.A. ; Easton, D.S. ; Carmichael, C.A. ; Wright,
J.L. ; Schneibel, J.H. ; Yoo, M.H. ; Chen, C.H. ; Inoue, A.: Test environments and
mechanical properties of Zr-base bulk amorphous alloys. Metallurgical and Materials
Transactions A 29 (1998), S. 1811
[208] Gilman, J.J.: Mechanical behavior of metallic glasses. Journal of Applied Physics 46
(1975), S. 1625
[209] Wright, W.J. ; Schwarz, R.B. ; Nix, W.D.: Localized heating during serrated plastic
flow in bulk metallic glasses. Materials Science and Engineering: A 319 (2001), S.
229
[210] Dalla Torre, F.H. ; Klaumünzer, D. ; Maas, R. ; Löffler, J.F.: Stick-slip behavior
of serrated flow during inhomogeneous deformation of bulk metallic glasses. Acta
Materialia 58 (2010), S. 3742
[211] Askeland, D.R. ; Fulay, P.P. ; Wright, W.J.: The science and engineering of materials.
3. PWS Publishing Company, 1993
[212] Zhang, Z.F ; Eckert, J. ; Schultz, L.: Difference in compressive and tensile fracture
mechanisms of Zr59Cu20Al10Ni8Ti3 bulk metallic glass. Acta Materialia 51 (2003),
S. 1167
[213] Zhang, Z.F. ; He, G. ; Eckert, J. ; Schultz, L.: Fracture mechanisms in bulk metallic
glassy materials. Physical Review Letters 91 (2003), S. 045505
[214] Donovan, P.E.: A yield criterion for Pd40Ni40P20 metallic glass. Acta Metallurgica
37 (1989), S. 445
261
Bibliography
[215] Zhang, Z.F. ; Zhang, H. ; Pan, X.F. ; Das, J. ; Eckert, J.: Effect of aspect ratio on
the compressive deformation and fracture behaviour of Zr-based bulk metallic glass.
Philosophical Magazine Letters 85 (2005), S. 513
[216] Cheng, Y.Q. ; Han, Z. ; Li, Y. ; Ma, E.: Cold versus hot shear banding in bulk
metallic glass. Physical Review B 80 (2009), S. 134115
[217] Yin, J. ; Ma, X. ; Zhou, Z.: Composition and size dependent brittle-to-malleable
transitions of Mg-based bulk metallic glasses. Materials Science and Engineering: A
605 (2014), S. 286
[218] Wu, W.F. ; Han, Z. ; Li, Y.: Size-dependent "malleable-to-brittle" transition in a
bulk metallic glass. Applied Physics Letters 93 (2008), S. 061908
[219] Xie, S. ; George, E.P.: Size-dependent plasticity and fracture of a metallic glass in
compression. Intermetallics 16 (2008), S. 485
[220] Yang, Y. ; Ye, J.C. ; Lu, J. ; Liaw, P.K. ; Liu, C.T.: Characteristic length scales
governing plasticity/ brittleness of bulk metallic glasses at ambient temperature.
Applied Physics Letters 96 (2010), S. 011905
[221] Huang, Y.J. ; Shen, J. ; Sun, J.F.: Bulk metallic glasses: Smaller is softer. Applied
Physics Letters 90 (2007), S. 081919
[222] Klaumünzer, D. ; Maas, R. ; Löffler, J.F.: Stick-slip dynamics and recent insights into
shear banding in metallic glasses. Journal of Materials Research 26 (2011), S. 1453
[223] Sun, B.A. ; Pauly, S. ; Hu, J. ; Wang, W.H. ; Kühn, U. ; Eckert, J.: Origin of
intermittent plastic flow and instability of shear band sliding in bulk metallic glasses.
Physical Review Letters 110 (2013), S. 225501
[224] Wang, C. ; Sun, B.A. ; Wang, W.H. ; Bai, H.Y.: Chaotic state to self-organized
critical state transition of serrated flow dynamics during brittle-to-ductile transition
in metallic glass. Journal of Applied Physics 119 (2016), S. 054902
[225] Mingwei, C.: Mechanical behavior of metallic glasses: Microscopic understanding of
strength and ductility. Annual Review of Materials Research 38 (2008), S. 445
[226] Boucharat, N. ; Hebert, R. ; Rösner, H. ; Valiev, R. ; Wilde, G.: Nanocrystallization
of amorphous Al88Y7Fe5 alloy induced by plastic deformation. Scripta Materialia 53
(2005), S. 823
[227] Pauly, S. ; Lee, M.H. ; Kim, D.H. ; Kim, K.B. ; Sordelet, D.J. ; Eckert, J: Crack
evolution in bulk metallic glasses. Journal of Applied Physics 106 (2009), S. 103518
262
Bibliography
[228] Pampillo, C.A. ; Reimschuessel, A.C.: The fracture topography of metallic glasses.
Journal of Materials Science 9 (1974), S. 718
[229] Lewandowski, J.J. ; Greer, A.L.: Temperature rise at shear bands in metallic glasses.
Nature Materials 5 (2006), S. 15
[230] Zhang, Y. ; Stelmashenko, N.A. ; Barber, Z.H. ; Wang, W.H. ; Lewandowski, J.J. ;
Greer, A.L.: Local temperature rises during mechanical testing of metallic glasses.
Journal of Materials Research 22 (2007), S. 419
[231] Shen, J. ; Huang, Y.J. ; Sun, J.F.: Plasticity of a TiCu-based bulk metallic glass:
Effect of cooling rate. Journal of Materials Research 22 (2007), S. 3067
[232] Tan, J. ; Zhang, Y. ; Sun, B. A. ; Stoica, M. ; Li, C. J. ; Song, K. K. ; Kühn, U. ;
Pan, F. S. ; Eckert, J.: Correlation between internal states and plasticity in bulk
metallic glass. Applied Physics Letters 98 (2011), S. 151906
[233] Chen, Y. ; Jiang, M.Q. ; Dai, L.H.: How does the initial free volume distribution
affect shear band formation in metallic glass? Science China Physics, Mechanics and
Astronomy 54 (2011), S. 1488
[234] Wang, Y. ; Li, M. ; Xu, J.: Toughen and harden metallic glass through designing
statistical heterogeneity. Scripta Materialia 113 (2016), S. 10
[235] Lee, S.-W. ; Huh, M.-Y. ; Fleury, E. ; Lee, J.-C.: Crystallization-induced plasticity of
Cu-Zr containing bulk amorphous alloys. Acta Materialia 54 (2006), S. 349
[236] Liu, Y.H. ; Wang, G. ; Wang, R.J. ; Zhao, D.Q. ; Pan, M.X. ; W.H., Wang: Super
plastic bulk metallic glasses at room temperature. Science 315 (2007), S. 1385
[237] Kim, K.B. ; Das, J. ; Lee, M.H. ; Yi, S. ; Fleury, E. ; Zhang, Z.F. ; Wang, W.H. ;
Eckert, J.: Propagation of shear bands in a Cu47.5Zr47.5Al5 bulk metallic glass.
Journal of Materials Research 23 (2008), S. 6
[238] Jiang, F. ; Wang, H.F. ; Jiang, M.Q. ; Li, G. ; Zhao, Y.L. ; He, L. ; Sun, J.: Ambient
temperature embrittlement of a Zr-based bulk metallic glass. Materials Science and
Engineering: A 549 (2012), S. 14
[239] Kumar, G. ; Neibecker, P. ; Liu, Y.H. ; Schroers, J.: Critical fictive temperature for
plasticity in metallic glasses. Nature Communications 4 (2013), S. 1536
[240] Yue, Y.Z. ; Ohe, R von d. ; Jensen, S.: Fictive temperature, cooling rate, and viscosity
of glasses. The Journal of Chemical Physics 120 (2004), S. 8053
263
Bibliography
[241] Lind, M.L. ; Duan, G. ; Johnson, W.L.: Isoconfigurational elastic constants and
liquid fragility of a bulk metallic glass forming alloy. Physical Review Letters 97
(2006), S. 015501
[242] Kim, J.-J. ; Choi, Y. ; Suresh, S. ; Argon, A.S.: Nanocrystallization during nanoin-
dentation of a bulk amorphous metal alloy at room temperature. Science 295 (2002),
S. 654
[243] Chen, H. ; He, Y. ; Shiflet, G. J. ; Poon, S. J.: Deformation-induced nanocrystal
formation in shear bands of amorphous alloys. Nature 367 (1994), S. 541
[244] Bruck, H. A. ; Rosakis, A.J. ; Johnson, W.L.: The dynamic compressive behavior of
beryllium bearing bulk metallic glasses. Journal of Materials Research 11 (1996), S.
503
[245] Gilbert, C.J. ; Ager, J.W. ; Schroeder, V. ; Ritchie, R.O. ; Lloyd, J.P. ; Graham,
J.R.: Light emission during fracture of a Zr-Ti-Ni-Cu-Be bulk metallic glass. Applied
Physics Letters 74 (1999), S. 3809
[246] Wang, K. ; Fujita, T. ; Zeng, Y.Q. ; Nishiyama, N. ; Inoue, A. ; Chen, M.W.:
Micromechanisms of serrated flow in a Ni50Pd30P20 bulk metallic glass with a large
compression plasticity. Acta Materialia 56 (2008), S. 2834
[247] Shibata, A. ; Sone, M. ; Higo, Y.: Characterization of deformation-induced structural
change of Pd78Cu6Si16 metallic glass using a micro-sized cantilever-beam specimen.
Scripta Materialia 62 (2010), S. 309
[248] Matthews, D.T.A. ; Ocelik, V. ; Bronsveld, P.M. ; De Hosson, J.Th.M.: An electron
microscopy appraisal of tensile fracture in metallic glasses. Acta Materialia 56 (2008),
S. 1762
[249] Fornell, J. ; Rossinyol, E. ; Surinachch, M.D. S.and B. S.and Baró ; Li, W.H. ;
Sort, J.: Enhanced mechanical properties in a Zr-based metallic glass caused by
deformation-induced nanocrystallization. Scripta Materialia 62 (2010), S. 13
[250] Cao, Q.P. ; Li, J.F. ; Hu, Y. ; Horsewell, A. ; Jiang, J.Z. ; Zhou, Y.H.: Deformation-
strengthening during rolling Cu60Zr20Ti20 bulk metallic glass. Materials Science
and Engineering: A 457 (2007), S. 94
[251] Hajlaoui, K. ; Doisneau, B. ; Yavari, A.R. ; Botta, W.J. ; Zhang, W. ; Vaughan,
G. ; Kvick, A. ; Inoue, A. ; Greer, A.L.: Unusual room temperature ductility of
glassy copper-zirconium caused by nanoparticle dispersions that grow during shear.
Materials Science and Engineering: A 449 (2007), S. 105
264
Bibliography
[252] Brink, T. ; Peterlechner, M. ; Rösner, H. ; Albe, K. ; Wilde, G.: Influence of crystalline
nanoprecipitates on shear-band propagation in Cu-Zr-based metallic glasses. Physical
Review Applied 5 (2016), S. 054005
[253] Albe, K. ; Ritter, Y. ; Sopu, D.: Enhancing the plasticity of metallic glasses: Shear
band formation, nanocomposites and nanoglasses investigated by molecular dynamics
simulations. Mechanics of Materials 67 (2013), S. 94
[254] Zaheri, A. ; Abdeljawad, F ; Haataja, M.: Simulation study of mechanical properties of
bulk metallic glass systems: martensitic inclusions and twinned precipitates. Modelling
and Simulation in Materials Science and Engineering 22 (2014), S. 085008
[255] Hebert, R.J. ; Perepezko, J.H. ; Rösner, H. ; Wilde, G.: Dislocation formation during
deformation-induced synthesis of nanocrystals in amorphous and partially crystalline
amorphous Al88Y7Fe5 alloy. Scripta Materialia 54 (2006), S. 25
[256] Wang, G. ; Pauly, S. ; Gorantla, S. ; Mattern, N. ; Eckert, J.: Plastic flow of a
Cu50Zr45Ti5 bulk metallic glass composite. Journal of Materials Science & Technology
30 (2014), S. 609
[257] Chen, M.W. ; Inoue, A. ; Fan, C. ; Sakai, A. ; Sakurai, T.: Fracture behavior of
a nanocrystallized Zr65Cu15Al10Pd10 metallic glass. Applied Physics Letters 74
(1999), S. 2131
[258] Pauly, S. ; Liu, G. ; Gorantla, S. ; Wang, G. ; Kühn, U. ; Kim, D.H. ; Eckert, J.:
Criteria for tensile plasticity in Cu-Zr-Al bulk metallic glasses. Acta Materialia 58
(2010), S. 4883
[259] Schatt, W (Hrsg.) ; Worch, H. (Hrsg.): Werkstoffwissenschaft. 9. Weinheim :
Wiley-VCH, 2002
[260] Choi-Yim, H. ; Johnson, W.L.: Bulk metallic glass matrix composites. Applied
Physics Letters 71 (1997), S. 3808
[261] Kinaka, M. ; Kato, H. ; Hasegawa, M. ; Inoue, A.: High specific strength Mg-based
bulk metallic glass matrix composite highly ductilized by Ti dispersoid. Materials
Science and Engineering: A 494 (2008), S. 299
[262] Eckert, J. ; Das, J. ; Pauly, S. ; Duhamel, C.: Processing routes, microstructure and
mechanical properties of metallic glasses and their composites. Advanced Engineering
Materials 9 (2007), S. 443
[263] Kühn, U. ; Eckert, J. ; Mattern, N. ; Schultz, L.: As-cast quasicrystalline phase in a
Zr-based multicomponent bulk alloy. Applied Physics Letters 77 (2000), S. 3176
265
Bibliography
[264] Kühn, U. ; Eckert, J. ; Mattern, N. ; Schultz, L.: ZrNbCuNiAl bulk metallic glass
matrix composites containing dendritic bcc phase precipitates. Applied Physics Letters
80 (2002), S. 2478
[265] Fan, G.J. ; Quan, M.X.. ; Hu, Z.Q. ; Löser, W. ; Eckert, J.: Deformation-induced
microstructural changes in Fe40Ni40P14B6 metallic glass. Journal of Materials
Research 14 (1999), S. 3765
[266] Hofmann, D.C.: Shape memory bulk metallic glass composites. Science 329 (2010),
S. 1294
[267] Das, J. ; Pauly, S. ; Boström, M. ; Durst, K. ; Göken, M. ; Eckert, J.: Designing bulk
metallic glass and glass matrix composites in martensitic alloys. Journal of Alloys
and Compounds 483 (2009), S. 97
[268] Altounian, Z. ; Guo-hua, Tu ; Strom-Olsen, J. O.: Crystallization characteristics of
Cu-Zr metallic glasses from Cu70Zr30 to Cu25Zr75. Journal of Applied Physics 53
(1982), S. 4755
[269] Inoue, A. ; Masumoto, T. ; Yano, N.: Production of metal-zirconium type amorphous
wires and their mechanical strength and structural relaxation. Journal of Materials
Science 19 (1984), S. 3786
[270] Buschow, K.H.J.: Thermal stability of amorphous Zr-Cu alloys. Journal of Applied
Physics 52 (1981), S. 3319
[271] Inoue, A. ; Zhang, W. ; Saida, J.: Synthesis and fundamental properties of Cu-based
bulk glassy alloys in binary and multi-component systems. Materials Transactions
45 (2004), S. 1153
[272] Xu, D. ; Lohwongwatana, B. ; Duan, G. ; Johnson, W.L. ; Garland, C.: Bulk metallic
glass formation in binary Cu-rich alloy series Cu100-xZrx (x=34, 36, 38.2, 40 at.pct.)
and mechanical properties of bulk Cu64Zr36 glass. Acta Materialia 52 (2004), S. 2621
[273] Wang, D. ; Li, Y. ; Sun, B.B. ; Sui, M.L. ; Lu, K. ; Ma, E.: Bulk metallic glass
formation in the binary Cu-Zr system. Applied Physics Letters 84 (2004), S. 4029
[274] Tang, M.B. ; Zhao, D.Q. ; Pan, M.X. ; W.H., Wang: Binary Cu-Zr bulk metallic
glasses. Chinese Physics Letters 21 (2004), S. 901
[275] Wang, W.H. ; Lewandowski, J.J. ; Greer, A.L.: Understanding the glass-forming
ability of Cu50Zr50 alloys in terms of a metastable eutectic. Journal of Materials
Research 20 (2005), S. 2307
266
Bibliography
[276] Zhu, Z.W. ; Zhang, H.F. ; Sun, W.S. ; Ding, B.Z. ; Hu, Z.Q.: Processing of bulk
metallic glasses with high strength and large compressive plasticity in Cu50Zr50.
Scripta Materialia 54 (2006), S. 1145
[277] Inoue, A. ; Zhang, W. ; Tsurui, T. ; Yavari, A.R. ; Greer, A.L.: Unusual room-
temperature compressive plasticity in nanocrystal-toughened bulk copper-zirconium
glass. Philosophical Magazine Letters 85 (2005), S. 221
[278] Zeng, K.J. ; Hämäläinen, M. ; Lukas, H.L.: A new thermodynamic description of the
Cu-Zr system. Journal of Phase Equilibria 15 (1994), S. 577
[279] Pauly, S.: Phase formation and mechanical properties of metastable Cu-Zr-based
alloys, Technical University of Dresden, Diss., 2010
[280] Cheng, Y.Q. ; Cao, A.J. ; Sheng, H.W. ; Ma, E.: Local order influences initiation of
plastic flow in metallic glass: Effects of alloy composition and sample cooling history.
Acta Materialia 56 (2008), S. 5263
[281] Carvalho, E.M. ; ; Harris, I.R.: Constitutional and structural studies of the inter-
metallic phase, ZrCu. Journal of Materials Science 15 (1980), S. 1224
[282] Koval, Y.N. ; Firstov, G.S. ; Kotko, A.V.: Martensitic transformation and shape
memory effect in ZrCu intermetallic compound. Scripta Metallurgica et Materialia
27 (1992), S. 1611
[283] Zhalko-Titarenko, A.V. ; Yevlashina, M.L. ; Antonov, V.N. ; Yavorskii, B.Y. ; Koval,
Y.N. ; Firstov, G.S.: Electronic and crystal structure of the ZrCu intermetallic
compound close to the point of structural transformation. Physica Status Solidi (B)
184 (1994), S. 121
[284] Zhou, S.H. ; Napolitano, R.E.: Identification of the B33 martensite phase in Cu-Zr
using first-principles and X-ray diffraction. Scripta Materialia 59 (2008), S. 1143
[285] Ren, X. ; Miura, N. ; Taniwaki, K. ; Otsuka, K. ; Suzuki, T. ; Tanaka, K. ; Chumlyakov,
Y.: Understanding the martensitic transformations in TiNi-based alloys by elastic
constants measurement. Materials Science and Engineering: A 273 (1999), S. 190
[286] Potapov, P.L. ; Shelyakov, A.V. ; Schryvers, D.: On the crystal structure of TiNi-Cu
martensite. Scripta Materialia 44 (2001), S. 1
[287] Bihlmayer, G. ; Eibler, R.: Electronic structure of the martensitic phases B19’-NiTi
and B19-PdTi. Journal of Physics: Condensed Matter 5 (1993), S. 5083
[288] Wang, W.H.: Roles of minor additions in formation and properties of bulk metallic
glasses. Progress in Materials Science 52 (2007), S. 540
267
Bibliography
[289] Yu, P. ; Bai, H.Y. ; Tang, M.B. ; Wang, W.L.: Excellent glass-forming ability in
simple Cu50Zr50-based alloys. Journal of Non-Crystalline Solids 351 (2005), S. 1328
[290] Zhou, B.W. ; Zhang, X.G. ; Zhang, W. ; Kimura, H. ; Zhang, T. ; Makino, A. ; Inoue,
A.: Synthesis and mechanical properties of new Cu-based Cu-Zr-Al glassy alloys with
critical diameters up to centimeter order. Materials Transactions, JIM 51 (2010), S.
826
[291] Men, H. ; Pang, S.J. ; Zhang, T.: Glass-forming ability and mechanical properties of
Cu50Zr50-xTix alloys. Materials Science and Engineering: A 408 (2005), S. 326
[292] Ma, G.Z. ; Sun, B.A. ; Pauly, S. ; Song, K.K. ; Kühn, U. ; Chen, D. ; Eckert, J.:
Effect of Ti substitution on glass-forming ability and mechanical properties of a brittle
Cu-Zr-Al bulk metallic glass. Materials Science and Engineering: A 563 (2013), S.
112
[293] Duan, G. ; Lind, M.L. ; De Blauwe, K. ; Wiest, A.: Thermal and elastic properties of
Cu-Zr-Be bulk metallic glass forming alloys. Applied Physics Letters 90 (2007), S.
211901
[294] Song, K.K. ; Pauly, S. ; Sun, B.A. ; Zhang, Y. ; Tan, J. ; Kühn, U. ; Stoica, M. ;
Eckert, J.: Formation of Cu-Zr-Al-Er bulk metallic glass composites with enhanced
deformability. Intermetallics 30 (2012), S. 132
[295] Kosiba, K. ; Kühn, U. ; Eckert, J. ; Pauly, S.: Phase evolution, glass-forming
ability and mechanical behaviour of Cu50Zr(50-x)Hfx (X=2,5,10,20) metastable
alloys. Unpublished
[296] Song, K.K. ; Pauly, S. ; Zhang, Y. ; Sun, B.A. ; He, J. ; Ma, G.Z. ; Kühn, U. ; Eckert,
J.: Thermal stability and mechanical properties of Cu46Zr46Ag8 bulk metallic glass
and its composites. Materials Science and Engineering: A 559 (2013), S. 711
[297] Inoue, A. ; Zhang, T. ; Masumoto, T.: Proceedings of the Fifth International
Conference on the structure of Non-Crystalline Materials (NCM 5): The structural
relaxation and glass transition of La-Al-Ni and Zr-Al-Cu amorphous alloys with a
significant supercooled liquid region. Journal of Non-Crystalline Solids 150 (1992), S.
396
[298] Xing, L.Q. ; Ochin, P. ; Bigot, J.: Effects of Al on the glass-forming ability of Zr-Cu
based alloys. Journal of Non-Crystalline Solids 205 (1996), S. 637
[299] Wang, D. ; Tan, H. ; Li, Y.: Multiple maxima of GFA in three adjacent eutectics
in Zr-Cu-Al alloy system - A metallographic way to pinpoint the best glass forming
alloys. Acta Materialia 53 (2005), S. 2969
268
Bibliography
[300] Yokoyama, Y. ; Inoue, H. ; Fukaura, K. ; Inoue, A.: Relationship between the liquidus
surface and structures of Zr-Cu-Al bulk amorphous alloys. Materials Transactions 43
(2002), S. 575
[301] An, Q. ; Samwer, K. ; Goddard, W.A. ; Johnson, W.L. ; Jaramillo-Botero, A. ;
Garret, G. ; Demetriou, M.D.: Predicted optimum composition for the glass-Forming
ability of bulk amorphous alloys: Application to Cu-Zr-Al. The Journal of Physical
Chemistry Letters 3 (2012), S. 3143
[302] Das, J. ; Tang, M.B. ; Kim, K.B. ; Theissmann, R. ; Baier, F. ; Wang, W.H. ; Eckert,
J.: “Work-hardenable” ductile bulk metallic glass. Physical Review Letters 94 (2005),
S. 205501
[303] Song, K.K. ; Pauly, S. ; Zhang, Y. ; Gargarella, P. ; Li, R. ; Barekar, N.S. ; Kühn,
U. ; Stoica, M. ; Eckert, J.: Strategy for pinpointing the formation of B2 CuZr in
metastable CuZr-based shape memory alloys. Acta Materialia 59 (2011), S. 6620
[304] Bo, H. ; Wang, J. ; Jin, S. ; Qi, H.Y. ; Yuan, X.L. ; Liu, L.B. ; Jin, Z.P.: Thermody-
namic analysis of the Al-Cu-Zr bulk metallic glass system. Intermetallics 18 (2010),
S. 2322
[305] Wu, K. ; Li, R. ; Zhang, T.: Crystallization and thermophysical properties of
Cu46Zr47Al6Co1 bulk metallic glass. AIP Advances 3 (2013), S. 112115
[306] Durga, A. ; Hari Kumar, K.C.: Thermodynamic optimization of the Co-Zr system.
Calphad 34 (2010), S. 200
[307] Kosiba, K. ; Gargarella, P. ; Pauly, S. ; Kühn, U. ; Eckert, J.: Predicted glass-forming
ability of Cu-Zr-Co alloys and their crystallization behavior. Journal of Applied
Physics 113 (2013), S. 123505
[308] Pauly, S. ; Kosiba, K. ; Gargarella, P. ; Escher, B. ; Song, K.K. ; Wang, G. ; Kühn,
U. ; Eckert, J.: Microstructural evolution and mechanical behaviour of metastable
Cu-Zr-Co Alloys. Journal of Materials Science & Technology 30 (2014), S. 584
[309] Wuttig, M. ; Yamada, N.: Phase-change materials for rewriteable data storage.
Nature Materials 6 (2007), S. 824
[310] Orava, J. ; Greer, A.L. ; Gholipour, B. ; Hewak, D.W. ; Smith, C.E.: Characteriz-
ation of supercooled liquid Ge2Sb2Te5 and its crystallization by ultrafast-heating
calorimetry. Nature Materials 11 (2012), S. 279
[311] Redaelli, A. ; Pirovano, A. ; Benvenuti, A. ; Lacaita, A.L.: Threshold switching and
phase transition numerical models for phase change memory simulations. Journal of
Applied Physics 103 (2008), S. 111101
269
Bibliography
[312] Zhuravlev, E. ; Schick, C.: Fast scanning power compensated differential scanning
nano-calorimeter: 1. The device. Thermochimica Acta 505 (2010), S. 1
[313] McCluskey, P.J. ; Xiao, K. ; Gregoire, J.M. ; Dale, D. ; Vlassak, J.J.: Application
of in-situ nano-scanning calorimetry and X-ray diffraction to characterize Ni-Ti-Hf
high-temperature shape memory alloys. Thermochimica Acta 603 (2015), S. 53
[314] Nagel, S.R.: Temperature dependence of the resistivity in metallic glasses. Physical
Review B 16 (1977), S. 1694
[315] Güntherodt, H.J.: Metallic glasses. In: Advances in Solid State Physics 17. Springer
Berlin Heidelberg, 1977. 1977
[316] Barandiaran, J. ; Hernando, a. ; Nielsen, O.: Flash annealing under stress in some
Co-rich metallic glasses. IEEE Transactions on Magnetics 22 (1986), S. 1864
[317] Gibbs, M.R.J. ; Lee, D.-H. ; Evetts, J.E.: D.C. magnetic properties of metallic glasses
after flash annealing. IEEE Transactions on ma 20 (1984), S. 287
[318] Jagielinski, T.: Flash annealing of amorphous alloys. IEEE Transactions on Magnetics
19 (1983), S. 1925
[319] Kulik, T. ; Matyja, H.: Effect of flash- and furnace annealing on the magnetic and
mechanical properties of metallic glasses. Materials Science and Engineering A 133
(1991), S. 232
[320] Zaluska, A. ; Matyja, H.: Rapid heating of Fe-Si-B metallic glasses. Journal of
Materials Science Letters 2 (1983), S. 729
[321] Johnson, W.L. ; Kaltenboeck, G. ; Demetriou, M.D. ; Schramm, J.P. ; Liu, X. ;
Samwer, K. ; Kim, C.P. ; Hofmann, D.C.: Beating crystallization in glass-Forming
metals by millisecond heating and processing. Science 332 (2011), S. 828
[322] Saotome, Y. ; Roppongi, K. ; Zhang, T. ; Inoue, A.: Characteristic behavior of
La55Al25Ni20 amorphous alloy under rapid heating. Materials Science and Engineer-
ing A 304 (2001), S. 743
[323] Saotome, Y. ; Noguchi, Y. ; Zhang, T. ; Inoue, A.: Characteristic behavior of Pt-based
metallic glass under rapid heating and its application to microforming. Materials
Science and Engineering A 375-377 (2004), S. 389
[324] Kaltenboeck, G. ; Harris, T. ; Sun, K. ; Tran, T. ; Chang, G. ; Schramm, J.P. ;
Demetriou, M.D. ; Johnson, W.L.: Accessing thermoplastic processing windows in
metallic glasses using rapid capacitive discharge. Scientific Reports 4 (2014), S. 6441
270
Bibliography
[325] Kulik, T. ; Horubala, T. ; Matyja, H.: Flash annealing nanocrystallization of
Fe-Si-B-based glasses. Materials Science and Engineering A 157 (1992), S. 107
[326] Sun, H. ; Flores, K.M.: Spherulitic crystallization behavior of a metallic glass at high
heating rates. Intermetallics 19 (2011), S. 1538
[327] Zhang, S. ; Ichitsubo, T. ; Yokoyama, Y. ; Matsubara, E. ; Inoue, A.: Crystallization
behavior and structural stability of Zr50Cu40Al10 bulk metallic glass. Materials
Transactions 50 (2009), S. 1340
[328] Taguchi, O. ; Iijima, Y. ; Hirano, K.: Reaction diffusion in the Cu-Zr system. Journal
of Alloys and Compounds 215 (1994), S. 329
[329] Kulik, T ; Bucka, D ; Matyja, H: Effect of flash annealing on the grain size and
morphology of crystallization products of Co-Si-B glasses. Journal of Materials
Science Letters 12 (1993), S. 76
[330] Belyaev, S.P. ; Resnina, N.N. ; Irzhak a.V. ; Istomin-Kastrovsky, V.V. ; Koledov,
V.V. ; Kuchin, D.S. ; Shavrov, V.G. ; Ari-Gur, P. ; Shelyakov a.V. ; Tabachkova,
N.Y.: Amorphous-crystalline Ti2NiCu alloy rapidly quenched ribbons annealed by
DSC and electric pulses. Journal of Alloys and Compounds 586 (2014), S. 222
[331] Wheeler, H.A.: Formulas for the skin effect. Proceedings of the IRE 30 (1942), S. 412
[332] Guo, J. ; Zu, F. ; Chen, Z. ; Zheng, S. ; Yuan, Y.: Exploration of a new method in
determining the glass transition temperature of BMGs by electrical resistivity. Solid
State Communications 135 (2005), S. 103
[333] Wang, Y. ; Lu, K.: Electrical resistance measurement of glass transition and
crystallization characteristics of Zr-Al-Cu-Ni metallic glasses. Journal of Materials
Sciences and Technology 18 (2002), S. 492
[334] Vermeulen, F.E. ; Chute, F.S.: On the axial and eddy currents induced in a cylindrical
core of lossy material heated by an induction coil. Electrical Engineering Journal,
Canadian 8 (1983), S. 93
[335] Stansel, N.R.: Induction Heating - Selection of Frequency. Transactions of the
American Institute of Electrical Engineers 63 (1944), S. 755
[336] Storm, H. F.: Surface heating by induction. IEEE Transactions, Communications 63
(1944), S. 749
[337] Lee, K. ; Park, K.: Modeling of the eddy currents with the consideration of the induced
magnetic flux. In: TENCON 2001. Proceedings of IEEE Region 10 International
Conference on Electrical and Electronic Technology Bd. 2, S. 762
271
Bibliography
[338] Jones, H.: The status of rapid solidification of alloys in research and application.
Journal of Materials Science 19 (1984), S. 1043
[339] Srivastava, R. M. ; Eckert, J. ; Löser, W. ; Dhindaw, B.K. ; Schultz, L.: Cooling
rate evaluation for bulk amorphous alloys from eutectic microstructures in casting
processes. Materials Transactions, JIM 43 (2002), S. 1670
[340] Jackson, K.A. ; Hunt, J.D.: Lamellar and rod eutectic growth. Transactions of the
Metallurgical Society of AIME 236 (1966), S. 1129
[341] Burden, M. H. ; Jones, H.: Determination of cooling rate in splat-cooling from scale
of microstructure. Journal of the Institute of Metals 98 (1970), S. 249
[342] Jordan, R.M. ; Hunt, J.D.: The growth of lamellar eutectic structures in the Pb-Sn
and Al-CuAl2 systems. Metallurgical and Materials Transactions B 2 (1971), S. 3401
[343] Barin, I.: Thermodynamic data for pure substances. 3. Wiley-VCH Verlag GmbH,
1995
[344] Lim, K.R. ; Park, J.M. ; Kim, S.J. ; Lee, E.-S. ; Kim, W.T. ; Gebert, A. ; Eckert,
J. ; Kim, D.H.: Enhancement of oxidation resistance of the supercooled liquid in
Cu-Zr-based metallic glass by forming an amorphous oxide layer with high thermal
stability. Corrosion Science 66 (2013), S. 1
[345] Apreutesei, M. ; Steyer, P. ; Billard, A. ; Joly-Pottuz, L. ; Esnouf, C.: Zr-Cu thin film
metallic glasses: An assessment of the thermal stability and phases’ transformation
mechanisms. Journal of Alloys and Compounds 619 (2015), S. 284
[346] Lim, K.R. ; Kim, W.T. ; Lee, E.-S. ; Jee, S.S. ; Kim, S.Y. ; Kim, D.H. ; Gebert,
A. ; Eckert, J.: Oxidation resistance of the supercooled liquid in Cu50Zr50 and
Cu46Zr46Al8 metallic glasses. Journal of Materials Research 27 (2012), S. 1178
[347] Tam, C.Y. ; Shek, C.H. ; Wang, W.H.: Oxidation behaviour of a Cu-Zr-Al bulk
metallic glass. Reviews on Advanced Materials Science 18 (2008), S. 107
[348] Kai, W. ; Ho, T.H. ; Hsieh, H.H. ; Chen, Y.R. ; Qiao, D.C. ; Jiang, F. ; Fan, G. ;
Liaw, P.K.: Oxidation behavior of CuZr-Based glassy alloys at 400 °C to 500 °C in
dry air. Metallurgical and Materials Transactions A 39 (2008), S. 183
[349] Toma, T.D. ; Meuris, M. ; Köster, U: Oxidation of Zr-based metallic glasses in air.
Journal of Non-Crystalline Solids 250 (1999), S. 719
[350] Rao, P. ; Iwasa, M. ; Wu, J. ; Ye, J. ; Wang, Y.: Effect of Al2O3 addition on ZrO2
phase composition in the Al2O3-ZrO2 system. Ceramics International 30 (2004), S.
923
272
Bibliography
[351] Kang, W. ; Ran, L. ; Zhang, T.: Crystallization and thermophysical properties of
Cu46Zr47Al6Co1 bulk metallic glass. AIP Advances 3 (2013), S. 112115
[352] Javid, F.A. ; Mattern, N. ; Pauly, S. ; Eckert, J.: Effect of cobalt on phase formation,
microstructure, and mechanical Properties of Cu50-xCoxZr50 (x =2, 5, 10, 20 at.pct)
alloys. Metallurgical and Materials Transactions A 43 (2012), S. 2631
[353] Figueroa, I.A. ; Zhao, H. ; Gonzalez, S. ; Davies, H.A. ; Todd, I.: Bulk glass
formability for Cu-Hf-Zr-Ag and Cu-Zr-Ag-Si alloys. Journal of Non-Crystalline
Solids 354 (2008), S. 5181
[354] Neumann, W. ; Leonhardt, M. ; Löser, W. ; Sellger, R. ; Jurisch, M.: Effect of
ribbon-wheel contact on the microstructure of melt-spun Al-Cu eutectic alloy ribbons.
Journal of Materials Science 20 (1985), S. 3141
[355] Pauly, S. ; Das, J. ; Mattern, N. ; Kim, D.H. ; Eckert, J.: Phase formation and
thermal stability in Cu-Zr-Ti(Al) metallic glasses. Intermetallics 17 (2009), S. 453
[356] Scott, M.S ; Ramachandrarao, P.: The kinetics of crystallisation of an Fe-P-C glass.
Materials Science and Engineering 29 (1977), S. 137
[357] Böhmer, R. ; Ngai, K.L. ; Angell, C.A. ; Plazek, D.J.: Nonexponential relaxations in
strong and fragile glass formers. The Journal of Chemical Physics 99 (1993), S. 4201
[358] Slipenyuk, A. ; Eckert, J.: Correlation between enthalpy change and free volume
reduction during structural relaxation of Zr55Cu30Al10Ni5 metallic glass. Scripta
Materialia 50 (2004), S. 39
[359] Yavari, A.R. ; Le Moulec, A. ; Inoue, A. ; Nishiyama, N. ; Lupu, N. ; Matsubara,
E. ; Botta, W.J. ; Vaughan, G. ; Di Michiel, M ; Kvick, Ã.: Excess free volume in
metallic glasses measured by X-ray diffraction. Acta Materialia 53 (2005), S. 1611
[360] Eigenmann, B. ; Macherauch, E.: Röntgenographische Untersuchung von Spannung-
szuständen in Werkstoffen. Materials Science & Engineering Technology 26 (1995), S.
148
[361] Withers, P.J. ; Bhadeshia, H.K.D.H.: Residual stress. Part 1 - measurement techniques.
Materials Science and Technology 17 (2001), S. 355
[362] Narayanaswamy, O.S. ; Gardon, R.: Calculation of residual stresses in glass. Journal
of the American Ceramic Society 52 (1969), S. 554
[363] Withers, P.J.: Residual stress and its role in failure. Reports on Progress in Physics
70 (2007), S. 2211
273
Bibliography
[364] Lee, E.H. ; Rogers, T.G. ; Woo, T.C.: Residual stresses in a glass plate cooled
symmetrically from both surfaces. Journal of the American Ceramic Society 48
(1965), S. 480
[365] Sinha, N.K.: Stress state in tempered glass plate and determination of heat-transfer
rate. Experimental Mechanics 18 (1977), S. 25
[366] Gardon, R.: Tempering Glass with Modulated Cooling Schedules. Journal of the
American Ceramic Society 71 (1988), S. 876
[367] Méar, F.O. ; Vaughan, G. ; Yavari, A.R. ; Greer, A.L.: Residual-stress distribution
in shot-peened metallic-glass plate. Philosophical Magazine Letters 88 (2008), S. 757
[368] Jiang, W.H .. ; Atzmon, M.: The effect of compression and tension on shear-
band structure and nanocrystallization in amorphous Al90Fe5Gd5: a high-resolution
transmission electron microscopy study. Acta Materialia 51 (2003), S. 4095
[369] Kovacs, Z. ; Henits, P. ; Zhilyaev, A.P. ; Révész, A.: Deformation induced primary
crystallization in a thermally non-primary crystallizing amorphous Al85Ce8Ni5Co2
alloy. Scripta Materialia 54 (2006), S. 1733
[370] Li, Y. ; Georgarakis, K. ; Pang, S. ; Ma, C. ; Vaughan, G. ; Yavari,
A.R. ; Zhang, T.: Real time synchrotron radiation studies on metallic glass
(Zr0.55Al0.1Ni0.05Cu0.3)99Y1 after cold rolling. Intermetallics 17 (2009), S. 231
[371] Yan, Z. ; Song, K.K. ; Hu, Y. ; Dai, F. ; Chu, Z. ; Eckert, J.: Localized crystallization
in shear bands of a metallic glass. Scientific Reports 6 (2016), S. 19358
[372] Li, J. ; Wang, Z.L. ; Hufnagel, T.C.: Characterization of nanometer-scale defects
in metallic glasses by quantitative high-resolution transmission electron microscopy.
Physical Review B 65 (2002), S. 144201
[373] Hajlaoui, K. ; Alrasheedi, N.H. ; Yavari, A.R.: Direct observation of shear- in-
duced nanocrystal attachment and coalescence in CuZr-based metallic glasses: TEM
investigation. Journal of Alloys and Compounds accepted manuscript (2016)
[374] Shin, J.H. ; Kim, D.I. ; Cho, K.M. ; Suematsu, H. ; Kim, K.H. ; Nowak, R.:
Plasticity-induced nanocrystallization in a Zr65Cu35 thin film metallic glass. Journal
of Non-Crystalline Solids 362 (2013), S. 65
[375] Thomas, J. ; Gemming, T.: Analytische Transmissionselektronenmikroskopie. 1.
Wien : Springer-Verlag, 2013
274
Bibliography
[376] Pogatscher, S. ; Uggowitzer, P.J. ; Löffler, J.F.: In-situ probing of metallic glass
formation and crystallization upon heating and cooling via fast differential scanning
calorimetry. Applied Physics Letters 104 (2014), S. 251908
[377] Kim, Y.J. ; Busch, R. ; Johnson, W.L. ; Rulison, A.J. ; Rhim, W.K.: Experimental
determination of a time-temperature-transformation diagram of the undercooled
Zr41.2Ti13.8Cu12.5Ni10.0Be22.5 alloy using the containerless electrostatic levitation
processing technique. Applied Physics Letters 68 (1996), S. 1057
[378] Schroers, J. ; Busch, R. ; Masuhr, A. ; Johnson, W.L.: Continuous refinement of the
microstructure during crystallization of supercooled Zr41Ti14Cu12Ni10Be23 melts.
Applied Physics Letters 74 (1999), S. 2806
[379] Wang, W.H. ; Bai, H.Y.: Role of small atoms in the formation and properties of
Zr-Ti-Cu-Ni-Be bulk amorphous alloys. Journal of Applied Physics 84 (1998), S. 5961
[380] Jiang, J.Z. ; Zhou, T.J. ; Rasmussen, H. ; Kuhn, U. ; Eckert, J. ; Lathe, C.:
Crystallization in Zr41.2Ti13.8Cu12.5Ni10Be22.5 bulk metallic glass under pressure.
Applied Physics Letters 77 (2000), S. 3553
[381] Küchemann, S. ; Samwer, K.: Ultrafast heating of metallic glasses reveals disordering
of the amorphous structure. Acta Materialia 104 (2016), S. 119
[382] Busch, R.: The thermophysical properties of bulk metallic glass-forming liquids. The
Journal of The Minerals, Metals & Materials Society (TMS) (JOM) 52 (2000), S. 39
[383] Møller, J.: Random Tessellations in Rd. Advances in Applied Probability 21 (1989),
S. 37
[384] Ohser, J. ; Lorz, U. ; Ohser, J. (Hrsg.): Quantitative Gefügeanalyse: theoretische
Grundlagen und Anwendung. Dt. Verlag für Grundstoffindustrie, 1994 (Freiberger
Forschungshefte / B: Metallgewinnung, Metallurgie, Werkstoffwissenschaft)
[385] Wang, H. ; Herlach, D.M. ; Liu, R.P.: Dendrite growth in Cu50Zr50 glass-forming
melts, thermodynamics vs. kinetics. Europhysics Letters 105 (2014), S. 36001
[386] Tang, C. ; Harrowell, P.: Anomalously slow crystal growth of the glass-forming alloy
CuZr. Nature Materials 12 (2013), S. 507
[387] Tamura, T. ; Amiya, K. ; Rachmat, R.S. ; Mizutani, Y. ; Miwa, K.: Electromagnetic
vibration process for producing bulk metallic glasses. Nature Materials 4 (2005), S.
289
275
Bibliography
[388] Tamura, T. ; Kamikihara, D. ; Mizutani, Y. ; Miwa, K.: Effects of electromagnetic
vibrations on glass-forming ability in Fe-Co-B-Si-Nb bulk metallic glasses. Materials
Transactions 47 (2006), S. 1360
[389] Tamura, T. ; Kamikihara, D. ; Omura, N. ; Miwa, K.: Effect of electromagnetic
vibrations on Fe-Co-B-Si-Nb bulk metallic glasses. Materials Transactions 48 (2007),
S. 53
[390] Miglierini, M. ; Prochazka, V. ; Rüffer, R. ; Zboril, R.: In situ crystallization of
metallic glasses during magnetic field annealing. Acta Materialia 91 (2015), S. 50
[391] Galenko, P.K. ; Funke, O. ; Wang, J. ; Herlach, D.M.: Kinetics of dendritic
growth under the influence of convective flow in solidification of undercooled droplets.
Materials Science and Engineering: A 375-377 (2004), S. 488
[392] Kobatake, H. ; Brillo, J.: Density and viscosity of ternary Cr–Fe–Ni liquid alloys.
Journal of Materials Science 48 (2013), S. 6818
[393] Evenson, Z. ; Raedersdorf, S. ; Gallino, I. ; Busch, R.: Equilibrium viscosity of
Zr-Cu-Ni-Al-Nb bulk metallic glasses. Scripta Materialia 63 (2010), S. 573
[394] Blodgett, M.E. ; Egami, T. ; Nussinov, Z. ; Kelton, K.F.: Proposal for universality in
the viscosity of metallic liquids. Scientific Reports 5 (2015), S. 13837
[395] Willnecker, R. ; Herlach, D. ; Feuerbacher, B.: Evidence of non-equilibrium processes
in rapid solidification of undercooled metals. Physical Review Letters 62 (1989), S.
2135
[396] Treacy, M.M.J. ; Gibson, J.M.: Variable coherence microscopy: A rich source of
structural information from disordered materials. Acta Crystallographica Section A
52 (1996), S. 212
[397] Müller, C. ; Rentenberger, C.: Structural analysis of flash-annealed CuZr based bulk
metallic glass, Universität Wien, Diplomarbeit, 2016
[398] Scudino, S. ; Shakur Shahabi, H. ; Stoica, M. ; Kaban, I. ; Escher, B. ; Kühn, U.
; Vaughan, G.B.M. ; Eckert, J.: Structural features of plastic deformation in bulk
metallic glasses. Applied Physics Letters 106 (2015), S. 031903
[399] Fließbach, T.: Elektrodynamik - Lehrbuch zur theoretischen Physik II. 5. Heidelberg :
Spektrum Akademischer Verlag, 2008
[400] Avrami, M.: Granulation, phase change, and microstructure kinetics of phase change.
III. The Journal of Chemical Physics 9 (1941), S. 177
276
Bibliography
[401] Barmak, K.: A commentary on: "Reaction kinetics in processes of nucleation and
growth". Metallurgical and Materials Transactions A 41 (2010), S. 2711
[402] Scherer, G.W.: Editorial comments on a paper by Gordon Fulcher. Journal of the
American Ceramic Society 75 (1992), S. 1060
277
